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Abstract

Bainite, defined as neither pearlite nor martensite, but as a mixture of bainitic ferrite
and a second phase, is perhaps the most debated microstructure in steel science. Over
time, the thermodynamic and kinetic aspects of bainite transformation theory have been
progressively adapted to new evidence and concepts as they emerged. The question
now is mostly reduced to whether or not bainitic ferrite initially forms with fully
supersaturation of carbon.

Previous observations indicate that large quantities of excess carbon persist in body-
centered tetragonal (bct) bainitic ferrite in spite of prolonged heat treatment. This work
shows that the overall structure in the ferritic phase of low temperature bainite consists
of a bct lattice at metastable equilibrium where carbon clusters of a definite composition
are embedded in a carbon-depleted matrix. This phase separation is thought to develop
as a consequence of a conditional spinodal decomposition mechanism, where initial full
(or almost full) supersaturation of the freshly-formed ferrite is needed. The interaction
of carbon with point defects and the subsequent formation of C–vacancy complexes
would further assist in retaining carbon in the supersaturated matrix.

In addition to tetragonal ferrite and carbon-enriched austenite, cementite and the
transient η–carbide are present in low temperature bainite. These two latter compounds
together with dislocations are important sinks for carbon, and need to be considered in
order to satisfy the mass balance for carbon.





Index

List of figures xiii

List of tables xxi

Symbols xxiii

1 Introduction 1

1.1 About phase transformations in ferrous alloys . . . . . . . . . . . . . 2

1.2 Bainite . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4

1.3 Morphologies of isothermally transformed bainite . . . . . . . . . . . 5

1.4 Shape deformation . . . . . . . . . . . . . . . . . . . . . . . . . . . 8

1.5 Kinetics of bainite transformation . . . . . . . . . . . . . . . . . . . 10

1.6 Thermodynamics of bainite transformation . . . . . . . . . . . . . . . 13

1.6.1 Thermodynamics of nucleation . . . . . . . . . . . . . . . . . 13

1.6.2 Thermodynamics of growth . . . . . . . . . . . . . . . . . . 15

1.7 Low temperature bainite . . . . . . . . . . . . . . . . . . . . . . . . 17

1.7.1 Carbon excess in low temperature bainite . . . . . . . . . . . 19

1.7.2 Carbon allocation anomalies in low temperature bainite . . . . 24

Motivation 27

2 Materials and methods 29

2.1 Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 30



x Index

2.2 Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 31

2.2.1 Diffraction analyses . . . . . . . . . . . . . . . . . . . . . . 31

2.2.2 Atom probe tomography analyses . . . . . . . . . . . . . . . 34

2.2.3 Positron annihilation spectroscopy . . . . . . . . . . . . . . . 40

3 Carbon content in the ferritic phase of high-silicon steels 45

3.1 Tetragonal ferrite . . . . . . . . . . . . . . . . . . . . . . . . . . . . 46

3.2 Carbon concentration measurements by atom probe tomography . . . 49

3.3 Mass-to-charge spectra . . . . . . . . . . . . . . . . . . . . . . . . . 55

3.4 Validation of the analytical procedure . . . . . . . . . . . . . . . . . 56

3.5 Carbon concentration measurements in the bainitic ferrite matrix . . . 59

3.6 Carbon supersaturation in ferrite and tetragonality . . . . . . . . . . . 60

4 Carbon–vacancy interaction and carbon clustering in low temperature
bainite 63

4.1 Interaction between carbon atoms and lattice defects . . . . . . . . . 64

4.2 Carbon clustering in bainitic ferrite . . . . . . . . . . . . . . . . . . . 66

4.2.1 Transmission electron microscopy observations . . . . . . . . 66

4.2.2 Atom probe tomography analyses . . . . . . . . . . . . . . . 68

4.3 Carbon redistribtution during bainite transformation . . . . . . . . . . 73

4.3.1 Thermodynamics of spinodal decomposition and carbon seg-
regation to defects . . . . . . . . . . . . . . . . . . . . . . . 73

4.3.2 Spinodal decomposition and carbon segregation to defects . . 75

5 Quantitative assessment of carbon allocation anomalies 81

5.1 Carbon content in solid solution . . . . . . . . . . . . . . . . . . . . 82

5.1.1 In situ synchrotron X-ray measurements . . . . . . . . . . . . 82

5.1.2 Ex situ synchrotron X-ray measurements . . . . . . . . . . . 87

5.1.3 Observations of iron carbides . . . . . . . . . . . . . . . . . 90

5.2 Carbon content of lattice defects and carbon deficit . . . . . . . . . . 97



Index xi

Conclusions 101

References 103





List of figures

1.1 Bright field TEM images of (a) lower bainite obtained after transfor-
mation at 375 ◦C for 1800 s in a 0.30C–0.25Si–1.22Mn (wt.%) steel,
(b) upper bainite obtained after transformation at 500 ◦C for 1800 s
in a 0.30C–0.25Si–1.22Mn (wt.%) steel, (c) lower bainite obtained
after transformation at 375 ◦C for 1100 s in a 0.29C–1.48Si–2.06Mn
(wt.%) steel, (d) carbide-free bainite obtained after transformation at
400 ◦C for 1800 s in a 0.29C–1.48Si–2.06Mn (wt.%) steel, and (e) low
temperature bainite obtained after transformation at 250 ◦C for 30 h
in a 0.98C–1.46Si–1.89Mn–1.26Cr (wt.%) steel; the inset shows a
magnified image of a ferrite plate evidencing the presence of carbides.
Courtesy of F. G. Caballero. . . . . . . . . . . . . . . . . . . . . . . 7

1.2 (a) Bain distortion for an fcc to bct transformation, after Bain (1924),
and (b) Scheme of the IPS deformation, where δ and s are the mag-
nitudes of the dilatational and shear displacements, respectively. The
coarse plate outlined with gray dashed lines is less favored when com-
pared with the thinner one because the magnitude of the displacements
increases with thickness, after Bhadeshia (2017). . . . . . . . . . . . 9

1.3 TTT diagram of a 0.64C––1.13Mn––0.094Si steel. After Davenport and
Bain (1930) and Paxton (1970). . . . . . . . . . . . . . . . . . . . . . 11

1.4 Microstructural features relevant in the kinetic description of a marten-
sitically produced bainitic microstructure. . . . . . . . . . . . . . . . 12

1.5 (a) Effect of carbon content on the MS temperature in the Fe––C system,
after Speich and Leslie (1972) and (b) Gibbs free energies in the Fe––C
system at 700 K (427 ◦C), adapted from Pitsch and Sauthoff (1992). . 14



xiv List of figures

1.6 Schematic illustration of the origin of the (a) T0 and (b) T ′
0 curves on

the phase diagram. The T ′
0 curve incorporates the strain energy term

for ferrite, illustrated on the diagram by raising the free energy curve
of ferrite by the term ∆Gs. A′

e1 and A′
e3 refer to the paraequilibrium

phase boundaries α/(α+γ) and (α+γ)/γ, respectively. A′′
e1 and A′′

e3

are the corresponding phase boundaries allowing for the stored energy. 16

1.7 Schematics of carbon distribution in ferrite and austenite at succes-
sively increasing times (ti) after growth of a ferrite subunit has ceased,
after Kinsman and Aaronson (1967). . . . . . . . . . . . . . . . . . . 17

1.8 (a) Calculated transformation start temperatures in a Fe–2Si–3Mn
(wt.%) steel as a function of the carbon concentration, and (b) cal-
culated time required to initiate bainite transformation, after Garcia-
Mateo et al. (2003). . . . . . . . . . . . . . . . . . . . . . . . . . . . 18

1.9 Carbon content in bainitic ferrite as a function of the transformation
temperature for steels of varying compositions given in wt.%. The
paraequilibrium phase boundaries between ferrite and austenite and
ferrite and cementite were calculated using commercially available
software in combination with the SGSOL-SGTE Solution Database
3.0. Adapted from Caballero et al. (2012); Garcia-Mateo et al. (2015). 20

1.10 APT measurements on a 0.66C–1.45Si–1.35Mn–1.02Cr–(wt.%) steel
transformed at 220 ◦C for 168 h showing carbon isoconcentration sur-
faces at 6 at.% superimposed with the carbon atom map and proximity
histograms across the interfaces indicated by arrows which correspond
to (a) ferrite/austenite interface, (b) ferrite/cluster interface and (c)
ferrite/carbide interface. The carbon concentration illustrated has been
measured over the carbon plateau away from the interface, indicated
by boxes. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 21

2.1 (a) Complete Debye-Scherrer rings from a steel sample and (b) diffrac-
tion spectra after 360° intensity integration across diffraction rings in
(a) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33

2.2 Schematic description of a local electrode atom probe. Vp is the
voltage pulse and MCP stands for micro-channel plate. . . . . . . . . 34

2.3 Selected region of a mass-to-charge spectrum from a steel sample
containing V, Cr, Mn, Fe, Ni, P and Cu. . . . . . . . . . . . . . . . . 36



List of figures xv

2.4 Atom maps for the distributions of Fe, Si, Cr, Mn and C in three
dimensions in an APT specimen containing 15×106 ions obtained
from the 0.7C steel transformed at 250 ◦C for 8 h (0.7C/250). Only
105 random ions are represented for each element. . . . . . . . . . . . 38

2.5 Schematics of the trajectory aberrations induced by (a) a low-field pre-
cipitate embedded y a high-field matrix and (b) a high-field precipitate
embedded in a low-field matrix. Adapted from Gault et al. (2012). . . 39

2.6 Schematic description of positron annihilation indicating the basis
for three experimental techniques: lifetime, angular correlation and
Doppler broadening. Adapted from (Siegel, 1978) . . . . . . . . . . . 41

2.7 (a) Two-dimensional display of coincident events collected with alu-
minum samples and (b) corresponding projection of events along the
diagonal. The spectrum contains a total of 33×106 events. Adapted
from Harrich et al. (2003) . . . . . . . . . . . . . . . . . . . . . . . . 44

3.1 Observed XRD pattern (blue open circles) and calculated intensity by
Rietveld refinement analyses (red solid line) obtained in the 0.7C/250
structure considering a mixture of (a) bcc ferrite (α) and austenite (γ)
and (b) bct ferrite and (α′) austenite (γ). The differences between
experimental data and the fitted simulated pattern are plotted as a con-
tinuous gray line at the bottom, and the contributions of the component
phases are plotted in different colors (orange for ferrite and green for
austenite). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 46

3.2 Observed XRD pattern (blue open circles) and calculated intensity
by Rietveld refinement analyses (red solid line) obtained in (a) the
0.7C/PER structure considering a mixture of bcc ferrite (α) and ce-
mentite (θ) and (b) the 0.7C/M structure considering a mixture of bct
ferrite and (α′) austenite (γ). The differences between experimental
data and the fitted simulated pattern are plotted as a continuous gray
line at the bottom, and the contribution of the component phases are
plotted in different colors (orange for ferrite, green for austenite and
pink for cementite). . . . . . . . . . . . . . . . . . . . . . . . . . . . 47



xvi List of figures

3.3 (a) APT carbon atom map of the 0.7C/220+6d sample and (b) Proba-
bility for a carbon ion to be isolated as a function of the distance d and
(c) Probability for a carbon ion to be isolated as a function of n in the
volume shown in (a), where the black solid line represents the linear
fit for the matrix contribution regime according to Eq. 3.4 . . . . . . . 50

3.4 Relationship between the uncorrected carbon and the corresponding
background in the mass spectra extracted from the volume shown in
Figure 3.4. The solid line at the bottom delimits the region where the
carbon concentration is greater than the background. Note that the
carbon axis is represented in logarithmic scale. . . . . . . . . . . . . 53

3.5 (a) Example of an APT mass spectrum of bainite obtained from the
1.0C/250 sample. Significant peaks for the alloying elements C, Fe,
Si, Mn, Cr, Mo, Ni and Cu are marked. (b) and (c) mass spectra for
pearlitic ferrite and pearlite, respectively in the 0.7C/PER sample. . . 55

3.6 APT carbon atom maps of the 1.0C/PER sample in (a) pearlitic ferrite
region and (b) cementite/ferrite interphase . . . . . . . . . . . . . . . 57

3.7 Detector event histograms for (a) pearlitic ferrite APT reconstruction
obtained from the 1.0C/PER microstructure and (b) bainite APT re-
construction obtained from the 0.3C/350 microstructure. Note the
presence of a low-index pole in pearlitic ferrite (enclosed by the white
circle). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 58

4.1 CDB ratio spectra for the microstructures obtained from the 0.7C steel
normalized by the CDB spectrum of a pure annealed iron reference
sample. The normalized CDB ratio curves for C, Si, Mn and Cr are
shown for comparison. . . . . . . . . . . . . . . . . . . . . . . . . . 65

4.2 (a) BF-TEM image of the 1.0C/250 structure; (b) [001]α ′ SAED pattern
corresponding to a region within the α phase in (a); and (c) [001]α ′

SAED pattern corresponding to a different region within the α phase
in (a). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 67

4.3 (a) HR-TEM image in the ferritic phase of the 1.0C steel isothermally
transformed at 250 ◦C; (b) FFT taken from (a). Diffraction conditions
are about the same as those in Fig. 4.2. . . . . . . . . . . . . . . . . . 68



List of figures xvii

4.4 (a) APT carbon atom map of the 0.7C/220 microstructure and (b)
8 at.% C isoconcentration surfaces superimposed to a rotated view
of (a); (c) 1D concentration profile across the carbon-rich feature
indicated by an arrow, (d) 1D concentration profile across the carbon-
rich feature indicated by an arrow, and (e) carbon composition relative
to the position of a 20 at.% C isoconcentration surface of the feature
indicated by an arrow. The error bars in the concentration profiles
represent the statistical error as calculated by Danoix et al. (2007). . . 69

4.5 (a) APT carbon atom map of the 0.7C/220 microstructure containing
only bainitic ferrite and carbon clusters and (b) four different views
rotated 120°counterclockwise to each other of the 4 at.% C isoconcen-
tration surfaces superimposed to (a). . . . . . . . . . . . . . . . . . . 72

4.6 Schematic illustration of the Gibbs free energies of ferrite for (a) spin-
odal decomposition and (b) carbon segregation to defects at constant
temperature. Gα is the Gibbs free energy for perfect ferrite, Gα

s is the
Gibbs free energy for ferrite with a miscibility gap and Gα

d is the Gibbs
free energy for defect-containing ferrite. xs and x′′s are the equilibrium
compositions of the carbon-poor and carbon-rich regions in ferrite
undergoing spinodal decomposition, respectively, xααd is the composi-
tion of defect-free ferrite in equilibrium with ferrite containing defects,
and xαdα is the composition of defect-containing ferrite in equilibrium
with ferrite free from defects. . . . . . . . . . . . . . . . . . . . . . . 74

4.7 Average carbon content of bainitic ferrite as determined by XRD (Cα ′),
amount of carbon randomly distributed in the low-carbon regions of
bainitic ferrite (Cα ) and bulk composition of the structures (Cbulk) rela-
tive to the order-disorder temperature, the α′′–spinodal curves (Naraghi
and Selleby, 2011; Naraghi et al., 2014), and the the A′′

e1 paraequilib-
rium phase boundary α/(α+γ) as a function of the transformation
temperature. Note that the martensitic structure obtained from the 0.7C
steel (0.7C/M) is represented as naturally aged at 25 ◦C. . . . . . . . . 77

4.8 (a) APT carbon atom map of the 0.7C/M microstructure containing
only bainitic ferrite and carbon clusters and (b) four different views
rotated 60°counterclockwise to each other of the 6 at.% C isoconcen-
tration surfaces superimposed to (a). . . . . . . . . . . . . . . . . . . 78



xviii List of figures

5.1 Peak characteristics during the bainite transformation stage at times of
2n h for the 1.0C steel transformed at (a) 220 ◦C and (b) 250 ◦C. The
start of the isothermal holding treatment is taken as the zero time for
reference. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 82

5.2 Comparison of the observed (blue open circles) and calculated (red
solid line) SR-XRD pattern obtained after Rietveld refinement of the
1.0C steel transformed at 250 ◦C for 3 h using bct ferrite and the
crystal structure of (a) one fcc austenite and (b) two fcc austenites.
The differences between experimental data and the fitted simulated
patterns are plotted as a continuous gray line at the bottom, and the
contributions of the component phases are shown in different colors. α′

is bct ferrite, γ− is the low-carbon austenite and γ+ is the high-carbon
austenite. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 84

5.3 Results of the Rietveld refinement in the diffraction patterns selected
during isothermal bainitic transformation of the 1.0C steel. (a) Evolu-
tion of ferrite and austenite during transformation at 220 and 250 ◦C,
(b) evolution of the (c/a)α ′ ratio in tetragonal bainitic ferrite during
transformation at 220 and 250 ◦C, and (c) evolution of the lattice pa-
rameter of austenite during transformation at 220 and 250 ◦C. α′ is
bct ferrite, γ− is the low-carbon austenite and γ+ is the high-carbon
austenite. Gray symbols represent structures transformed at 220 ◦C
and black symbols represent structures transformed at 250 ◦C. The
start of the isothermal holding treatment is taken as the zero time for
reference. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85

5.4 Observed SR-XRD pattern (blue open circles) and calculated intensity
by Rietveld refinement analyses (red solid line) obtained after transfor-
mation at 250 ◦C for 15 h of the 1.0C steel considering a mixture of
(a) bct ferrite and austenite and (b) bct ferrite, austenite and carbides.
The differences between experimental data and the fitted simulated
pattern are plotted as a continuous gray line at the bottom, and the
contribution of the component phases in different colors (orange for
ferrite and green for austenite, light pink for cementite and dark blue
for η–carbide). α′ is bct ferrite, γ+ is the high-carbon austenite, θ is
cementite and η is η–carbide. . . . . . . . . . . . . . . . . . . . . . . 87



List of figures xix

5.5 Carbon content in austenite of the 1.0C steel transformed at 220 for
16 h and 250 ◦C for 15 h and calculated T ′

0 and Ae′′3 curves. The dashed
line represent the nominal composition of the steel, γ− and γ+ are the
low-carbon and the high-carbon austenite populations respectively. . . 90

5.6 Transmission electron micrograph of the 1.0C steel isothermally trans-
formed at 250 ◦C for 15 h, (a) [311]α ′ zone axis BF TEM micrograph;
(b) [311]α ′ SAED pattern corresponding to the ferrite matrix in (a);
and (c) key diagram where filled black circles correspond to matrix
reflections, filled gray and open circles correspond to reflections of
two different variants of η–carbide and open triangles correspond to
cementite reflections. . . . . . . . . . . . . . . . . . . . . . . . . . . 91

5.7 (a) Carbon atom map of the 1.0C steel transformed at 250 ◦C for 15 h
and compositions of C, Si, Mn and Cr relative to the position of the
7 at.% C isoconcentration surfaces indicated by the arrows across (b)
a carbide and (c) carbon clusters. The error bars in the concentration
profiles represent the statistical error as calculated by Danoix et al.
(2007). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 93

5.8 Carbon atom map with superimposed carbon isoconcentration surfaces
at 10 at.% C for the 1.0C steel transformed at 220 ◦C for 16 h and (b)
2D projection contour map of a 36×36×10 nm3 volume containing
the dislocation feature marked by an arrow. . . . . . . . . . . . . . . 99





List of tables

2.1 Chemical composition of the high-silicon steels studied. . . . . . . . 30

2.2 Relevant transformation parameters of the bainitic samples. . . . . . . 31

3.1 Results of the Rietveld XRD pattern refinement analyses on the studied
structures. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 48

3.2 Carbon content of ferrite for the studied structures as obtained by APT
measurements. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 59

4.1 PLS results for the structures formed in the 0.7C steel. . . . . . . . . 64

4.2 Carbon content in the different domains composing bainitic ferrite. . . 71

5.1 Evolution of the peak position (2ϑ) and width (full width at half maxi-
mum, FWHM) of the {002}γ austenite reflection as a function of time
during bainitic transformation at 220 and 250 ◦C in the 1.0C steel. The
start of the isothermal holding treatment is taken as the zero time for
reference. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 83

5.2 Results of Rietveld refinement on X-ray synchrotron diffraction inte-
grated patterns at room temperature after transformation of the 1.0C
steel at 220 ◦C for 16 h and 250 ◦C for 15 h. . . . . . . . . . . . . . . 88

5.3 Carbon content in ferrite and austenite at room temperature as deter-
mined from SR-XRD data after transformation of the 1.0C steel at
220 ◦C for 16 h and 250 ◦C for 15 h. . . . . . . . . . . . . . . . . . . 89

5.4 Estimation of the carbon distribution in the bainitic structures obtained
in the 1.0C steel isothermally transformed at 220 ◦C for 16 h and
250 ◦C for 15 h. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 99





Symbols

Roman Symbols
ai,bi,ci Lattice parameter(s) of the phase i
b Burgers vector
c Speed of light
(c/a)α ′ Lattice parameter ratio in body-centered tetragonal ferrite as determined

by X-ray diffraction
d Radius of a sphere
f Molar fraction of the carbon-rich phases in the atom probe volume

analyzed
k Number of defect types contributing to the positron trapping
kX

α/θ∨η
Partitioning coefficient for a given alloying element (X) across a fer-
rite/carbide interface

m0 Electron rest mass
n Average number of solute atoms within a sphere of radius d
nmax Value which limits the linear fit in Eq. 3.4 to data of statistical significance
nmin Value which makes the carbon-enriched features contribution negligible

against the matrix contribution in Eq. 3.4
pL Longitudinal component of the electron-positron momentum along the

direction of the γ–ray emission
r0 Dislocation core radius
s Shear component of the invariant plane strain
siso Standard error of the calculated slope in Eq. 3.4
sm Statistical error associated to the uncorrected concentration of carbon in

the matrix of the atom probe volume analyzed
scorr

m Statistical error associated to the corrected concentration of carbon in the
matrix of the atom probe volume analyzed

tb Bainite isothermal transformation time



xxiv Symbols

v Fraction of atoms belonging to carbon-rich regions in the atom probe
volume analyzed

x Composition (generic)
xααd Calculated carbon content of defect-free ferrite in equilibrium with

defect-containing ferrite
xαdα Calculated carbon content of defect-containing ferrite in equilibrium

with defect-free ferrite
xαγ Calculated carbon content of ferrite which is in metastable equilibrium

with austenite
x′′αγ Calculated carbon content of ferrite which is in metastable paraequilib-

rium with austenite allowing for the stored energy in ferrite
xαθ Calculated carbon content of ferrite which is in equilibrium with cemen-

tite
xγ Calculated carbon content of austenite
xγα Calculated carbon content of austenite which is in metastable equilibrium

with ferrite
x′′γα Calculated carbon content of austenite which is in metastable paraequi-

librium with ferrite allowing for the stored energy in ferrite
xθ Calculated carbon content of cementite
xs Calculated equilibrium carbon content of carbon-poor ferrite considering

a miscibility gap
x′′s Calculated equilibrium carbon content of carbon-rich ferrite considering

a miscibility gap
x′T0

Calculated carbon content of austenite at the T ′
0 curve

xC/y Encoding of the samples studied, where x and y are the carbon con-
tent of the steel (in wt.%) and the bainite transformation temperature,
respectively

Ac3 Temperature of the γ/(α+γ) phase boundary as determined from dilato-
metric measurements

Acm Temperature of the γ/(γ+θ) phase boundary as determined from dilato-
metric measurements

A′
e1 Calculated temperature of the α/(α+γ) paraequilibrium phase bound-

ary
A′′

e1 Calculated temperature of the α/(α+γ) paraequilibrium phase boundary
allowing for the stored energy in ferrite

A′
e3 Calculated temperature of the (α+γ)/γ paraequilibrium phase boundary



Symbols xxv

A′′
e3 Calculated temperature of the (α+γ)/γ paraequilibrium phase boundary

allowing for the stored energy in ferrite
Bkgi Background corresponding to the concentration of the carbon ions in the

atom probe volume analyzed
Bkgim Background corresponding to the concentration of the carbon ions in the

matrix of the atom probe volume analyzed
BS Maximum temperature at which the formation of bainite is detectable
C0 Overall composition in carbon atoms in the atom probe volume analyzed
Cα/γ Average carbon concentration in ferrite/austenite interfaces
Cα Amount of carbon randomly distributed in the low-carbon regions of

bainitic ferrite as determined by atom probe tomography
Cα ′ Average carbon content of body-centered tetragonal ferrite as determined

from X-ray diffraction
Cα ′′ Average carbon content of clusters as determined by atom probe tomog-

raphy
CAPT

α Amount of carbon randomly distributed in ferrite as determined by atom
probe tomography according to the procedure described in this work

CCottrell
α Average carbon concentration in Cottrell atmospheres

CRe f
α Average carbon content of ferrite according to the atom probe tomog-

raphy values found in the literature (Garcia-Mateo et al., 2015) for the
same steel and transformation conditions

Cρ

α Average carbon concentration in regions of the ferrite lattice dilated by
the dislocation strain field

CXRD
α ′ Average carbon content of body-centered tetragonal ferrite as determined

from X-ray diffraction measurements according to Cheng et al. (1990)
Cη Average carbon content of stoichiometric Fe2C η–carbide
Cγ Average carbon content of austenite as determined from X-ray diffraction
Cγ+ Average carbon content of the high-carbon austenite as determined by

X-ray diffraction
Cγ− Average carbon content of the low-carbon austenite as determined by

X-ray diffraction
CRe f

γ Average carbon content of austenite as determined by X-ray diffraction
according to (Garcia-Mateo et al., 2012b)

Cθ Average carbon content of stoichiometric Fe3C cementite
Cbulk Average carbon content of the alloy
Cde f ects Average carbon content of defects



xxvi Symbols

Cde f icit Carbon deficit in the microstructure considering a mixture of body-
centered tetragonal ferrite, austenite, carbides and defects

Cγ,α ′

de f icit Carbon deficit in the microstructure considering a mixture of body-
centered tetragonal ferrite and austenite

Ci Uncorrected concentration of the carbon ions in the atom probe volume
analyzed

Ccorr
i Corrected concentration of the carbon ions in the atom probe volume

analyzed
Cim Uncorrected concentration of the carbon ions in the matrix of the atom

probe volume analyzed
Ccorr

im Corrected concentration of the carbon ions in the matrix of the atom
probe volume analyzed

Cm Carbon concentration in the depleted matrix in the atom probe volume
analyzed

Cp Carbon concentration in the enriched regions in the atom probe volume
analyzed

Css Average carbon content in solid solution
Dα ′ Bainitic ferrite crystallite size
E1,E2 Energies of the pair of annihilating γ–ray photons
EB Electron binding energy
Feα Average content of iron in ferrite
Feθ∨η Average content of iron in the carbide (either cementite or η–carbide)
G Gibbs free energy (generic)
Gα Gibbs free energy for ferrite
Gα

d Gibbs free energy for defect-containing ferrite
Gα

s Gibbs free energy for ferrite with a miscibility gap
Gγ Gibbs free energy for austenite
∆Gγ→α+γ Free energy change for the transformation of metastable austenite into a

mixture of equilibrium ferrite and austenite
∆Gγ→α+θ Free energy change for the transformation of metastable austenite into a

mixture of equilibrium ferrite and cementite
∆Gγ→α Free energy change for the transformation of metastable austenite into

ferrite of the same composition
∆Gγ→α ′

Free energy change for the transformation of metastable austenite into
martensite of the same composition

Gs Elastic strain energy per unit volume due to the invariant plane strain
MS Martensite start temperature



Symbols xxvii

N(t) Positron lifetime spectrum
N0 Total number of carbon atoms in the atom probe volume analyzed
NB Average counts per interval at the background of a mass-to-charge atom

probe spectrum.
NP Average counts per interval at the peak maximum of a mass-to-charge

atom probe spectrum.
NT Total number of atoms in the atom probe volume analyzed
NC

V Number of carbon atoms that can enter a unit volume of ferrite without
altering its lattice parameter

P1NN Integral sum of the first nearest neighbors distribution
Piso Probability of a carbon atom to be isolated within a sphere of radius d
P0 Probability of Poisson
Q Detection efficiency
R Effective distance to which the strain field of the dislocation extends
T0 Calculated temperature at which austenite and ferrite of the same compo-

sition have the same free energy
T ′

0 Calculated temperature at which austenite and ferrite of the same compo-
sition have the same free energy and the strain energy term for ferrite is
incorporated

Tb Bainite isothermal transformation temperature
Tγ Isothermal austenitization temperature
V Total atom probe volume analyzed
∆VC Volume change produced by a single carbon atom inserted into a unit

cell of ferrite
Vi Volume percent of the phase i
Xα Average content of the alloying element X in ferrite
Xθ∨η Average content of the alloying element X in the carbide (either cementite

or η–carbide)
X Alloying element

Greek Symbols
2ϑ Diffraction angle
α Ferrite (generic)
α′ Body-centered tetragonal ferrite, used to refer to either bainitic ferrite or

martensite
β Number of atoms in the atom probe volume analyzed which limit data of

statistical significance
δ Dilatation component of the invariant plane strain



xxviii Symbols

ξ Number sufficiently small to avoid the influence of the carbon-enriched
features interfaces in Eq. 3.4

εα ′ Microstrain in bainitic ferrite
ϵ Hexagonal closed-packed Fe2.4C ϵ-carbide
ϵ′ Equivalent orthorhombic cell of the hexagonal closed-packed Fe2.4C

ϵ-carbide
η Orthorhombic Fe2C η–carbide
Γ Expansion due to the strain field of a dislocation
γ Face-centered cubic austenite
γ+ High-carbon face-centered cubic austenite
γ− Low-carbon face-centered cubic austenite
Ω Atomic volume
ρ Dislocation density
τ Time delay between the emission of the positron and the electron-positron

annihilation
θ Orthorhombic Fe3C cementite

Acronyms / Abbreviations
bcc Body-centered tetragonal
bct Body-centered cubic
fcc Face-centered cubic
1NN First nearest neighbors distribution
APT Atom probe tomography
CDB Coincidence Doppler broadening
DIAM Distribution of isolated atoms for the determination of the matrix compo-

sition
FFT Fast Fourier transform
FIB Focused ion beam
FWHM Full width at half maximum
HP Habit plane
HR-STEM High-resolution scanning transmission electron microscopy
HR-TEM High-resolution transmission electron microscopy
IPS Invariant plane strain
MCP Micro-channel plate
OR Orientation relationship
PAS Positron annihilation spectroscopy
PLS Positron lifetime spectra
PTMT Phenomenological theory of martensite transformation



Symbols xxix

Q&P Quench and partitioning
SAED Selected area electron diffraction
SR-XRD Synchrotron radiation X-ray diffraction
TEM Transmission electron microscopy
TTT Time-temperature-transformation (diagram)
XRD X-ray diffraction





Chapter 1

Introduction

Bainite is definitely the most debated of all the austenite decomposition reactions,
for long surrounded by an aura of mystery. Over time, the overwhelming develop-
ment of characterization techniques and the concurrent implementation of these on
bainite reaction products, have left a scenario where there is little space for debate.
The thermodynamic and kinetic aspects of bainite transformation theory have been
progressively adapted to new evidence and concepts as they emerged. The question
now is mostly reduced to whether or not bainitic ferrite initially forms with fully
supersaturation of carbon. This Chapter summarizes the basic concepts of solid-state
phase transformations that bainite reaction involves and the latest milestones achieved
in terms of carbon supersaturation in bainitic ferrite.



2 Introduction

1.1 About phase transformations in ferrous alloys

Around 1250 B.C. King Hattusili III of the Hittites sent a letter to King Ramses II of
Egypt covering the delivery of a defective dagger. The letter said (Luckenbill, 1921):

“As to the good iron about which thou hast written to me: There is no good iron
in my sealed house in Kissuwadna. It is a bad time to make iron, but I have written
ordering them to make good iron. So far they have not finished it. When they finish it,
I will send it to thee. Behold, now, I am sending thee iron dagger-blade.”

About this letter, Alvin J. Herzig (1967) commented “It occurs to me that in the
long lines of communications which followed, each of us has accepted the task assigned
in that letter, but, alas, we have not yet finished it!”

It is a fact that a sword made of iron is too soft for practical use. Only when carbon
was added to iron could efficient weapons be made. A blacksmith would test iron from
every available source, forging, welding, heating, quenching and tempering it until at
last he found a “steely iron” that would stand up to war (Mayron, 1948). High-carbon
iron alloys were produced in Asia long before they came into vogue in Europe. For
instance, the traditional crucible or wootz steel started being manufactured in Southern
India in the seventh or sixth century B.C. (Forbes, 1950). The Persian Damascus blades
made from wootz steel were known to be the finest weapons then produced in Eurasia
and were reputed to cut even silk (Smith, 1988). Apparently, European bladesmiths
were unable to replicate the manufacturing process, and its secret was lost for a long
time. The celebrated scientist Michael Faraday, whose father was a blacksmith, was
enthusiastically interested in reproducing the steel (Day, 1995). The object of his
experiments was to ascertain whether any other substances were present in the wootz
than iron and carbon, with no attention to the relative proportion of these. I quote from
the paper: “I was desirious, among other researchers, to make an experiment, with a
view of imitating wootz. In this, however, I have not been very successful” (Faraday,
1819). He thought that wootz owed its excellence to any portion of the bases of the
earths, silex or alumine in a more perfect or different state of combination than he tried,
mistakenly obviating the effect of carbon, even if David Mushet (1805) had already
pointed that out a decade before Faraday’s experiments took place. A few years later,
Breant (1824) realized that the properties of the damasked steel were principally due
to “two states of combination in which the carbon exists in the steel”, where “carbon
has the chief influence not only in producing damask on steel, but also on its intrinsic
qualities”. We now know that the “two-state combination” of carbon in the Damascus
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steel that Breant was referring to is actually a banded mixture of spheroidized cementite
particles in a pearlitic matrix (Wadsworth and Sherby, 1980).

The potential of iron was largely pursued on an empirical basis until 1863, when
Henry Sorby performed the first examinations of the microstructure of iron and de-
scribed how iron and steel might be prepared for the microscope so as to exhibit their
structure that left little or nothing to be desired (Sorby, 1864). Twenty-two years later,
the use of lenses of high resolving power let him reveal the true composite nature of
what he called “pearly constituent” as an aggregate of parallel plates (Sorby, 1886,
1887). John Percy reflected on Sorby’s work, “I have sometimes fancied, or, perhaps,
dreamed, that what we call iron might not, after all, prove to be a single element, in the
chemical sense of that term; and I am not, I think, the only person who has shown such
signs of what most of my audience will probably regard as mental aberration.” Percy
was not deranged, and in a relatively short span of years, the subsequent examinations
as well as the deductions therefrom, led knowledge that the basis for the response of
iron-carbon alloys to heat treatment resided in the solid-state phase transformations to
which they are inherently susceptible.

Across the Pond, Sorby’s contemporary Josiah Willard Gibbs unified so much of
physical chemistry under the broad umbrella of what it is called now classical thermo-
dynamics. Gibbs reflected his work in the unfathomable 312-page and 700-equation
paper “On the Equilibrium of Heterogeneous Substances” (Gibbs, 1874-1878), which
remained silent for the scientific community until H.W. Bakhuis Roozeboom (1887)
put his ideas into practical representation and comprehensible language using phase
diagrams and Gibbs phase rule. The first Fe–C phase diagram was developed little later
(Roozeboom, 1900), and the following phase diagram lever-rule analyses of mesoscale
optical metallographic data provided useful insight. However, microstructural con-
stituents were then baptized with little understanding of their internal structures, and
before X-ray diffraction (XRD) was discovered by Max von Laue in 1912, molecular-
based theories of their chemical arrangements distracted and amused metallurgists.

In his autobiography, Albert W. Hull (1962) describes the visit of Sir William
Henry Bragg to his laboratory, who spoke about the X-ray crystal analysis work he
was carrying out with his son, Sir William Lawrence Bragg, and their failure in getting
the crystal structure of iron (although they succeeded in getting the Nobel Prize in
Physics). Hull challenged himself and successfully found the crystal structure of
α-iron (Hull, 1917a,b). Little later, Arne Westgren (1922); Westgren and Phragmen
(1924) in Sweden and Edgar C. Bain (1923) in the United States independently devised
high-temperature stages for in situ recording of X-ray diffraction diagrams to study



4 Introduction

the structures of iron, which allowed them to reveal the crystal symmetries of ferrite,
austenite and different carbide phases. Fortuitously, solid-state physics began its
emergence into a recognizable field at the time that physical metallurgy was doing
the same (Hoddeson et al., 1992), a synergy between both fields coming naturally.
XRD was complemented by transmission electron microscopy (TEM) in the 1950s
and microanalysis in the 1960s giving rise to a fresh reconsideration of older data
and inspiring new theories and approaches. This drastically shifted the paradigm for
understanding solids, entrenched in crystalline phases, defects, thermodynamics and
kinetic processes governing microstructural evolution (Hackenberg, 2012).

Perhaps the event that boosted modern steel science was the publication of Clarence
M. Zener’s classic theoretical papers on equilibrium relationships in steel and on kinet-
ics of decomposition of austenite (Zener, 1946a,b). His work covered the formation of
pearlite, bainite, and martensite, time-temperature-transformation (TTT) curves and
nucleation under basic physical principles in the field of thermodynamic properties
and phase transformations, which are still being further developed. The celebrated
metallurgist Mats Hillert (1986) gives a fascinating review on the impact of Zener upon
metallurgy.

It is not the intention of the present author to provide a complete review on the
development of phase transformations understanding in Fe-base alloys, but to let the
reader reflect on the tortuous path from the king’s dagger to modern steel science. There
still are phase transformations phenomena little understood, and far-from-complete
closure of experimental observation with theory that still inspire profound study.
Among all the reaction products of the austenite, bainite remains definitely the most
controversial one, and is the center stage of the present work. The inquisitive reader is
referred to the superb historical review on phase transformations in iron alloys written
by Robert E. Hackenberg (2012).

1.2 Bainite

Bainite transformation has arisen so much controversy that there is not even an agree-
ment to settle on a general and precise definition, based upon either microstructural or
kinetic features. For amateurs approaching to the problem for the first time, literature
turns out to be confusing, convoluted and at some point, one has the impression that the
intuition or the opinion of scientists steps in the scope of the experiment, guided by the
past experiences. A definition can be given which would hurt no sensitivities, as bainite
being a two-phase microstructure formed from austenite in the form of non-lamellar
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ferrite-carbide aggregates at temperatures below those of pearlitic transformation and
above those of martensitic transformation. This is rather a distinction from marten-
site and pearlite than a definition per se, but it is general enough to comprehend the
different forms that bainite adopts.

Although there is no doubt whatsoever that bainite grows via a displacive mecha-
nism, the question at the heart of the debate is whether bainite grows via a diffusional
or a diffusionless mechanism. To put it in a nutshell, the diffusion-controlled theory
states that carbon escapes during diffusional transformation of austenite to ferrite under
equilibrium or metastable equilibrium at the interface, whereas the diffusionless theory
states that the growth of baintic ferrite is rapid and without any diffusion of carbon. A
third reconciling mechanism suggests that ferrite grows with a partial supersaturation
of carbon, with the remaining carbon partitioning into austenite or forming carbides.
As pointed out by Hillert (2002b), “it is still difficult to understand how it is possible
that available experimental results can lead to so widely different opinions”. The
processes occurring during the different bainitic transformations depend essentially on
the transformation temperature, the carbon content and additional alloying elements,
what makes it difficult to find a holistic understanding of “bainite” as a whole entity
governed by a single transformation mechanism.

In the interest of brevity, the bainite controversy will not be reviewed. No re-
searchers to date have done the perfect experiment that directly shows the transforma-
tion mechanism. Until we can measure carbon and observe crystal structure accurately
at the same time, and to boot, in situ at the transformation temperature, there will
always be doubt on anyone’s result. In the following, the mechanisms and classes of
bainitic transformations will be described according to the present author’s personal
preferences. Nevertheless, the reader is encouraged to look over the different view-
points that a hundred years of history afford. Here there are listed some references
that lead back to classic work on the subject: Kaufman et al. (1962), Oblak and Hehe-
mann (1967), Ohmori et al. (1971), Hehemann et al. (1972), Purdy and Hillert (1984),
Bhadeshia and Christian (1990), Bramfitt and Speer (1990), Reynolds et al. (1990),
Spanos et al. (1990), Hillert (1994), Krauss (1995), Lemaire et al. (1996), Quidort and
Brechet (2001), Aaronson et al. (2002).

1.3 Morphologies of isothermally transformed bainite

The classical literature (Mehl, 1939) classifies isothermally produced bainite into two
categories, viz. lower bainite and upper bainite, depending on whether carbides are



6 Introduction

distributed within individual ferrite regions or in between them, respectively, and on the
temperature at which bainite forms1. Lower bainite consists of laths or plates of bainitic
ferrite containing a fine distribution of plate-like carbide precipitates, usually with a
single crystallographic variant within a given bainitic ferrite plate. In contrast, upper
bainite generally consists of lath-like ferrite crystals parallel to each other separated,
depending on the alloy composition, either by carbon-enriched austenite or cementite.
Here, carbides precipitate from the carbon-enriched austenite between the developing
laths in a secondary process not essential to the mechanism of bainitic ferrite formation,
except where any precipitation from austenite will deplete its carbon content thereby
promoting further transformation. The upper bainite which does not contain carbide
precipitates but the austenite constituent, is usually referred to as carbide-free bainite.
Examples of transmission electron micrographs of conventional lower and upper bainite
formed in a medium-carbon steel are shown in Fig. 1.1a and Fig. 1.1b, respectively.

The precipitation of cementite from austenite during isothermal bainitic transfor-
mation can be suppressed using controlled fractions of carbide inhibitors (>1.5 at.%),
such as silicon or aluminum (Bain, 1939). The carbon that is rejected from the bainitic
ferrite enriches the residual austenite, thereby stabilizing it (partially or totally) at ambi-
ent temperature. Even though carbide inhibitors prevent the precipitation of cementite
between the subunits of bainitic ferrite, they cannot avoid the precipitation of carbides
within the ferrite plates in lower bainite (Kozeschnik and Bhadeshia, 2008). Fig. 1.1c
presents the lower bainite microstructure obtained in a medium-carbon high-silicon
steel, which consists of bainitic ferrite with intra-lath carbides and films of retained
austenite. A microstructure of a carbide-free bainite is presented in Fig. 1.1d; instead
of the classical structure of bainitic ferrite laths with inter-lath carbides, it consists of
bainitic ferrite laths interwoven with thin films of untransformed retained austenite.
This does not contravene the classical understanding and description of the primary
austenite decomposition reaction, which is to a bainitic ferrite structure; it simply
expands this to allow for suppression of the secondary carbide precipitation reaction
which otherwise removes carbon from solution.

The term low temperature bainite2 is reserved for structures obtained in high-carbon
high-silicon steels after isothermal transformation of the austenite at temperatures
below 350 ◦C. It is a form of lower bainite consisting of a mixture of bainitic ferrite
plates with nanoscale precipitates and retained austenite. Fig. 1.1e shows the low

1Broader classifications have been provided to include other morphologies appearing when bainite is
produced by continuous cooling, e.g. Bramfitt and Speer (1990); Ohmori et al. (1971).

2Other terms frequently used in the literature are: nanostructured bainite, nanocrystalline bainite,
nanobainite or superbainite. These make reference to the nanometer scale of the ferrite plates and the
ultra-high strength of these structures.
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Fig. 1.1 Bright field TEM images of (a) lower bainite obtained after transformation at 375 ◦C for
1800 s in a 0.30C–0.25Si–1.22Mn (wt.%) steel, (b) upper bainite obtained after transformation
at 500 ◦C for 1800 s in a 0.30C–0.25Si–1.22Mn (wt.%) steel, (c) lower bainite obtained after
transformation at 375 ◦C for 1100 s in a 0.29C–1.48Si–2.06Mn (wt.%) steel, (d) carbide-free
bainite obtained after transformation at 400 ◦C for 1800 s in a 0.29C–1.48Si–2.06Mn (wt.%)
steel, and (e) low temperature bainite obtained after transformation at 250 ◦C for 30 h in a
0.98C–1.46Si–1.89Mn–1.26Cr (wt.%) steel; the inset shows a magnified image of a ferrite
plate evidencing the presence of carbides. Courtesy of F. G. Caballero.
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temperature bainitic structure obtained after transformation at 250 ◦C in a high-carbon
high-silicon steel.

1.4 Shape deformation

The formation of low temperature bainitic ferrite alters the shape of the abutting austen-
ite (Ko and Cottrell, 1952), which is interpreted as the consequence of a displacive
transformation with no possibility for diffusion of substitutional atoms including iron.
Indeed, bainite can grow at temperatures where the calculated diffusion distance of
iron is an inconceivable 10−17 m over the time scale of the experiment (Bhadeshia,
2015b). The observed displacements show that the change in lattice is caused by an
orderly transfer of atoms across the interface.

Edgar Bain (1924) proposed a simple distortion that allows a face-centered cubic
(fcc) lattice to be transformed into a body-centered cubic (bcc) lattice, as shown in
Fig. 1.2a. Here, an intermediate body-centered tetragonal (bct) lattice is constructed
from the fcc one by choosing the ½[110]γ , ½[110]γ and [001]γ directions as a new
reference frame and by expanding the two first vectors by 12.6%, and reducing the
third one by 20.3%, in order to obtain the appropriate lattice parameter in the bcc
cell. The Bain strain is the pure part of the lattice deformation which for displacive
transformations in steels converts austenite into ferrite or martensite.

However, the Bain distortion is inconsistent with the experimental orientation
relationship (OR) between the phases, while the shear plane, assumed to be the habit
plane (HP), is not in agreement with neither the Bain distortion nor the experimentally
observed ORs. In order to reconcile the Bain distortion, the measured ORs and HPs,
the phenomenological theory of martensite transformation (PTMT), was developed
in the 1950s (Bowles and Mackenzie, 1954a,b; Mackenzie and Bowles, 1954) assum-
ing that the transformation obeys a unique homogeneous strain, but adding now an
inhomogenous displacement to council both orientations and shape. The PTMT is
not a mechanistic model that describes the actual transformation process, but it lays
down the strict geometrical conditions that must be met to achieve the final state from
the original state1. It takes the form of sequences of multiplications of matrices, that
can be seen as “reams of indigestible matrix algebra” (Zhang and Kelly, 2009), each
of them representing one part of the problem: a first simple shear, called invariant

1There are a number of recent physical (rather than phenomenological) theories and models account-
ing for the shear mechanism, see e.g. Baur et al. (2017); Cayron (2013).
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Fig. 1.2 (a) Bain distortion for an fcc to bct transformation, after Bain (1924), and (b) Scheme
of the IPS deformation, where δ and s are the magnitudes of the dilatational and shear
displacements, respectively. The coarse plate outlined with gray dashed lines is less favored
when compared with the thinner one because the magnitude of the displacements increases
with thickness, after Bhadeshia (2017).

plane strain (IPS), responsible for the macroscopic shape change and habit plane, and
a second shear responsible for the structural change (without shape change).

The nature of the IPS deformation is illustrated in in Fig. 1.2b, where the horizontal
habit-plane is neither distorted nor rotated. The shear component of the strain (s∼ 0.26)
is parallel to that plane and the dilatation (δ ∼ 0.02) normal to it. The arrows indicate
that the displacements become larger with distance normal to the invariant-plane. When
a crystal transforms surrounded by others, large displacements become intolerable,
so to minimize the elastic strain energy per unit volume (Gs) the plate adopts a
lenticular shape with a sharp tip so that the displacement at the tip itself becomes
negligible (Christian, 1958). The stored energy due to shear and strain accompanying
the transformation comes to about 400 Jmol−1 in bainite (Bhadeshia, 1981). The
maximum thickness that the plate can achieve then depends on a balance between the
elastic strain energy and the chemical driving force for transformation.

Often, at the elevated temperatures where bainite grows, the austenite is mechan-
ically weak and the shape deformation cannot be elastically accommodated by the
surrounding austenite. It is possible then, that the austenite adjacent to the bainite plate
relaxes by plastic deformation. In fact, Swallow and Bhadeshia (1996) showed that
after bainitic ferrite growth, the surrounding austenite relaxes by plastic deformation
because the transformation strain cannot be sustained elastically by the austenite. This
creates intense arrays of dislocations in the vicinity of the transformation interface,
which then is stopped in its tracks. Therefore, the platelet stops growing before it has
encountered a hard obstacle such as an austenite grain boundary. This phenomenon is
known as mechanical stabilisation (Machlin and Cohen, 1951) and is absolute proof
of a displacive transformation mechanism. It becomes necessary for another platelet
to nucleate at the tip of the original one for the transformation to progress. Thus, the
plastic relaxation of the austenite leads to a significant refinement of the structure when
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compared with martensite plates, whose size depends essentially on the geometrical
partitioning of the parent austenite.

1.5 Kinetics of bainite transformation

In the classical work of Davenport and Bain (1930), reprinted twice with comments
(Bhadeshia, 2010; Paxton, 1970) that led to more comments (Hillert, 2011), the authors
reported the results of a study of the time required for the transformation of austenite
to ferrite and carbides at a variety of the temperatures in the form of TTT diagrams.
Fig. 1.3 illustrates the TTT diagram of a 0.64C––1.13Mn––0.094Si steel isothermally
transformed at a wide range of temperatures as presented in Davenport and Bain’s
original paper. The TTT diagrams show that in the temperature range between the
pearlitic and martensitic transformations there is at least one additional reaction with
its own set of C-curves. It is realized now that pearlite and bainite have their own sets
of C-curves, but in plain carbon steels they usually overlap and both reactions are not
distinguishable. When alloying elements come into play (e.g. Cr, Ni, Mo), bainite
transformation shows distinctly in the TTT curves, such that the BS temperature can be
defined as the maximum temperature at which the formation of bainite is detectable.
Although the MS temperature is usually recognized as the lower bound for bainite
transformation, austenite can continue to decompose isothermally after martensite
formation is interrupted below the MS at rates that are in agreement with the kinetics
of bainite formation above the MS . Therefore, the C-curves for bainite in the TTT
diagrams should be extended to temperatures below the MS (Kolmskog et al., 2012;
Van Bohemen et al., 2008).

Oblak and Hehemann (1967) suggested that bainite reaction proceeds in a stepwise
manner by the martensitic formation of individual platelets1, not necessarily at the rate
characteristics of martensitic reactions, each of which grows to a size limited by plastic
deformation within the austenite. The transformation is henceforth propagated by the
nucleation of new platelets at its tip, and a sheaf structure develops as this process
continues. The kinetic features of this transformation are schematized in Fig. 1.4.
Alternatively, the individual plates have been proposed to grow by a ledge mechanism
controlled by a diffusive process (Aaronson, 1962) as observed in Widmanstätten
ferrite growth. In the case of silicon steels, bainitic ferrite plates sharing the same

1Oblak and Hehemann, and later Bhadeshia also use the term subunit to denote the plates within a
sheave (or aggregate of plates) that are connected in three dimensions and share a common crystallographic
orientation.
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Fig. 1.3 TTT diagram of a 0.64C––1.13Mn––0.094Si steel. After Davenport and Bain (1930)
and Paxton (1970).



12 Introduction

t1

t2

t3

t4

Subunit

Sheaf

Austenite or carbide

Austenite grain boundary

Fig. 1.4 Microstructural features relevant in the kinetic description of a martensitically produced
bainitic microstructure.

crystallographic orientation are individually isolated by carbon-enriched austenite;
therefore, they cannot be compared with ledges (Bhadeshia and Edmonds, 1979).

On the basis of Oblak and Hehemann’s ideas, a handful of models have been
developed to understand the kinetics of bainite formation during isothermal treat-
ments (Bhadeshia, 1982; Matsuda and Bhadeshia, 2004; Rees and Bhadeshia, 1992b;
Santofimia et al., 2006) under the assumption of a displacive mechanism of bainite
formation incorporating the following principles:

i) Nucleation is governed by the dissociation of three-dimensional arrays of dislo-
cations (Bhadeshia, 1981).

ii) The size of each platelet is limited by a breakdown in interface coherency due
to the plastic accommodation of the shape deformation, so that the growth of a
sheave of platelets requires the nucleation of new platelets (Bhadeshia, 1981).

iii) An individual platelet grows without any diffusion. The excess carbon is then
partitioned into the residual austenite (Oblak and Hehemann, 1967).

iv) The limiting fraction of bainitic ferrite at any temperature is determined by the
condition that the free energies of austenite and ferrite of the same composition
become identical (Bhadeshia and Christian, 1990).

Since the rate of bainite formation is driven by the rate of bainitic ferrite nucleation,
most of the models are based on nucleation kinetics and vary only in the manner in
which the nucleation rate is calculated. The majority of these models, that do not con-
sider the effect of cementite precipitation during bainite transformation, fail to predict
the behavior of lean silicon steels. The problem is sort out if carbon redistribution
and the feasibility of precipitation are considered during bainite formation, leading to
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prediction of transformation kinetics both with and without of carbide precipitation
(Ravi et al., 2016).

1.6 Thermodynamics of bainite transformation

From the previous descriptions, it follows that the processes occurring during the
different bainitic transformations depend essentially on the transformation temperature,
the carbon content and the presence of additional alloying elements. The dependence
on the transformation temperature accounts for distinguishing between lower and upper
bainite. On the one hand, the region for bainitic transformation (without the presence
of other microstructures) is limited by the MS temperature on its lower bound, so that
transformations at low temperatures are only possible with high carbon concentrations.
On the other hand, bainite transformation at high temperatures is fulfilled with low
carbon concentrations. Likewise, substitutional alloying elements shift the equilibria
of the transformation products and the MS curve, also changing the nucleation and
growth kinetics of bainite formation. It is well established that there is no redistribution
of substitutional solutes during low temperature bainite formation, ruling out any
mechanism that requires them to diffuse (Caballero et al., 2007; Timokhina et al.,
2011a). Therefore, the thermodynamics of nucleation and growth will be set forth
under this premise. For simplicity, the reactions will be described in the Fe–C system.

1.6.1 Thermodynamics of nucleation

In order to treat the decomposition of metastable austenite at low temperatures within
a thermodynamic framework, it is useful to consider the Gibbs free energies versus
composition curves for all the transformation products (Kaufman et al., 1962; Pitsch
and Sauthoff, 1992)1. Fig. 1.5a shows the effect of carbon content on the MS tempera-
ture in the Fe––C system and Fig. 1.5b illustrates the Gibbs free energies for austenite
(Gγ ) and ferrite (Gα ) in the Fe–C system at 700 K (427 ◦C) as a function of the carbon
content in the region of bainitic transformations.

The curves in Fig. 1.5b permit the calculation of i) the composition of ferrite
xαθ , which is in equilibrium with cementite, xθ = 0.25 (mole fraction), and ii) the
metastable equilibrium between austenite xγα and ferrite xαγ where xαγ > xαθ . Ad-

1In their original work, Kaufman et al. (1962) treated bainite reaction as the edgewise growth of a
coherent ferrite/austenite interface controlled by carbon diffusion. Pitsch and Sauthoff (1992) took the
same starting point they used and constructed a different viewpoint to explain the shear-like transformation
of austenite into bainitic ferrite.
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Fig. 1.5 (a) Effect of carbon content on the MS temperature in the Fe––C system, after Speich
and Leslie (1972) and (b) Gibbs free energies in the Fe––C system at 700 K (427 ◦C), adapted
from Pitsch and Sauthoff (1992).

ditionally, the overall free energy changes can be computed attending to the trans-
formation of metastable austenite into i) ferrite of the same composition (∆Gγ→α ),
ii) martensite of the same composition (∆Gγ→α ′

), iii) a mixture of equilibrium ferrite
xαγ and austenite xγα (∆Gγ→α+γ ), or iv) a mixture of equilibrium ferrite xαθ and
cementite xθ (∆Gγ→α+θ ).

According to the MS curve Fig. 1.5a, martensite can only form at 700 K (427 ◦C)
if xγ ≤ 0.02. However, the shear (or martensite-like) transformation of austenite into
bainitic ferrite takes place at this same temperature for xγ > 0.02. For the shear
transformation of austenite to occur, a Gibbs free energy of at least ∆Gγ→α ′

is needed.
This means that the carbon concentration in the transforming austenite must be reduced
in advance of, or at least simultaneously with, the martensite-like transformation.
Thermal fluctuations of carbon atoms in the austenite could be responsible of such
carbon depleted zones (Oka and Okamoto, 1995). Alternatively, there are indications
that martensite formation proceeds above the MS by an enhancement of certain lattice
vibrations1. The carbon atoms would adjust their positions to these vibrations due to
their high mobility, in that they leave certain lattice regions which are stabilized until
finally ferrite is formed by a shear process (Pitsch and Sauthoff, 1992). The energy for

1Theoretical and experimental perspectives address martensitic precursor phenomena from a phonon
domain hypothesis. In systems such as Fe–Pt, Fe–Pd or Ni–Fe–Ga, pre-martensitic transitions occur via
“spinodal decomposition” of phonon populations due to incomplete phonon softening in the austenite
phase, where elastic-phonon domains characterized by broken dynamic symmetry of lattice vibrations in
the austenite lead to elastic domains characterized by broken static symmetry of the crystal lattice in the
martensite (Jin et al., 2015; Maruyama, 1986; Oshima et al., 1992; Pérez-Landazábal et al., 2009).
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this reaction should be at least as large as the Gibbs free energy needed for martensite
formation at the given temperature i.e., ∆Gγ→α ′

(xγ = 0.02) in Fig. 1.5b. The available
energy relative to the amount of the new phase α is drawn in Fig. 1.5b as ∆Gγ→α ′+γ at
an arbitrary alloy composition xγ = 0.03 > xγ(MS) = 0.02. Only at a sufficiently low
carbon concentration in the newly formed ferrite this energy exceeds the amount for the
martensitic transformation to take place ∆Gγ→α ′

(xγ = 0.02). Thus, the composition of
the new α phase is between xγ(MS) and the carbon content of ferrite in equilibrium
with austenite xαγ .

The intermediate state of bainitic transformation achieved is a ferrite crystal marten-
sitically produced above the MS. The total composition of this ferrite at the given
transformation temperature is below the MS and above xαγ . Thereupon several locally-
restricted non-equilibria cause partly competitive processes. Given that the carbon
composition in ferrite is above xαθ , the ferritic phase is supersaturated with respect
to cementite. This supersaturation, accompanied by the relatively high temperatures
and the presence of lattice defects produced by the shear transformation, will cause the
precipitation of cementite. The carbon composition of ferrite around the precipitated
cementite is then reduced to xαθ . In parallel, the excess carbon in ferrite is rejected
into the surrounding austenite, where the carbon concentration is further brought to a
uniform level. Additionally, cementite precipitation becomes possible in the austenite
regions that are enriched with carbon. This precipitation causes again a reduction
of carbon concentration in the austenite accompanied by the formation of ferrite, as
previously explained.

The martensite-like transformation of bainite is applicable as long as the reac-
tion takes place close to the MS temperature. Therefore, the mechanism acts at low
transformation temperatures and high carbon concentrations or at high transforma-
tion temperatures and low carbon concentrations. Non-martensitic bainite reactions
take place at temperatures where the transformation energy ∆Gγ→α ′+γ(xγ) is not suf-
ficient for ferrite to be formed martensitically. However, even here it is possible that
the carbon-depleted austenite close to precipitated cementite particles undergoes a
martensite-like formation of ferrite (Pitsch and Sauthoff, 1992).

1.6.2 Thermodynamics of growth

The overall thermodynamics of the diffusionless growth of bainitic ferrite are repre-
sented by the T0 curve, which is the locus of all points on a temperature versus carbon
concentration plot, where austenite and ferrite of the same composition have the same
free energy, ∆Gγ→α = 0 (Bhadeshia, 1981; Zener, 1946a). In Fig. 1.6a growth without
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Fig. 1.6 Schematic illustration of the origin of the (a) T0 and (b) T ′
0 curves on the phase diagram.

The T ′
0 curve incorporates the strain energy term for ferrite, illustrated on the diagram by raising

the free energy curve of ferrite by the term ∆Gs. A′
e1 and A′

e3 refer to the paraequilibrium phase
boundaries α/(α+γ) and (α+γ)/γ, respectively. A′′

e1 and A′′
e3 are the corresponding phase

boundaries allowing for the stored energy.

diffusion can only occur when the free energy of ferrite becomes less than that of
austenite of the same composition i.e., when the concentration of austenite lies to the
left of the intersection between the two Gibbs free energy curves. Assuming that a
plate of bainitic ferrite forms without diffusion, the carbon excess would afterwards be
rejected into the surrounding austenite. The next plate then has to grow from carbon-
enriched austenite in a process that would stop when the austenite carbon concentration
reaches the T0 curve. This effect is known as the incomplete reaction phenomenon
(Hehemann, 1970), since austenite does not reach its equilibrium composition, x′γα ,
given by the A′

e3 curve i.e., the (α+γ)/γ paraequilibrium phase boundary. Consider-
ing the stored energy associated with bainite transformation (∆Gs = 400 Jmol−1) in
the Gibbs free energy of ferrite, the condition ∆Gγ→α = 0 is fulfilled at lower carbon
content values than in the latter case, as depicted in Fig. 1.6b. Thus, the T ′

0 and A′′
e3

curves are obtained when the T0 and A′
e3 curves are modified to account for the stored

energy of transformation, respectively (Bhadeshia and Christian, 1990). Under these
circumstances, the process will cease when the austenite carbon concentration reaches
the T ′

0 curve (x′T0
).

Fig. 1.7 illustrates the variation with time of the carbon concentration gradients
in ferrite and austenite after the cessation of the growth of a ferrite subunit. On the
basis of the mechanism proposed by Oblak and Hehemann (1967) and illustrated
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Fig. 1.7 Schematics of carbon distribution in ferrite and austenite at successively increasing
times (ti) after growth of a ferrite subunit has ceased, after Kinsman and Aaronson (1967).

by Kinsman and Aaronson (1967), ferrite initially inherits all (or essentially all)
of the carbon content of the parent austenite, and the ferrite/austenite interface is
assumed to be immobile before another subunit nucleates at it. At t0 (Fig. 1.7a),
growth of the first subunit has just stopped, and the carbon contents of ferrite and
the surrounding austenite are identical. Immediately, carbon diffuses out of ferrite
into austenite and the metastable paraequilibrium compositions x′′αγ and x′′γα will be
reached at the ferrite/austenite interface, as indicated in Fig. 1.7b. Since diffusion of
carbon in ferrite is more rapid than in austenite (Cermak and Kral, 2014), the rate of
decarburization of ferrite should be controlled by the diffusion of carbon in austenite
until the concentration gradients in ferrite become small (Fig. 1.7c and Fig. 1.7d). The
upper bound to carbon diffusion in austenite during the decarburization process is given
by the composition x′′γα . Since x′′γα > x′T0

, formation of ferrite without a composition
change by nucleation at the ferrite/austenite boundary is thermodynamically impossible
during this interval. However, once decarburization of ferrite is effectively complete,
the carbon content of austenite in contact with the interface will begin to fall, as in
Fig. 1.7c. Eventually, only an indistinct gradient of carbon will remain in the austenite
if nucleation of the next subunit is sufficiently delayed (Fig. 1.7d). The growth of a new
subunit without a change in composition cannot take place until the carbon content
of austenite at the ferrite/austenite interface has dropped below x′T0

. Additionally,
Matas and Hehemann (1961) propose that the extent of carbon partitioning from
supersaturated ferrite to austenite depends on the rate of carbide precipitation within
supersaturated ferrite.

1.7 Low temperature bainite

The theory to estimate the BS and MS temperatures (Bhadeshia, 1981; Ghosh and Olson,
2001; Kaufman and Cohen, 1958) was used in the early 2000’s to estimate the lowest
temperature at which bainite can form. Fig. 1.8a shows the calculated BS and MS
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Fig. 1.8 (a) Calculated transformation start temperatures in a Fe–2Si–3Mn (wt.%) steel as
a function of the carbon concentration, and (b) calculated time required to initiate bainite
transformation, after Garcia-Mateo et al. (2003).

temperatures, whereas Fig. 1.8b shows the time required for bainite transformation to
start in a Fe–2Si–3Mn (wt.%) steel as a function of the carbon content (Garcia-Mateo
et al., 2003). There seems to be no lower limit to the temperature at which bainite
can be generated as long as the carbon concentration is increased. In parallel, the rate
at which bainite forms slows down exponentially as the transformation temperature
is reduced. It may take hundreds or thousands of years to generate bainite at room
temperature1. For practical purposes, transformation times are nowadays kept up to
a maximum of days, corresponding to transformation temperatures between 200 and
350 ◦C and carbon concentrations from 0.7 to 1.0 wt.% with silicon additions from 1.5
to 3.0 wt.%. The presence of other alloying elements is adjusted to allow hardenability
without compromising transformation kinetics. The design strategies of current low
temperature bainitic steels are described elsewhere (Caballero et al., 2014).

During bainite transformation, there are one or more transient intermediate states
that have a short lifetime (Matas and Hehemann, 1961; Wilson, 1970). The relevant
precipitation reactions can be best studied in silicon steels since this element retards
the precipitation of cementite severely without influencing the formation of transient
carbides (Hehemann et al., 1972). Indeed, before low temperature bainite arose as a
metallurgical concept, Sandvik (1982a,b) studied the evolution of the bainitic structures
formed in high-carbon high-silicon steels transformed at temperatures between 290 and

1To test this theory, two samples of a steel that would take a hundred years to transform to bainite
at room temperature were manufactured in 2004, one of which can be seen at the Science Museum of
London while the other one is stored at Sir Harry Bhadeshia’s office. The samples, sealed in an inert
atmosphere, are mirror-finished so that phase changes will be evident through the surface rumples caused
by the shear transformation, hopefully in 2104.
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380 ◦C, taking advantage of the slow reaction kinetics that permitted a detailed tracking
of the different reaction products. The key point that motivates here the study of
low temperature bainite is that the low transformation temperatures, bound to
the slow transformation rates allow a detailed continuous study of the evolution
of all the phases throughout the transformation.

1.7.1 Carbon excess in low temperature bainite

It is now accepted that bainitic ferrite formed at low temperatures is supersaturated with
carbon when the concentration is evaluated with respect to the ferrite/austenite phase
boundary under paraequilibrium conditions (Pereloma, 2016). The fact that bainitic
ferrite holds an amount of carbon above that expected from the paraequilibrium with
austenite supports the idea that low temperature bainite transformation is essentially
diffusionless (Caballero et al., 2010). Experimental results leading to this conclusion
were initially drawn from atom probe tomography (APT) data (Bhadeshia and Waugh,
1982; Caballero et al., 2007, 2010, 2012) and supported later by synchrotron radiation
(Hulme-Smith et al., 2013, 2015), XRD (Garcia-Mateo et al., 2015), and in situ neutron
diffraction (Timokhina et al., 2016) experiments. The major discrepancies between
the calculated phase boundaries and the experimental carbon concentration values are
obtained for high-carbon high-silicon steels transformed into bainite at temperatures
below 300 ◦C (Caballero et al., 2012), where the carbon content of bainitic ferrite
is over forty times above that expected from the paraequilibrium phase boundary
with austenite (see Fig. 1.9). Carbon supersaturation in ferrite is not exclusive of low
temperature bainite and it can also be found in the lower and upper bainite forms of
high-carbon and medium-carbon high-silicon steels (Caballero et al., 2012; Seol et al.,
2012).

Determination of the carbon content of bainitic ferrite by APT

APT is a state-of-the-art analytical technique that allows for three-dimensional ele-
mental mapping with near atomic resolution. It is a powerful tool that can provide
local compositional information, and therefore, it is currently the most widely used
technique to investigate the origin of carbon supersaturation in bainitic ferrite. In the
last decade a significant amount of APT observations have been performed in low
temperature bainite, showing that large quantities of excess carbon remain in the baintic
ferrite matrix without any visible carbon segregation, or in defect-free solid solution
(Caballero et al., 2007, 2010, 2012; Timokhina et al., 2011a), even after prolonged
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Fig. 1.9 Carbon content in bainitic ferrite as a function of the transformation temperature
for steels of varying compositions given in wt.%. The paraequilibrium phase boundaries
between ferrite and austenite and ferrite and cementite were calculated using commercially
available software in combination with the SGSOL-SGTE Solution Database 3.0. Adapted
from Caballero et al. (2012); Garcia-Mateo et al. (2015).

heat treatment (Garcia-Mateo et al., 2015). However, the term “defect-free”, would
imply that bainitic ferrite has to have no dislocations and their Cottrell atmospheres
and, most importantly, point defects to qualify. The term dislocation-free regions of
bainitic ferrite should be used instead.

In addition to carbon in supersaturated solution, low temperature bainitic ferrite
exhibits a complex non-homogeneous distribution of carbon atoms in arrangements
with a specific composition, a few nanometers in size in most cases. Those carbon-
enriched regions have been identified from their carbon content as Cottrell atmospheres
(∼8 at.% C), carbon clusters (∼11 at.% C), the Fe32C4 carbide (20 at.% C), and
cementite precipitates (25 at.% C) (Caballero et al., 2010, 2012; Pereloma et al., 2012;
Timokhina et al., 2011a).

The method routinely used to evaluate the carbon content of bainitic ferrite is
based on 1D concentration profiles (Caballero et al., 2010, 2012; Pereloma et al., 2012;
Timokhina et al., 2011a), where the carbon content is determined by counting the
number of carbon atoms in slices perpendicular to one of the axes of a selected volume.
The size of the slices is selected to maximize the number of ions within the slice
without sacrificing the spatial resolution; larger slices produce less statistical scatter,
but reduce the spatial resolution (Miller, 2000). However, the volumes of ferrite that
do not contain any of the aforementioned carbon-enriched regions are extremely small
and the statistics obtained by concentration profiles are jeopardized.



1.7 Low temperature bainite 21

Likewise, proximity histograms are profiles of local atomic concentrations vs.
proximity to an isoconcentration surface whose composition is selected to represent
an interface (Hellman et al., 2000). Proximity histograms are primarily designed to
investigate the solute distribution and interfacial segregation at interphase interfaces
and solute partitioning trends between phases. On very fine scale structures, as in
nanostructured bainite, they might be used effectively to estimate the solute content
and the presence and extent of solute tails (Garcia-Mateo et al., 2015). Nonetheless,
regarding the complexity of features that one can encounter within a single bainitic
ferrite platelet, proximity histograms can be compromised on the ferrite side, and a
great deal of care should be taken during sampling to estimate the carbon content of
regions in bainitic ferrite free from carbon-enriched regions.

Fig. 1.10a exemplifies an APT needle obtained from a 0.66C–1.45Si–1.35Mn–1.02Cr
(wt.%) steel transformed at 220 ◦C for 168 h, where carbon isoconcentration surfaces
at 6 at.% C are superimposed with the carbon atom map. As no crystallographic infor-
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Fig. 1.10 APT measurements on a 0.66C–1.45Si–1.35Mn–1.02Cr–(wt.%) steel transformed at
220 ◦C for 168 h showing carbon isoconcentration surfaces at 6 at.% superimposed with the
carbon atom map and proximity histograms across the interfaces indicated by arrows which
correspond to (a) ferrite/austenite interface, (b) ferrite/cluster interface and (c) ferrite/carbide
interface. The carbon concentration illustrated has been measured over the carbon plateau away
from the interface, indicated by boxes.
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mation is available through this technique, the low carbon regions are usually assumed
to be the ferrite phase (Caballero et al., 2007, 2010, 2012; Timokhina et al., 2011a).
Fig. 1.10b, Fig. 1.10c and Fig. 1.10d show the proximity histograms obtained across a
ferrite/austenite interface, a carbon cluster, and a ferrite/carbide interface, respectively,
where ferrite composition measurements have been performed at the plateau of the
low carbon gradient side of the proximity histograms. These measurements are limited
by the presence and the extent of a plateau in the carbon profile, in addition to the
immediacy of the interface or a nearby carbon-enriched feature. Moreover, measure-
ments of the ferrite carbon content over the low carbon gradient side of the proximity
histograms become risky, as sampling of carbon-enriched small features adjacent to the
interface occurs (e.g. carbon segregation around dislocations). The volume of atoms
evaluated in concentration profiles is small as compared to the total volume of ferrite
available in the needle, which can cause the discrepancies in the measurements within
a single APT needle exemplified in Fig. 1.10.

The carbon contents in bainitic ferrite, as determined from APT, are currently
used as the grounds for research focused on the origin of the carbon supersaturation.
The most sensible hypothesis considered is the increased solubility of a tetragonal
(rather than cubic) ferrite lattice, by virtue of experimental results (Garcia-Mateo
et al., 2015; Hulme-Smith et al., 2013, 2015) and ab initio calculations (Jang et al.,
2013; Sampath et al., 2016). Carbon-supersaturation in bainitic ferrite is one of
the key issues to discuss the transformation mechanism of bainite and thus, it is
of primary importance in this research field. Ensuring precise and systematic
carbon content values is now crucial for researchers to develop the theoretical
approaches which can numerically explain such carbon supersaturation.

Tetragonality in low temperature bainite

When carbon is inserted into a perfect bcc iron lattice, the cubic cell with lattice
parameter aα changes into a bct cell with parameters aα ′ and cα ′ as a consequence
of the Bain deformation. The degree of tetragonality is a function of the carbon
concentration in the lattice (Cheng et al., 1990; Cohen, 1962).

Conventional XRD and time-resolved synchrotron XRD experiments reveal broad-
ening in the bainitic ferrite peaks, especially for the {200}α reflection. Previous studies
attributed such peak broadening either to the influence of texture (Koo et al., 2009),
to non-uniform strains (Stone et al., 2008), or to the refinement in the microstructure
(Rakha et al., 2014). However, it has been recently determined that peak broadening in
bainitic ferrite cannot be associated only with crystallite size and microstrain effects,
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but to a reduction of the symmetry of the crystal, viz. a tetragonal rather than cubic
unit cell (Garcia-Mateo et al., 2015; Hulme-Smith et al., 2013, 2015; Timokhina et al.,
2016).

The tetragonal nature of bainitic ferrite is explained on the basis of the displacive
nature of bainite, triggering the change of the lattice from fcc to bct achieved by
means of the Bain deformation. The displacive and diffusionless transformation of the
austenite containing carbon necessarily leads to a bct lattice in the very beginning of
the transformation (Bain, 1924). Carbon interstitial atoms occupy octahedral sites in
both ferrite and austenite, but only one set of such sites, Z, is common to both lattices.
Upon a diffusionless transformation, the octahedral symmetry of the interstitial carbon
atoms in the original fcc lattice is maintained in the bcc lattice, increasing the number
of carbon atoms at Z sites. However, the carbon atom expands the octahedral void in
the bcc lattice by pushing apart two iron atoms in a direction that becomes the c axis
of the bct cell, which align in parallel. The preferred location (ordering) of carbon
atoms on one set of octahedral interstices leading to a bct lattice is usually referred
to as the Zener order (Zener, 1946a). However, tetragonality is not merely an effect
of the diffusionless transformation, and the elastic (strain induced) interactions in the
bct lattice may cause ordering. The atoms will tend to randomize if the temperature
is above that required for Zener ordering and the bct lattice will turn into bcc (Zener,
1946a).

Carbon segregation to point defects

Vacancies are the dominant self-defects at room temperature in metals. In the case of
iron, theoretical calculations indicate that di-vacancies, tri-vacancies, tetra-vacancies,
compact clusters and small voids are stable (Becquart and Domain, 2003; Beeler and
Johnson, 1967; Masuda, 1982; Melker and Mizandrontsev, 2000) and form various
atomic configurations which are thought to be the nuclei for dislocation loops and
new-types of crystal lattices (Melker and Mizandrontsev, 2000).

The common interstitial atoms in steels, i.e., H, C and N, interact with point defects,
thereby reducing their diffusivities but also modifying the migration properties of those
point defects (Becquart and Domain, 2003; Fu et al., 2008; Nguyen-Manh, 2009; Ortiz
et al., 2009). In both low and high carbon steels, vacancies have a carbon dimer bound
to them (Barouh et al., 2014; Domain et al., 2004; Först et al., 2006; Fu et al., 2008;
Paxton and Elsässer, 2013), where carbon does not occupy a vacant iron lattice site,
but a position close to its preferred interstitial site (octahedral interstice) at one of the
cube faces bounding the vacancy (Paxton and Elsässer, 2013). Theoretical models
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predict that the formation of such C–vacancy complexes significantly reduces the
vacancy diffusivity in bcc–Fe, exhibiting non-Arrhenius behaviour (Fu et al., 2008;
Ortiz et al., 2009). Besides, carbon diffusivity decreases with increasing carbon content
and becomes negligible when the carbon concentration exceeds twice that of vacancies
(Nguyen-Manh, 2009). The controversy on vacancy migration calls into question
whether mobile carbon interstitials are trapped by stable monovacancies, or viceversa.
This “chicken and egg” situation is translated into a carbon concentration in iron
above that expected from the thermodynamic equilibrium. Additionally, substitutional
solute atoms can act as traps for vacancies and/or modify the structure and therefore
the stability and migration properties of point defect clusters (Becquart and Domain,
2012).

Low temperature bainite transformation may require a rapid quenching after austen-
itization to avoid the formation of proeutectoid phases1. As a result, it is likely that a
non-equilibrium supersaturation of thermal C–vacancy complexes can be retained in the
austenite because of the increased diffusion barriers associated with them (Mathalone
et al., 1971; Vyhnal and Radcliffe, 1972). Moreover, in the course of the displacive
transformation of the austenite, large plastic strains lead to high intrinsic defect con-
centrations, with carbon interstitials binding strongly to vacancies (Först et al., 2006).
The presence of such C–vacancy complexes in the microstructure and their rela-
tion with the transformation temperature should have an impact on the carbon
supersaturation levels detected in bainitic ferrite.

1.7.2 Carbon allocation anomalies in low temperature bainite

There are substantial discrepancies in achieving a mass balance for carbon on mixtures
of bainitic ferrite and austenite in low temperature bainite from XRD data (Bhadeshia,
2015a; Garcia-Mateo et al., 2015; Morales-Rivas, 2016; Morales-Rivas et al., 2015),
when the nominal composition of the steel is to be computed by adding the composition
of each phase weighted by its fraction, leading to the inequality:

Cbulk ×100 ̸=VγCγ +(1−Vγ)Cα ′ (1.1)

where Cbulk, Cγ and Cα ′ are the average carbon contents of the alloy, austenite
and tetragonal bainitic ferrite, respectively. Vγ is the volume percent of austenite and
(1−Vγ) is the volume percent of bainitic ferrite.

1The design strategies of current low temperature bainitic steels aim for alloying compositions that
provide hardenability so that rapid quenching is not required, see .e.g. (Sourmail et al., 2013).
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In low temperature bainite, additions of at least 1.5 wt.% Si prevent the precipi-
tation of cementite between the bainitic plates ferrite, but are ineffective in avoiding
the precipitation of carbides within them. Initial high resolution transmission electron
microscopy (HR-TEM) observations indicated that the presence of carbides was de-
tected once in a blue moon, if ever (Caballero and Bhadeshia, 2004; Caballero et al.,
2002; Garcia-Mateo et al., 2003). Later on, APT experiments undoubtedly confirmed
that despite the high silicon level in low temperature bainite, carbide formation is
not completely suppressed in the ferritic phase (Caballero et al., 2007; Rakha et al.,
2014; Timokhina et al., 2011b, 2016). However, the presence of carbides is generally
ignored when evaluating the phase fractions in low temperature bainite (Bhadeshia,
2015a; Garcia-Mateo et al., 2015; Morales-Rivas, 2016; Morales-Rivas et al., 2015).
The migration of carbon to lattice defects, together with the presence of a few
carbides can definitely have a significance in the carbon balance.





Motivation

The diffusionless nature of low temperature bainite transformation is contended on
the basis of carbon supersaturation in bainitic ferrite. Previous observations indicate
that large quantities of excess carbon persist in the bainitic ferrite matrix without any
visible carbon segregation, or in dislocation-free solid solution. However, the definition
and quantification of solid solutions is not trivial and requires careful attention to the
specific distribution of the carbon atoms within the matrix. It is the aim of this work
to take a step forward towards ensuring non-biased, precise and systematic carbon
content values in any ferritic matrix, which is now decisive for physical models and
calculations to go in the right direction.

Likewise, the tetragonal nature of bainitic ferrite has been shown to be responsible
for carbon supersaturation in low temperature bainite. Attention is paid here to the local
configuration of the ferrite lattice in relation to the specific distribution of carbon atoms
and the overall carbon supersaturation. At the same time, the presence of vacancies
and their interaction with carbon in the supersaturated lattice is examined.

Finally, there is a significant amount of “unseen carbon” in the mass balance for
mixtures of low temperature bainitic ferrite and austenite. Such carbon allocation
anomalies are to be quantified through the assessment of the heterogeneous distribution
of carbon atoms associated with lattice defects and different nanoscale particles that
form during lower bainite reaction.

Overall, the reasons why the ferrite lattice remains supersaturated even if the
microstructure is held at temperatures where carbon is mobile enough to relocate at
either austenite, precipitates or lattice defects are pursued all over.





Chapter 2

Materials and methods

Three different high-silicon steels have been transformed into bainite at temperatures
between 200 and 350 ◦C. In situ and ex situ diffraction studies were conducted in order
to determine the evolution of the crystal structure of ferrite and austenite with both
the transformation time and temperature, as well as to examine the local configuration
of the ferrite lattice. Additionally, the presence of carbides was identified and quan-
tified. Atom probe tomography analyses were complementary used to evaluate and
quantify the distribution of carbon ions in the structures. Finally, positron annihilation
spectroscopy measurements were used to identify the nature of the defects and their
stability in relation to the alloying elements and transformation temperature.
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2.1 Materials

The alloys studied are high-silicon steels whose chemical compositions are given
in Table 2.1. Dilatometric and metallographic analyses were used to determine the
transformation temperatures in the selected steels using an Adamel Lhomargy DT1000
high-resolution dilatometer. The austenite finish temperatures, Ac3 or Acm, given by
the γ/(α+γ) phase boundary in hypoeutectoid and γ/(γ+θ) phase boundary in
hypereutectoid steels, respectively, were estimated by monitoring the relative change of
length as a function of the temperature upon heating at 5 ◦Cs−1 as described elsewhere
(Caballero et al., 2003). Similarly, the martensite start temperatures, MS, were evalu-
ated by monitoring the fractional change in dilatation with temperature upon cooling at
50 ◦Cs−1 (Sourmail and Smanio, 2013). Conventional metallographic examination by
light optical microscopy (LOM) and scanning electron microscopy (SEM) was used to
determine the bainite start temperatures (BS). Table 2.2 collects the Ac3 or Acm, BS and
MS temperatures for the steels selected. The bainite transformation temperatures se-
lected are limited to a maximum of 100 ◦C above the MS temperature, leaving a bainite
transformation window for the different steels between 200 and 350 ◦C. Heat treat-
ments were performed in the furnace of an Adamel Lhomargy LK02 high-resolution
dilatometer on samples of 15 mm×10 mm×5 mm. Each sample was heated by radia-
tion in vacuum to the austenitization temperature (Tγ) about 50 ◦C above Ac3 or Acm for
15 min and subsequently cooled at 50 ◦Cs−1 to the bainite isothermal transformation
temperature (Tb) and held for the necessary bainite isothermal transformation time (tb)
for completion of the bainite transformation. Finally, samples were helium quenched
to room temperature. The relevant process parameters, i.e., Tγ, Tb and tb are presented
in Table 2.2, where samples have been encoded according to the material and heat
treatment, expressed as xC/y, where x and y are the carbon content of the steel (in
wt.%) and the bainite transformation temperature, respectively.

Table 2.1 Chemical composition of the high-silicon steels studied.

Steel C Si Mn Cr Ni Mo Cu Fe

0.3C
wt.% 0.29 1.48 2.06 0.43 –– 0.27 ––

balance
at.% 1.32 2.87 2.04 0.45 –– 0.15 ––

0.7C
wt.% 0.66 1.45 1.35 1.02 0.10 0.24 ––

balance
at.% 2.96 2.78 1.32 1.06 0.09 0.13 ––

1.0C
wt.% 0.98 2.90 0.77 0.45 0.16 –– 0.21

balance
at.% 4.28 5.42 0.74 0.45 0.14 –– 0.17
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Table 2.2 Relevant transformation parameters of the bainitic samples.

Sample Ac3 or Acm, ◦C BS, ◦C MS, ◦C Tγ, ◦C Tb, ◦C tb, h

0.3C/325
875 450 300

925 325 0.5
0.3C/350 925 350 0.5

0.7C/220

848 410 200

900 220 24
0.7C/220+6d 900 220 168
0.7C/250 900 250 8
0.7C/300 900 300 5

1.0C/200
893 350 165

950 200 40
1.0C/250 950 250 15

Ac3 and Acm are the austenite finish temperatures in hypoeutectoid and hypereutectoid steels,
respectively, BS is the bainite start temperature, MS is the martensite start temperature, Tγ

is the austenitization temperature, Tb is the bainite transformation temperature and tb is the
bainite transformation time.

In addition, two reference pearlitic microstructures (expressed as 0.7C/PER and
1.0C/PER) were produced from the 0.7C and 1.0C steels by continuous cooling at
0.1 ◦Cs−1, after fully austenitization at 900 and 950 ◦C for 15 min, respectively. These
steels were selected to ensure a fully pearlitic structure after a slow cooling. A third
reference martensitic microstructure (0.7C/M) was produced from the 0.7C material
by quenching at 50 ◦Cs−1 after fully austenitization at 900 for 15 min. The 0.7C/M
martensitic microstructure was naturally aged at room temperature for three months.

2.2 Methods

2.2.1 Diffraction analyses

Conventional X-ray diffraction analyses

XRD was used to determine the lattice parameter and the average carbon content of
bainitic ferrite. XRD measurements were carried out at the Spanish National Center
for Metallurgical Research (CENIM-CSIC) with a Bruker AXS D8 diffractometer
equipped with a Co X-ray tube, Goebel mirror optics and a LynxEye Linear Position
Sensitive detector. XRD data were collected over a 2ϑ range of 35 to 135° with
a step size of 0.015°. The lattice parameter of bainitic ferrite was determined by
applying the Rietveld method. In this study, version 4.2 of the Rietveld analysis
software TOPAS (Bruker AXS) was used for fitting the XRD patterns. In order to
characterize the particularities of the diffractometer set-up used, the instrumental
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profile was empirically parameterized from an XRD pattern of a corundum sample.
The refinement protocol used also included the background, zero displacement, the
scale factors, peak breath, and texture parameters. The analysis of the diffraction line
profiles for deriving quantitative information on crystallite size and microstrain was
performed by means of the double-Voigt approach, in which both the crystallite size
and strain are comprised of Lorentzian and Gaussian component convolution (Balzar
and Ledbetter, 1993).

Synchrotron radiation X-ray diffraction analyses

In situ synchrotron radiation X-ray diffraction (SR-XRD) experiments were performed
during isothermal transformation at low temperatures of the 1.0C steel. The low trans-
formation temperatures permitted in this steel, in addition to the slow transformation
rates allowed a detailed continuous study of the evolution of all the phases throughout
the transformation. SR-XRD patterns sequentially obtained were used to follow the
kinetics of phase transformation, in terms of phase fraction of bainitic ferrite and
austenite, phase splitting and variation of the lattice parameters.

The empirical equations used to determine the carbon concentration in austenite
and ferrite are based on the relationship between the lattice parameters and their
composition at room temperature (Cheng et al., 1990; Dyson and Holmes, 1970). At
the bainite transformation temperatures, the change of the lattice parameters from
their reference values reflects both a change in the chemical composition and thermal
expansion effects. Ex situ SR-XRD measurements were performed in order to avoid
the interference of thermal expansion upon the lattice parameters of both ferrite and
austenite. In addition, the improved intensity and penetration depth of synchrotron
radiation relative to conventional XRD, allows for the detection of small or weakly
present phases, such as nano-scale carbides.

SR-XRD experiments were performed at the European Synchrotron Radiation
Facility (ESRF) in Grenoble, France on the ID15B beamline. Measurements were per-
formed by high-energy X-ray synchrotron diffraction using a monochromatic 90 keV
beam (700×400 µm2) and a 2D image plate Perkin-Elmer detector placed at 1 m from
the sample. The analyzed volume is about 1.1 mm3 corresponding to about 50 000
austenite grains. Data were recorded as 2D images (see example in Fig. 2.1a) and
were integrated azimuthally using Fit2D software to convert them to the classical 1D
intensity versus 2ϑ scans suitable for Rietveld analyses (as that in Fig. 2.1b). The
calibration was performed using LaB6 powder and electronic noise backgrounds were
numerically subtracted from each record.
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Fig. 2.1 (a) Complete Debye-Scherrer rings from a steel sample and (b) diffraction spectra
after 360° intensity integration across diffraction rings in (a)

In situ heat treatments were performed using a commercial furnace (Instron ETMT).
Samples were heated by Joule effect and cooled by heat extraction through the device
jaws. The specimen temperature was controlled by means of a thermocouple welded
at the center of the sample, which is representative of the analyzed zone. Samples
were austenitized at 900 ◦C for 5 min and isothermally transformed at 220 and 250 ◦C
for 16 and 15 h, respectively after quenching to these temperatures. Temperature
measurements were confirmed using an additional pyrometer.

Rietveld refinement was performed in selected integrated diffraction spectra fol-
lowing the protocol previously described.

Transmission electron microscopy observations

TEM investigations aimed at determining the local configuration of the bainitic ferrite
lattice, in addition to detecting the presence of carbides. TEM observations were
performed in the Spanish National Center for Electron Microscopy (ICTS). A JEOL
JEM2100 TEM operated at 200 keV was used for crystallographic analyses. Selected
area electron diffraction (SAED) patterns were acquired for structural characterization
and further simulated with CaRIne Crystallography 4.0 commercial software. HR-
TEM observations were conducted with a JEOL JEM 3000F operating at 300 kV. Thin
foils were prepared by twin jet electropolishing using a solution of 5% perchloric acid
in methanol at -60 ◦C and a 50 V operating voltage.
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2.2.2 Atom probe tomography analyses

The atom probe incorporates a time-of-flight mass spectrometer with a point projection
microscope capable of atomic-scale imaging (Müller et al., 1968), which in combina-
tion with position sensing permits the full three-dimensional reconstruction capabilities
of APT. By applying a high voltage, a high electric field is created on the apex of a
sharp specimen (< 100 nm radius) held at cryogenic temperatures. Setting a pulsed
voltage between the specimen and a local electrode (Nishikawa and Kimoto, 1994),
allows the field to be applied selectively to a single specimen in an array of microtips.
Atoms on the specimen apex are field evaporated as ions and accelerated towards the
imaging detector. By pulsing the evaporation, the flight time of each ion can be mea-
sured and used to calculate the mass-to-charge ratio and thus determine its chemical
nature. The area on the apex is projected and magnified onto the detector, in such a way
that the original x-y position of atoms on the specimen apex is determined from the hit
position of the ions on the detector, while the sequence of evaporation events provides z
position depth information. This combination of data allows three-dimensional images
of the element distributions to be reconstructed with near-atomic resolution (0.4 nm
laterally and < 0.2 nm in depth) (Cerezo et al., 2007). Fig. 2.2 shows a schematic
description of a local electrode atom probe.

In this work, APT experiments were conducted in order to determine the amount
of carbon in solid solution in bainitic ferrite, as well as to characterize the overall

Field evaporation

Time-of-flight
mass-spectrometry

MCP Position sensitive
detector

Specimen

Vp

Fe
X

DC

Local
electrode

Fig. 2.2 Schematic description of a local electrode atom probe. Vp is the voltage pulse and
MCP stands for micro-channel plate.
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carbon allocation in the microstructure. To this end, APT needle-shaped samples
were cut from bulk material using a FEI Nova 200 focused ion beam (FIB) system
and micromanipulators, so that the ferrite region of interest was extracted as a wedge,
and mounted to a Si post array. A series of annular milling patterns were used to
further sharpen the specimen into a needle shape with a diameter of less than 100 nm
(Thompson et al., 2007). After a 5 kV low voltage milling step, the Si coupon with
the sharpened needles was then transferred into the atom probe analysis chamber
at a base temperature of 50 K. The needle was then positioned within ∼40 µm of
the local electrode, in which a standing and pulsed voltage are induced to enable
the field evaporation of ions at specific moments in time, such that a time-of-flight
mass spectrum can be produced. Atom probe analyses were performed at CAMECA
Instruments in Madison, Wisconsin and Oak Ridge National Laboratory (ORNL) local
electrode atom probes (CAMECA Instruments LEAP 5000 R/XR and LEAP 4000X
HR). The local electrode atom probes were operated in voltage-pulse mode with a
frequency of 200 kHz, such that the atoms at the needle surfaces had enough energy
to be pushed over the Schottky hump and were field evaporated and projected onto a
position sensitive detector consisting of a micro-channel plate (MCP) and a cross-delay
line. The evaporation rate used was ∼0.2%. These conditions were selected so that
they reproduce previous atom probe studies where the carbon content of bainitic ferrite
was determined (Caballero et al., 2007, 2010, 2012). The set-up described allows
for detection of both the time-of-flight of each ion (resulting in the mass-to-charge
ratio), and their initial x–y position with respect to the needle tip shape. The z position
is determined by the sequence of detection, which allows for an atom-by-atom 3D
reconstruction of the decomposed ferrite with sub-nm resolution.

Atom probe tomography data processing and reconstruction

Data processing aims at preparing the raw APT data to be reconstructed into real-space
data, while reconstruction takes this real-space data and converts it into 3D spatial
coordinates. Once these tasks have been successfully accomplished, data can be mined
for nanostructural information. A series of steps need to be taken which convert the
raw data into reconstructed positions and chemical identities. These steps include:
selection of ion sequence range, selection of detector region of interest, time-of-flight
corrections, mass calibration, ranged-ion assignment and reconstruction (Larson et al.,
2013b). The LEAP User Manual describes specimen transfer, alignment, and the
acquisition software in detail, while Larson et al. (2013b) and Vurpillot (2016), among
others, discuss the full data processing cycle for reconstruction. The description here
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is limited to the basic features needed to get a rough idea of the outcome of an APT
reconstruction.

Atom probe tomography spectral analyses

An APT mass-to-charge spectrum is composed of a series of signal peaks resting on a
background. The signal peaks represent the pulse-coincident (in-time) field evaporated
ions from the specimen surface, while the background results primarily from non-
pulse originated (out-of-time) events. For peak identification, the signal peaks are
first associated with one or various ion types, and then an appropriate choice of lower
and upper limits is made to identify where the relevant peak signal is located. For
appropriate range selections, a mass calibration must have been successfully completed.

Fig. 2.3 illustrates a selected region of an APT mass-to-charge spectrum where
peak identification has been performed. Peak identification is approached in terms
of the level of complexity, which gets specially tricky when dealing with molecular
species (Meija, 2006). Generally, isolated peaks can be identified by looking up masses
in a periodic table where relative peak intensities are consistent with the known isotopic
distributions (e.g., the peak at 30 Da in Fig. 2.3 is 60Ni2+). Peaks appearing near half,
third or quarter fractions of a Dalton usually represent doubly, triply or quadruply
charged ions, respectively. The true mass of the ion is then found by multiplying the
mass-to-charge values by 2, 3 or 4 (e.g., the peak at 26.5 Da in Fig. 2.3 is 53Cr2+).
Kingham (1982) provides the relative abundance of different charge states of various
elements in field evaporation as a function of the field. Furthermore, peak identification
and ranging may get intractable in the presence of direct peak overlaps, or peaks from
different ion species that share the same or overlapping mass-to-charge ranges (Kelly,
2017). Common overlaps are caused by charge states (e.g. 31P+ and 62Ni2+ in Fig. 2.3),
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Fig. 2.3 Selected region of a mass-to-charge spectrum from a steel sample containing V, Cr,
Mn, Fe, Ni, P and Cu.
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or isobaric overlaps, which are isotopes of different elements overlapping (e.g. 54Fe2+

and 54Cr2+ or 58Fe2+ and 58Ni2+ in Fig. 2.3). In some of these cases, the relative
natural abundances of the isotopic peaks can be used to decompose closely or exactly
overlapping peaks i.e., when two elements overlap in a single peak, the information
from the non-overlapping peaks can be employed to infer the expected number of ions
for each element type in the overlapping peak.

Once the chemical identities of all the peaks have been identified, peak ranging
must be considered. Appropriate ranging is needed not only to identify a peak, but also
to attain compositional accuracy of the analysis volume. The considerations used to
set the lower and upper limits of a range depend on peak shape, mass resolving power,
signal-to-noise ration, and proximity to other peaks (Larson et al., 2013b). There
is currently no standard method for determining peak ranges, so the application of
consistent procedures becomes important when facing multiple analyses.

Atom probe tomography spatial reconstruction

Spatial reconstruction consists in calculating 3D positions in specimen coordinates
(referred to as real space) from a time-series of 2D positions in detector coordinates
(referred to as detector space). The standard reconstruction methodology involves
calculating a magnification in order to convert the detector hit positions into real-space
coordinates, where the depth of the ions along the specimen axis (z) is based on the
assigned ionic volume and the estimated imaged area of the specimen surface (Bas et al.,
1995; Blavette et al., 1982; Gault et al., 2008). In their simplest form, reconstruction
algorithms consider an ideal specimen with a spherical surface radius positioned on a
truncated cone with a shank angle. However, an APT specimen is needle-shaped (in
contrast to a charged sphere) and the ion trajectories when flying from the specimen
towards the detector are influenced by meso- and micro-scale parameters, such as the
average radius curvature of the specimen (Walls and Southworth, 1979), its shank angle
(Gipson and Eaton, 1980), and the overall electrostatic environment of the specimen
(Loi et al., 2013). Reconstruction procedures become more and more complex if
shaping of the specimen during field evaporation is considered in the algorithms (Gault
et al., 2011b; Haley et al., 2011). APT reconstruction is currently a hot topic within
the atom probe tomography community, and a complete review is beyond the scope of
this work. Some relevant references are provided for the interested reader (Gault et al.,
2009, 2011a; Larson et al., 2011, 2013a; Vurpillot et al., 2013).

The most intuitive representation of the reconstructed volume is the atom map, as
depicted in Fig. 2.4. In this 3D point representation, a dot or a small sphere representing
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Fe Si Cr Mn C

20 nm

Fig. 2.4 Atom maps for the distributions of Fe, Si, Cr, Mn and C in three dimensions in an
APT specimen containing 15×106 ions obtained from the 0.7C steel transformed at 250 ◦C for
8 h (0.7C/250). Only 105 random ions are represented for each element.

the atom is plotted at magnified specimen coordinates. The locations of the atoms
enable different microstructural features to be visualized, such as clusters, precipitates,
interphases, solute segregation to grain boundaries, or dislocations.

The standard methods of analyzing the 3D APT datasets to provide quantita-
tive information of the microstructure i.e., 1D concentration profiles and proximity
histograms, have been introduced in Section 1.7.1 and will be further discussed in
Chapter 3 and Chapter 4.

Polyphase aberrations

Reconstructions are specially challenging in specimens with multiple phases. In mate-
rials that contain precipitates within a matrix or second phases, the spatial resolution
is strongly degraded by the so-called local magnification effect, which leads to ion
trajectory overlaps close to the interphase interfaces (Miller, 1987; Philippe et al.,
2010b; Seol et al., 2016; Vurpillot et al., 2000).

Fig. 2.5a illustrates the case of a low-field precipitate in a high-field matrix, and
Fig. 2.5b depicts the case of a high-field precipitate in a low-field matrix. When the
evaporation field of a precipitate is lower than that of the surrounding matrix, the atoms
located at the precipitate are preferentially field evaporated and the precipitate region is
flattened on the surface. The trajectories of the precipitate ions deflect inwards, which
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a) b)

Fig. 2.5 Schematics of the trajectory aberrations induced by (a) a low-field precipitate embedded
y a high-field matrix and (b) a high-field precipitate embedded in a low-field matrix. Adapted
from Gault et al. (2012).

causes an increase in the local atomic density in the precipitate region. On the contrary,
a high-field precipitate within a low-field matrix produces a protuberance at the tip
surface, such that the ion trajectories deflect outwards causing an apparent decrease in
the atomic density of the precipitate in reconstructed images (Gault et al., 2012).

In general, different evaporation fields of multiple phases introduce local mag-
nification effects due to different local radii of curvatures, low-field phases having
larger radii of curvature than high-field phases (De Geuser et al., 2007; Miller, 1987;
Vurpillot et al., 2004). Thus, the entire end-form of the tip is altered and the trajectories
of ions in both the matrix and the precipitate are different from those in a monophase
material. Only when sufficient material is evaporated following the disappearance of
the precipitate, the specimen resumes its equilibrium electrostatic end-form (Larson
et al., 2013b).

The deflection of ion trajectories caused by the precipitates affects to both the
atomic density in the precipitate region and the morphologies (shape and size) on the
detector. Several reconstruction procedures have been proposed to overcome local
magnification effects, but their application is complex and limited (Blavette et al., 2001;
De Geuser et al., 2007; Gault et al., 2011b; Marquis and Vurpillot, 2008). Thus, the
definition of interfaces and sizes and shapes of any feature within a matrix should be
handled with extreme caution.
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2.2.3 Positron annihilation spectroscopy

Positron annihilation spectroscopy (PAS) is sensitive to lattice defects (Ferrell, 1956)
and is also capable of detecting the atomic environment of positron annihilation sites
(Hautojärvi and Corbel, 1995). Lattice defects such as vacancies, voids, solute–vacancy
complexes and other open-volume defects are effective traps for thermalized positrons
in metals (Eldrup and Singh, 2003). The annihilation radiation of a positron trapped
in a defect conveys information about the nature of the defect. The positron lifetime
distribution provides information on the type, size and concentration of the defects. In
addition, the Doppler broadening of the annihilation radiation peak at 511 keV, which
depends on the momentum of the electrons annihilating with the thermalized positrons,
can give information about the chemical surround of the positron annihilation site
(Asoka-Kumar et al., 1996; Puska and Nieminen, 1994). Thus, the concurrent positron
lifetime spectroscopy and coincidence Doppler broadening (CDB) measurements in the
0.7 steel transformed to different microstructures will contribute to assess the nature of
the defects and their stability in relation to the alloying elements and the transformation
temperature. The assessment of these subjects is of prime interest to understand carbon
super-saturation in bainitic ferrite and its relation to lattice defects.

Physical basis of positron annihilation spectroscopy

In conventional positron annihilation measurements, the positrons are generated in
a 22Na source according to the decay reaction 22Na →22Ne+e++νe + γ , where the
ground state is reached by the emission of a positron (e+), an electron neutrino (νe)
and a γ–quantum (Krause-Rehberg and Leipner, 1999).

The positron energy decreases in the solid within a few picoseconds by non-elastic
interactions. This so-called thermalization process is short compared with the positron
lifetime and can be neglected. On reaching thermal energies, the positron diffuses
in a periodic repulsive potential centered on the positively charged ion cores of the
atoms, and their wave function is confined to the interstitial region i.e. their density is
highest in the interstitial regions of the lattice (Siegel, 1980). Open-volume defects in
the material provide isolated minima in the potential and localize positrons, which get
trapped in a bound state in such defects. The presence of defects at which positrons
are trapped lead to increases in the observed positron lifetimes relative to that for the
free positrons. This is the result of the trapped positrons annihilating in regions with
an electron density lower than average i.e., the defects (Connors and West, 1969).
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Fig. 2.6 Schematic description of positron annihilation indicating the basis for three experimen-
tal techniques: lifetime, angular correlation and Doppler broadening. Adapted from (Siegel,
1978)

Electron–positron annihilation occurs when an electron (e−) and a positron (e+, the
electron’s antiparticle) collide. The most probable result of the collision at low energies
is the annihilation of the electron and positron, converting all of their mass into energy,
which is released in the form of γ–ray photons in a process where both the energy and
the linear momentum are conserved. The momentum of the electron–positron pair is
transferred to the photon pair. Here, two γ–rays are predominantly produced, each
having an energy equal to the rest mass energy of an electron or positron (m0c2 = 511
eV) plus or minus an energy increment ∆E; and both propagating in opposite directions
plus or minus an angular deviation. Fig. 2.6 shows a schematic representation of
the information collected in common positron annihilation experiments. The γ–ray
photons contain the information measured by the different PAS techniques (Coleman,
2009). Positron lifetime spectroscopy (PLS) is based on the measurement of the time
delay τ between the emission of the positron and the electron-positron annihilation,
the Doppler broadening technique measures the shift in the energy ∆E between the
annihilation photon pair, and the angular correlation technique1 evaluates the angular
distribution of the annihilation photons (180±∆Θ) (Siegel, 1978, 1980). Positron
lifetime yields information regarding the defect types, while Doppler broadening and
angular correlation permit evaluating the momenta of the annihilating crystal electrons,
either valence or core.

1The angular correlation observable requires source capsules of strong activity as compared to the
sources of weak activity needed for conventional positron lifetime and Doppler broadening measurements.
Owing to the difficulties associated with the low counting rates at many of the existing facilities and
the radiation protection requirements, the angular correlation technique is not routinely used in defect
spectroscopy.
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Positron lifetime spectroscopy

The positron lifetime of a single event can be measured by detecting the time difference
between the birth γ–quantum of the decay reaction in the source and one of the
annihilation γ–quanta of an energy of 511 keV. The activity of the source must
be sufficiently low in order to ensure that on average only one positron is in the
sample. This avoids the intermixing of start and stop quanta originating from different
annihilation events. A sandwich arrangement of foil source, samples, and detectors
guarantees that all positrons emitted from the source are penetrating the sample material.
Details about the analog and digital electronics set-up for signal processing can be
found in (Krause-Rehberg and Leipner, 1999). More than 106 single annihilation
events must be recorded in order to obtain the complete positron lifetime spectrum
N(t),

N(t) =
k+1

∑
i=1

Ii

τi
exp(− t

τi
) (2.1)

where the k different defect types contributing to the positron trapping are related
to k + 1 components in the spectra with the individual lifetimes τi and intensities
Ii. Computer programs based on non-linear fitting routines are available for the
decomposition of the spectra, e.g. PAScual by Pascual-Izarra (2007) or PALSfit by
Kirkegaard et al. (2017). Normally, regions of lower-than-average atomic density also
have lower-than-average electron density. The lifetime of positrons trapped in defects
will depend on the average electron density in the defects (the lower the electron
density, the longer the lifetime). Thus, each type of defect gives rise to a characteristic
positron lifetime, τi.

In this work, PAS experiments were performed at Universidad Carlos III de Madrid
(UC3M) in a fast-fast coincidence spectrometer with a time resolution of 230 ps (full
width at half maximum, FWHM) with the use of a 22Na source sealed in kapton
sandwiched between the pair of samples. PLS with a > 106 total count were fitted
subtracting the corrections due to positron annihilation in the 22Na source.

The instrumental time resolution and contribution of the positron source to the
lifetime spectra were determined from measurements on reference samples of annealed
pure iron and silicon single crystals. The source contribution was assessed in two
components; one of 382 ps with an intensity of 13.6% and another of 1.2 ns and 0.2%.
Spectra were fitted with the PATFIT-88 package (Kirkegaard et al., 1989).
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Doppler broadening spectroscopy

Positrons annihilate with electrons in a process where energy and momentum are
conserved. The momentum of the electron–positron pair is transferred to the photon
pair. Here, two γ–ray photons are predominantly produced, each having an energy
equal to the rest mass energy of an electron or positron (m0c2 = 511 eV) plus or minus
an energy increment ∆E; and both propagating in opposite directions plus or minus
an angular deviation, as shown in Fig. 2.6 (Siegel, 1978). The total energy of the
γ–quanta is given by 2m0c2 −EB, where EB is the electron binding energy. When
there is a net center of mass energy associated with the annihilating pair, this total
energy is not split equally among the two γ–rays. One γ–ray is upshifted while the
other is downshifted from the center energy of m0c2 −EB/2 by an amount given
by ∆E = 1/2pLc, where pL is the longitudinal component of the electron-positron
momentum along the direction of the γ–ray emission (Siegel, 1978, 1980). Since the
direction of the γ–ray emission is random, a detector located in a given direction records
both upshifted and downshifted γ–rays (Krause-Rehberg and Leipner, 1999). This
produces an overall Doppler broadening, and characterizing this broadening provides a
sensitive way of examining the electronic environment around the annihilation site.

Fig. 2.7a shows a two-dimensional cumulative spectrum recorded from two alu-
minum plates sandwiching the positron source. For every coincident event, the energies
of both γ–rays (denoted by E1 and E2) are registered in two high-purity Ge (HPGe)
detectors arranged at 180° to each other on both sides of the aluminum plates. These
energies are represented in the horizontal and vertical axes, and the count correspond-
ing to the combination of E1 and E2 is mapped depending on their absolute values. The
most intense central peak centered at E1 = E2 = 511 keV corresponds to annihilations
with the valence electrons. Annihilations with core electrons produce larger Doppler
shifts as compared to valence electrons. Therefore, the tail region of the Doppler-
broadened curve can be analyzed to obtain the momentum distribution of the core
electrons (Asoka-Kumar et al., 1996).

The elliptical region extending diagonally with E1 +E2 = 2m0c2 = 1022 keV
originates from annihilations with high momentum electrons, and this region is nearly
background-free. The diagonal profile is explained by momentum conservation during
the annihilation process. The increase in the annihilation energy in one detector
according to the Doppler shift leads to a simultaneous reduction of the energy in
the second detector, i.e. the sum of the annihilation energies remains constant at
1022 keV. A cut along the diagonal can then be analyzed to observe variations in
shape due to the contributions of core electrons. Fig. 2.7b shows the coincident
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Fig. 2.7 (a) Two-dimensional display of coincident events collected with aluminum samples
and (b) corresponding projection of events along the diagonal. The spectrum contains a total of
33×106 events. Adapted from Harrich et al. (2003)

region of the Doppler broadening spectrum corresponding to a projection onto the
E1 +E2 = 2∆E = pLc axis from Fig. 2.7a. The projection includes events in a window
along the diagonal with 2m0c2 −0.44 keV< E1 +E2 < 2m0c2 +0.44 keV. The width
of the sum energy window is selected to exclude horizontal and vertical bands and
to include regions corresponding to the deficit in sum energies arising out of electron
binding energies. Computational tools enable the automatic and systematic location of
the axis of coincidence and the representation of the Doppler coincidence momentum
distribution for further analysis, e.g. MePASto by Harrich et al. (2003).

In the present work, CBD measurements were performed with two HPGe detectors
in timing coincidence, placed face-to-face with the samples placed at the midpoint
between the detectors. The resulting CDB spectrum was the cumulative spectrum of
24 CDB spectra without evidence of electronic shift, each of them with a count number
> 106 in a 512×512 coincidence matrix. The cumulative spectra have 107 counts in the
strip centred on the matrix diagonal for the energy range 2m0c2−1.6 keV < E1+E2 <

2m0c2 +1.6 keV. The spectra were re-binned from 512×512 to 40×40 energy groups
with a bin width of 2.5×10−3 m0c to decrease the statistical fluctuations of the data in
the high momentum region. The spectra were then normalized dividing the intensity at
a given photon momentum by the corresponding counts in the CDB spectrum of a pure
annealed iron reference sample with the aim of highlighting the differences between
the spectra.



Chapter 3

Carbon content in the ferritic
phase of high-silicon steels

In this Chapter a novel APT data analysis method has been successfully tested in a
pearlitic ferrite sample with a known carbon composition for its application to the
ferrite matrix of different bainitic structures. Results indicate that the amount of carbon
that remains in solid solution in bainitic ferrite is significantly smaller than that derived
from the tetragonal ratio as determined by diffraction studies. This suggests that the
increased tetragonality detected by XRD is the result of carbon-enriched features within
ferrite, i.e. carbon clusters, with a locally increased tetragonality. Such a distribution
of carbon into clusters surrounded by a depleted matrix is representative of the early
stages of decomposition of ferrous martensites
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3.1 Tetragonal ferrite

In bainitic steels, additions of at least 1.5 wt.% Si prevent the precipitation of cementite
between plates of bainitic ferrite, but cannot retard the precipitation of cementite
inside the ferrite plates at low transformation temperatures (Kozeschnik and Bhadeshia,
2008). The carbon that is rejected from the bainitic ferrite enriches the surrounding
austenite, so that it can be stabilized at room temperature. The microstructure in
high-silicon bainitic steels roughly consists of bainitic ferrite interwoven by retained
austenite regions, although martensite regions might appear when the austenite carbon
enrichment is insufficient.

In the case of 0.7C and 1.0C bainitic steels, the level of carbon in the austenite
after transformation ensures that no martensite will be formed. Here, two phases
are mainly present; austenite and bainitic ferrite. In the meantime, in the bainitic
microstructures produced from 0.3C steel, the carbon enrichment of large regions of
austenite is not sufficient for the austenite to be stable at ambient temperature, so that
martensite will form during the last quenching stage after bainitic transformation. In
these microstructures, martensite and ferrite peaks are not distinguishable in the XRD
spectra and definitive conclusions in terms of carbon supersaturation in bainitic ferrite
cannot be drawn from the lattice parameters derived from XRD measurements.
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Fig. 3.1 Observed XRD pattern (blue open circles) and calculated intensity by Rietveld re-
finement analyses (red solid line) obtained in the 0.7C/250 structure considering a mixture of
(a) bcc ferrite (α) and austenite (γ) and (b) bct ferrite and (α′) austenite (γ). The differences
between experimental data and the fitted simulated pattern are plotted as a continuous gray line
at the bottom, and the contributions of the component phases are plotted in different colors
(orange for ferrite and green for austenite).

As expected, conventional XRD patterns of the bainitic microstructures showed
only diffraction peaks for ferrite and austenite. The Rietveld refinement used to analyze
the patterns includes the crystal structure model for ferrite and austenite, together with
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the double-Voigt line-broadening analysis. Fig. 3.1 shows the Rietveld fitting of an
XRD pattern obtained from the 0.7C/250 structure, where the observed data are shown
by the blue open circles and calculated data are represented by the red solid line. The
difference between experimental data and the fitted simulated pattern is plotted as a
continuous gray line at the bottom, and the contributions of the component phases are
shown in different colors (orange for ferrite and green for austenite). When considering
a mixture of bcc ferrite and a fcc austenite, the calculated peaks are too narrow when
compared to the experimental peak shapes, as shown in Fig. 3.1a. In this case, peak
broadening cannot be associated only to crystallite size and microstrain effects. Indeed,
broadening differences between measured and calculated diffraction peaks affect most
to certain ferrite peaks, especially the {200}α reflection at 2ϑ ≃ 77.5°. A reduction
in the symmetry of the crystal structure of bainitic ferrite justifies this effect i.e., a
tetragonal (rather than cubic) structure with a I4/mmm space group. Fig. 3.1b shows
that the fitting is greatly improved when considering a mixture of bct ferrite and fcc
austenite. This is consistent with previous studies where bainitic ferrite isothermally
formed at temperatures between 200 and 300 ◦C in similar steels presents a tetragonal
unit cell (Garcia-Mateo et al., 2015). Thus, the Rietveld refinement method used here
to analyze XRD patterns includes the crystal structure model for bct ferrite (α′) and
fcc austenite (γ), together with the line-broadening analysis of diffraction peaks with
the double-Voigt approach (Balzar and Ledbetter, 1993).

5 0 5 5 6 0 6 5 7 0 7 5 8 0

0

2

4

6

5 0 5 5 6 0 6 5 7 0 7 5 8 0

0

2

4

6a )

Co
unt

s, ×
10

3

2 ϑ,  d e g

 α
 θ

b )

2 ϑ,  d e g

 α'
 γ

Fig. 3.2 Observed XRD pattern (blue open circles) and calculated intensity by Rietveld refine-
ment analyses (red solid line) obtained in (a) the 0.7C/PER structure considering a mixture
of bcc ferrite (α) and cementite (θ) and (b) the 0.7C/M structure considering a mixture of
bct ferrite and (α′) austenite (γ). The differences between experimental data and the fitted
simulated pattern are plotted as a continuous gray line at the bottom, and the contribution of
the component phases are plotted in different colors (orange for ferrite, green for austenite and
pink for cementite).
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In the case of the pearlitic structures 0.7C/PER and 1.0C/PER, XRD measurements
show a cubic structure of the ferritic phase with a lattice parameter of 2.867 Å in either
case. Fig. 3.2a exemplifies the Rietveld fitting of a XRD pattern obtained from the
0.7C/PER structure, where the observed data are shown by the blue open circles and
calculated data are represented by the red solid line. The diffraction peaks of ferrite,
represented by the orange solid line, are narrower than those observed for bainitic
ferrite in Fig. 3.1. Indeed, if a tetragonal bct lattice is forced into the Rietveld fitting in
this case, the tetragonal ratio obtained is (c/a)α ′ = 1, i.e., the lattice is cubic. Thus,
the composition of pearlitic ferrite in these microstructures is expected to be close to
the equilibrium. The additional peaks in the diffraction pattern have been identified as
cementite, shown by a solid pink line.

The Rietveld fitting for the 0.7C/M martensitic structure is illustrated in Fig. 3.2b.
In this case, the {200}α ′ diffraction peak at at 2ϑ≃ 77.5° is split into two sub-peaks,
(002)α ′ and (020,200)α ′ doublet, which are characteristic of bct ferrites having a high
tetragonal ratio (Garg and McNelley, 1986; Luo, 2016). The additional peaks in the
diffraction pattern correspond to retained austenite, shown by a solid green line.

The structural data results of the Rietveld XRD pattern refinements are shown in
Table 3.1. Differences in the (c/a)α ′ ratio of baintic ferrite and the lattice parameter
of retained austenite aγ after the isothermal heat treatments are rather small, though
tendencies indicate that the (c/a)α ′ ratio is increased either when the carbon content
of the steel is increased or the bainitic transformation temperature is decreased.

Table 3.1 Results of the Rietveld XRD pattern refinement analyses on the studied structures.

Sample Vγ , % aγ , Å (c/a)α ′ Dα ′ , nm εα ′ ×10−3

0.3C/325† 17±2 3.612±0.002 –– –– ––
0.3C/350† 18±2 3.612±0.002 –– –– ––
0.7C/M 16±2 3.587±0.002 1.0332±0.0004 >100 7.3±0.2
0.7C/220 17±2 3.605±0.002 1.0083±0.0004 35±3 5.1±0.2
0.7C/220 + 6d 12±2 3.610±0.002 1.0082±0.0004 40±3 5.2±0.2
0.7C/250 19±2 3.615±0.002 1.0077±0.0004 37±3 4.9±0.2
0.7C/300 25±2 3.623±0.002 1.0071±0.0004 51±3 4.0±0.2
1.0C/200 28±2 3.619±0.002 1.0090±0.0004 29±3 5.6±0.2
1.0C/250 32±2 3.628±0.002 1.0084±0.0004 34±3 4.9±0.2

Vγ is the volume percent of austenite, aγ is the lattice parameter of austenite, (c/a)α ′ is the lattice
parameter ratio in bainitic ferrite, Dα ′ is the bainitic ferrite crystallite size and εα ′ is the microstrain in
bainitic ferrite.
†Given that both martensite and bainitic ferrite are present in the microstructures, and these phases cannot
be distinguished by XRD analyses, Rietveld refinement results are omitted in the bcc/bct phase.



3.2 Carbon concentration measurements by atom probe tomography 49

3.2 Analytical procedure for carbon concentration measure-
ments by atom probe tomography

In order to obtain direct measurements of the carbon content of bainitic ferrite, APT
analyses were performed. The usual description of a matrix assumes a random distribu-
tion of the solute atoms throughout the matrix, which is consistent with the definition
chemical disorder, which states that the probability of an atom to occupy a lattice
site is equal to its average concentration in all lattice sites. Therefore, the ferrite
matrix will be considered as the low-carbon regions in the material where the solute
atoms are randomly distributed. Defining and assessing randomness is not trivial and
the interpretation of atom probe datasets where very fine solute clustering is present
requires careful consideration. Up-to-date overviews are given by Cairney et al. (2015);
Marquis and Hyde (2010) and are not discussed in detail here for the sake of brevity.

Here, a recently developed method to be applied in APT datasets containing two
phases or more has been used to calculate the carbon content of the ferrite matrix, which
uses the distribution of isolated atoms for the determination of the matrix composition
(DIAM) as proposed by De Geuser and Lefebvre (2011). The principle of this method
relies on the calculation of the relative amount of isolated atoms (i.e., not surrounded
by a similar solute atom) within a sphere of radius d. Thus, the average number of
carbon solute atoms n in a sphere of radius d is given by:

n =
4
3

πd3 N0

V
(3.1)

where N0 is the total number of carbon atoms and V is the total analyzed volume.
The probability of a carbon atom to be isolated, i.e. not to be neighbored by another
carbon atom within a sphere of radius d is given by the probability of Poisson P0(0,n)
and can be written as

Piso(n) = P0(0,n) = e−n = e−
4
3 πd3 N0

V (3.2)

Fig. 3.3b shows the probability of a carbon ion in Fig. 3.3a to be isolated as
a function of the distance d. For d = 0 all ions are isolated and Piso(d) = 1. The
probability of an ion to be isolated within a sphere decreases as the radius of the sphere
d increases until Piso(d) = 0 for large d values.

Considering a volume containing carbon-rich regions of concentration Cp (i.e.
clusters, Cottrell atmospheres, and second phases) embedded in a carbon-depleted
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Fig. 3.3 (a) APT carbon atom map of the 0.7C/220+6d sample and (b) Probability for a carbon
ion to be isolated as a function of the distance d and (c) Probability for a carbon ion to be
isolated as a function of n in the volume shown in (a), where the black solid line represents the
linear fit for the matrix contribution regime according to Eq. 3.4
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matrix of concentration Cm, the probability of a carbon atom to be isolated is different
for the fraction of atoms v belonging to the carbon-rich regions and the fraction of
atoms (1− v) belonging to the carbon-depleted matrix. Thus, the probability of an
atom to be isolated in the whole volume is

Piso(n) = ve−
Cp
C0

n
+(1− v)e−

Cm
C0

n (3.3)

where C0 is the volume overall composition in carbon atoms. Eq. 3.3 is the sum
of two decreasing exponential functions, and given that Cp >Cm the first exponential
term decreases faster and can be neglected for large values of n. The logarithm form of
the expression allows the probability to be reduced to a straight line (De Geuser and
Lefebvre, 2011):

ln[Piso(n)] = ln[1−P1NN(n)]≈ ln(1− v)− Cm

C0
n (3.4)

The term on the left side of Eq. 3.4 can be readily computed by the first nearest
neighbor distribution, since P1NN(d) is the integral sum (or cumulative sum in the
discrete case) of the first nearest neighbors distribution (Philippe et al., 2009). A
change of variable should follow to obtain P1NN(n) and then Piso(n). Finally, Cm can
be determined from the slope of ln[Piso(n)].

A statistical error sm can been derived from the standard error indirectly evaluated
by the DIAM method and the standard error of the calculated slope in Eq. 3.4, siso, as
follows:

sm =

√
Cm(1−Cm)(1−Q)

(1− f )NT
+ sisoC0 =

√
Cm(1−Cm)(1−Q)

(1− v)C0
Cm

NT
+ sisoC0 (3.5)

where Q is the detection efficiency, f is the molar fraction of the carbon-rich
phases, making (1− f ) the molar fraction of the matrix, and NT is the total number of
atoms in the volume. The multiplier term (1−Q) in Eq. 3.5 is added to calculate the
standard deviation in a sub-part of the probed volume (Danoix et al., 2007), indicating
the standard deviation on the given local concentration as opposed to the standard
deviation on an estimate derived from various individual local concentrations.

Since the average nearest neighbor distance in the carbon-rich features is smaller
than in the matrix, they are represented by the low d region in Fig. 3.3b, while the
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high d region corresponds to the matrix. Fig. 3.3c presents the direct application of
the DIAM method to the volume presented in Fig. 3.3a. The linear fit according to
Eq. 3.4 (black solid line) was performed in the linear regime for large values of n
that are attributed to the matrix contribution. The nmin and nmax parameters between
which the linear fit is performed can be determined in an automated way. On the
one hand, nmax is limited to data of statistical significance, i.e. when N0Piso(n) > β ,
where β is a number of atoms. On the other hand, nmin is the value which makes the
carbon-enriched features contribution negligible against the matrix contribution, and
can be written as (De Geuser and Lefebvre, 2011):

nmin =
−C0

Cp −Cm
ln
[

ξ (1− v)
v

]
(3.6)

where ξ is a number sufficiently small to avoid the influence of the carbon-enriched
features interfaces. A visual inspection of the fit tells if the value of ξ needs to be
lowered. The parameters used in this work are β = 5 and ξ = 10−8. Cp and v can be
obtained from the linear fit in Eq. 3.4 and a simple mass balance. Though there is
a large uncertainty associated to the value of v thus obtained, it can be used for the
determination of nmin (De Geuser and Lefebvre, 2011).

For the application of the DIAM method, the first nearest neighbor distribution
of carbon atoms is needed. Carbon is field-evaporated as molecular ions in the form
of monomers (C1 ), dimers (C2 ), trimers (C3 ), and tetramers (C4 ). In the case of
carbide phases, field-evaporation results in an enhanced formation of molecular ions
and their presence is assumed not to be proportional in both the precipitates and the
matrix. Thus, the DIAM method was applied separately to the C1, C2, C3 and C4 ions.

On the other hand, for very dilute solid-solutions, the detection limit or the mini-
mum concentration that can be detected in the analyzed material is extrinsically limited
by the sources of the background noise. Although the background can never be elimi-
nated, it can be minimized by optimizing the operation conditions. The contribution of
the background to the major element is usually slight, but this is not the case for the
minor elements. It follows that it is also essential to perform a background correction
in the mass spectrum to get precise measurements in the matrix. The first nearest
neighbor distribution, as obtained by the IVAS software, contains all the signal and
the background atoms for a given mass range. A proper background subtraction after
application of the DIAM method becomes necessary to estimate the carbon content of
ferritic structures.
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Fig. 3.4 Relationship between the uncorrected carbon and the corresponding background in
the mass spectra extracted from the volume shown in Figure 3.4. The solid line at the bottom
delimits the region where the carbon concentration is greater than the background. Note that
the carbon axis is represented in logarithmic scale.

To that purpose, a local range-assisted peak decomposition was performed in
the mass spectrum of five different volumes within a needle, where a background
estimate was calculated for each ranged peak based on the number of counts present on
either side of the range. The peak decomposition helps to compute the corrected ionic
composition for each of the carbon species Ccorr

i (Ccorr
1 , Ccorr

2 , Ccorr
3 , Ccorr

4 ), as well as
the corresponding background of each of the carbon species Bkgi (Bkg1, Bkg2, Bkg3,
Bkg4). It follows that one can obtain the corrected composition as: Ccorr

i =Ci −Bkgi,
where Ci is the concentration of the carbon ions without background subtraction
(uncorrected carbon).

Fig. 3.4 shows the application of the described procedure in five different volumes
obtained from a single needle of the 1.0C/PER sample. In all cases, the relationship
between the uncorrected carbon content and the corresponding background follows a
straight line with the equation:

Ci = aiBkgi +bi (3.7)

where ai and bi are the slope and the intercept of the linear fit for each of the carbon
species, respectively. The carbon content of the matrix, as obtained for each of the
species from the DIAM method, can then be corrected as follows:

Ccorr
im =Cim −Bkgim (3.8)



54 Carbon content in the ferritic phase of high-silicon steels

Ccorr
im =Cim

(ai −1
ai

)
− bi

ai
(3.9)

Since the relationship between the uncorrected carbon content and the correspond-
ing background is linear, the application of the process in three volumes within a needle
is enough to find the relationship between the uncorrected composition for each of the
carbon species and the associated background. The three volumes to be analyzed are
the entire needle itself and two other volumes extracted from it. The average carbon
composition of the needle was typically taken as a threshold to obtain both the carbon
low-gradient side and the high-gradient side volumes.

However, for the application of Eq. 3.8, one must consider if the measured carbon
content Cim is actually detectable, i.e. it can be measured experimentally, or its merely
background. This quantity is related to the mass resolution, the background level and
the total ion count in the analyzed volume. A criterion of detectability can be expressed
as a function of the standard deviation associated with the background level and that
associated with the peak detected according to Pareige et al. (2016),

NP −
√

NP(1−Q)> NB +
√

NB(1−Q) (3.10)

where Q is the detection efficiency and NP and NB are the average counts per
interval at the peak maximum and the background respectively. Since for each of the
carbon ions all the detected peaks are evaluated simultaneously in order to obtain Cim,
Eq. 3.10 can be expressed as a function of the concentration as follows:

Cim −
√

Cim(1−Q)> Bkgim +
√

Bkgim(1−Q) (3.11)

If the detectability criterion is fulfilled a correction according to Eq. 3.9 is applied,
otherwise no atoms of the given carbon ions are considered to belong to the matrix. The
corrected average carbon composition in the matrix is finally obtained by decomposing
the complex carbon species into carbon atoms:

Ccorr
m =

Ccorr
1m +2Ccorr

2m +3Ccorr
3m +4Ccorr

4m
1+Ccorr

2m +2Ccorr
3m +3Ccorr

4m
(3.12)

The errors associated to each of the carbon ions are propagated to account for
Eq. 3.12:
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scorr
m =

√
4

∑
i=1

(
∂Ccorr

m

∂Ccorr
im

)2

s2
im (3.13)

3.3 Mass-to-charge spectra

Fig. 3.5a shows a representative mass-to-charge spectrum of a bainitic structure ob-
tained from the 1.0C/250 sample. Carbon has several peaks corresponding to various
species in the mass spectrum. According to its mass-to-charge (Da) ratio, peaks at 6,
6.5, 12 and 13 Da ere assigned to C1 monomer ions and peaks at 18, 18.5 and 36 Da to
C3 trimer ions. In most of the analyses, peaks at the range 24–26 Da were detected.
Peaks at 24.5 and 25.5 Da are assigned to the carbon tetramer C4, while peak at 24 Da
can be due either to C+

2 or C2+
4 , or a mixture of both. A peak decomposition algorithm

supplied by the IVAS software was applied to decompose this peak.

Regarding substitutional elements, and depending on the alloy compositions given
in Table 1, peaks for Fe, Si, Mn, Cr, Ni, Mo and Cu can be identified in addition to
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Fig. 3.5 (a) Example of an APT mass spectrum of bainite obtained from the 1.0C/250 sample.
Significant peaks for the alloying elements C, Fe, Si, Mn, Cr, Mo, Ni and Cu are marked. (b)
and (c) mass spectra for pearlitic ferrite and pearlite, respectively in the 0.7C/PER sample.
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minor impurity elements, Co, Al and P. Fe is identified at 18.7, 27, 28, 28.5, 29 and
56 Da. Si is unambiguously assigned to peaks at 14, 14.5 and 15 Da; Mn is assigned to
peak at 27.5 Da; Cr to peaks at 25, 26, 26.5 and 27 Da; Ni to peaks at 29, 30 and 31 Da;
Mo to peaks at 30.6, 31.3, 31.6, 32, 32.3, 32.6, 33.3, 46, 47–49 and 50 Da; Cu to peaks
at 31.5, 32.5, 63 and 65 Da; Co to peak at 29.5 Da; P to peak at 15.5 and 31 Da; and
Ga to peaks at 34.5 and 69 Da. Overlaps are found at peak at 27 Da for 54Cr2+ and
54Fe2+; and at peak at 31 Da for 62Ni2+ and 31P+. These overlapped peaks have been
decomposed according to the natural abundance of the isotopes, as calculated by the
peak decomposition algorithm provided by IVAS (Yao et al., 2016).

Fig. 3.5b and Fig. 3.5c show part of two APT mass-to-charge spectra of the
0.7C/PER sample containing only pearlitic ferrite and a cementite/pearlitic ferrite
interphase, respectively. Only the carbon monomer ions are identified in pearlitic
ferrite (Fig. 3.5b), whereas the presence of all the carbon molecules is revealed when
cementite is also present in the dataset (Fig. 3.5c). Other APT studies conducted
in pearlitic steels after severe plastic deformation show that the carbon tetramer C4

is generally absent in ferrite if the compositions of both ferrite and cementite are
separately determined, but the C2 dimer ions exist in ferrite at the peak at 24 Da (Li
et al., 2011a,b, 2012). Plastic deformation of pearlite promotes the decomposition of
cementite with the subsequent migration of carbon atoms towards the ferrite close to
the interphase boundary or along dislocation cell boundaries (Danoix et al., 2015; Li
et al., 2011a,b; Sauvage and Ivanisenko, 2007; Sauvage et al., 2000, 2009). In the
present case, the absence of all carbon multiples in the pearlitic ferrite phase can be
interpreted as an evidence of the repulsive component of C–– C interaction in cubic
ferrite (Bhadeshia, 2004; Cottrell, 1995) i.e., carbon atoms are sufficiently far from
each other not to produce a molecular bonding during field evaporation.

3.4 Validation of the analytical procedure

Fig. 3.6 shows two APT carbon atom maps of the 1.0C/PER sample containing only
pearlitic ferrite (Fig. 3.6a) and a cementite/pearlitic ferrite interphase (Fig. 3.6b). These
two volumes were chosen to test the differences in carbon composition measurements
when evaluating a pure matrix volume and the same matrix in the presence of a
precipitate. It is reminded here that local magnification effects often occur in the
vicinity of precipitates given the differences in the evaporation field between these
and the matrix. Local magnification effects are reflected as focusing or defocusing
artifacts and overlaps of the ion trajectories in the vicinity of the precipitate/matrix
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Fig. 3.6 APT carbon atom maps of the 1.0C/PER sample in (a) pearlitic ferrite region and (b)
cementite/ferrite interphase

interface. The lower evaporation field of carbides leads to a widened apparent carbon
concentration gradient at the interfaces between the ferrite matrix and the precipitate.
In the case of pearlite, the reconstruction parameters of the APT atom maps can
be optimized; first by probing perpendicularly to the pearlitic lamellae (Takahashi
et al., 2009), and second by using correlative high-resolution scanning transmission
electron microscopy (HR-STEM) images as templates in order to minimize distortions
of the reconstructed volume (Herbig et al., 2014; Ivanisenko et al., 2006; Sauvage
and Ivanisenko, 2007; Sauvage et al., 2009). In principle, local magnification artifacts
affect only the precipitates regions and a good estimate of the matrix composition can
be obtained if nmin is suitably chosen so that every other phase or interface contribution
can be neglected (De Geuser and Lefebvre, 2011).

The application of the DIAM method is not necessary in the case of pearlitic ferrite
in Fig. 3.6a, and the carbon composition was obtained by the peak decomposition algo-
rithm provided by IVAS, giving a value of 0.01 at.% in 0.7C/PER and 0.03±0.01 at.%
in 1.0C/PER. When applying the DIAM method to the 1.0C/PER volume shown in
Fig. 3.6b the carbon content obtained is 0.04±0.01 at.%. The apparent carbon ob-
tained in the analogous volume of 0.7C/PER is 0.02±0.01 at.%. The carbon content
of pearlitic ferrite under thermodynamic equilibrium is expected to be lower than
0.02 at.%, so that it is slightly overestimated in either case.
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There are several examples in the literature where atom probe tomography analyses
indicate an anomalous carbon-supersaturation in pearlitic ferrite at thermodynamic
equilibrium; e.g. 0.06 at.% (Danoix et al., 1998), 0.11 at.% (Tu et al., 2014), 0.18 at.%
(Aranda et al., 2015) and 0.48 at.% (Liu et al., 2016). Such a high carbon content
is often ignored, if ever, it has been attributed to a non-equilibrium state in the mi-
crostructure (Danoix et al., 1998; Miller and Smith, 1977) but not to the validity of the
measurements nor the actual solubility of carbon in ferrite in complex alloy systems.
Indeed, silicon has been recently shown to increase the carbon solubility limit in ferrite
up to 0.03 at.% at 700 ◦C (Saitoh et al., 2011). In any case, the values obtained in both
the pure ferrite and the pearlite volumes are consistent and within the order of mag-
nitude of what it is expected. Accordingly, the described procedure can be fearlessly
applied for the determination of the carbon content of a bainitic ferrite matrix.

It should be mentioned that neighbor correlations cannot be readily established
for carbon when the detector event histogram shows specific low-index poles. These
low-index poles could cause deviations in the carbon spacing within the pole regions,
which would affect the carbon concentration calculated using the DIAM method. The
[110]α pole was observed in the detector event histogram retrieved from pure ferrite,
as shown in Fig. 3.7a. However, neither the bainitic nor the pearlitic samples showed
strong evidence of a pole structure due to the complexity of the microstructures, and
therefore, poles could not be extracted for the NNDs (see Fig. 3.7b). The DIAM
method was tested using a pearlitic steel to verify that the carbon content of ferrite
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Fig. 3.7 Detector event histograms for (a) pearlitic ferrite APT reconstruction obtained from
the 1.0C/PER microstructure and (b) bainite APT reconstruction obtained from the 0.3C/350
microstructure. Note the presence of a low-index pole in pearlitic ferrite (enclosed by the white
circle).
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can be accurately calculated such that concentration deviations due to detector event
histogram poles are minimal.

3.5 Carbon concentration measurements in the bainitic fer-
rite matrix

Table 3.2 collects the carbon content of bainitic ferrite as obtained by different tech-
niques and methodologies. Carbon concentration values are given according to the
procedure described in this work (CAPT

α ) as compared to the APT values found in the
literature (Fig. 4a in Garcia-Mateo et al. (2015)) for the same steel and transformation
conditions (CRe f

α ), the carbon content as derived from the (c/a)α ′ ratio obtained by
XRD experiments according to Cheng et al. (1990) (CXRD

α ′ ) and the calculated values
for bainitic transformation under paraequilibrium conditions (x′′αγ ).

There is a notable difference between the carbon content values obtained in this
work and the APT values previously given in the literature. In the case of the bainitic
structures obtained from the 0.7C and 1.0C steels, the present values corroborate
that bainitic ferrite out of carbon-enriched features is supersaturated with respect to
the ferrite/austenite phase boundary under paraequilibrium conditions. Tendencies
indicate that for a given steel the level of carbon supersaturation decreases as the
transformation temperature is increased, with depletion of carbon in the ferrite matrix

Table 3.2 Carbon content of ferrite for the studied structures as obtained by APT measurements.

Sample CAPT
α , at.% CRe f

α , at.% CXRD
α ′ , at.% x′′αγ , at.%

0.3C/325 0.05±0.01 0.29±0.09 –– 0.05
0.3C/350 0.05±0.01 0.28±0.09 –– 0.06
0.7C/M 0.85±0.01 N/A 2.80±0.04 ––
0.7C/220 0.22±0.01 0.76±0.36 0.87±0.04 0.02
0.7C/220 + 6d 0.13±0.01 1.00±0.14 0.86±0.04 0.02
0.7C/250 0.14±0.01 0.95±0.24 0.81±0.04 0.03
0.7C/300 0.14±0.01 N/A 0.73±0.04 0.05
1.0C/200 0.13±0.01 N/A 0.95±0.04 0.01
1.0C/250 0.10±0.01 N/A 0.90±0.04 0.03

CAPT
α is the amount of carbon randomly distributed in ferrite according to the procedure

described in this work, CRe f
α is the carbon content of ferrite according to the APT values found

in the literature (Garcia-Mateo et al., 2015) for the same steel and transformation conditions,
CXRD

α ′ is the carbon content in bainitic ferrite as determined from XRD data according to Cheng
et al. (1990) and x′′αγ is the calculated carbon content of ferrite in paraequilibrium with austenite
as described in Section 1.6.2. N/A stands for Not Available.
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after prolonged heat treatment. On the contrary, the bainitic ferrite matrix in the 0.3C
steel meets the carbon solubility value that is predicted by the paraequilibrium with
the austenite. This result is not surprising, since it is usually assumed that carbon
diffusivity is enhanced as the transformation temperature is increased, providing an
opportunity for the decarburization of the supersaturated ferrite soon after the growth
event (Garcia-Mateo et al., 2015).

It should be lastly mentioned that the present APT measurements errors are based
solely on counting statistics ignoring all other sources of uncertainities, e.g., complex
ion dissociation, multi-hit/pile-up effects, reconstruction artifacts, etc. Stating here
that a difference of 0.1 at.% between what is measured and what is expected is a clear
evidence carbon-supersaturation means pushing the capacity of the APT to its limits.
The discussion will hereinafter be focused in the significant differences found between
the APT and the XRD technique.

3.6 Carbon supersaturation in ferrite and tetragonality

As stated, the most reasonable explanation up to now for carbon supersaturation in
bainitic ferrite is that the unit cell is non-cubic. The diffusionless transformation of
the austenite containing carbon necessarily leads to a bct lattice in the very beginning
of the transformation (Bain, 1924; Fink and Campbell, 1926; Honda and Nishiyama,
1932). Carbon interstitial atoms occupy octahedral sites in both ferrite and austenite,
but only one set of such sites, Z, is common to both lattices. Upon a diffusionless
transformation, the octahedral symmetry of the interstitial carbon atoms in the original
fcc lattice is maintained in the bcc lattice, increasing the number of carbon atoms at
Z sites. However, the carbon atom expands the octahedral void in the bct lattice by
pushing apart two iron atoms in a direction that becomes the c axis of the bct cell,
which align in parallel. The preferred location (ordering) of carbon atoms on one set
of octahedral interstices leading to a bct lattice is usually referred to as the Zener order
(Zener, 1946a). However, tetragonality is not merely an effect of the diffusionless
transformation, and the elastic (strain induced) interactions in the Fe–C bct lattice
may cause ordering. The atoms will tend to randomize if the temperature is above the
required temperature for Zener ordering and the bct lattice will turn into bcc (Zener,
1946a). Based on Zener’s considerations, Kurdjumov and Khachaturyan (1975) later
developed a model for the order-disorder transition using their microscopic elasticity
theory. Several models have followed which describe carbon ordering in tetragonal
martensite, such as those developed by Fan et al. (1995); Khachaturyan (1983); Naraghi
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et al. (2014); Udyansky et al. (2009). In their recent work, Djaziri et al. (2016) have
developed a full thermodynamic approach of Zener coupling which also considers any
type of internal or external lattice strains, such as those arising from applied loads
or microstructural strains of second or third order. These effects have been shown to
change the critical transition temperature for Zener ordering in a direction similar to
the works of Kurdjumov and Khachaturyan, extending the stability region of bct.

Carbon concentration values derived from XRD analyses are five to nine times
as much as the ones obtained by APT (see Table 3.2). The question then arises as to
what extent the observed tetragonality is related to the ferrite matrix. The difficulties
in making comparisons between XRD and APT data in nanocrystalline bainite have
been recently reviewed by Bhadeshia (2015a), pointing towards the huge differences
in sampling volumes, combined with the fact that the scale of the heterogeneous
distribution is much greater than that of the sample size in atom probe. However,
the characteristic length of nanocrystalline bainitic ferrite (∼40 nm) allows sampling
various platelets in a single APT needle, that could be representative enough of the
whole matrix. It is true that the carbon content of each bainitic subunit may vary
depending on its thickness, the presence of carbides, and the density of dislocations
(Timokhina et al., 2011a), but these variations hold in a very limited composition
interval around the average value.

A shift in the solute distribution away from the randomized distribution is indicative
of correlations of occurrence of ions (ordering) or other microstructural phenomena
(Miller, 2000). The carbon contents determined in this work have been forced to be
randomly distributed, i.e. disordered. Each set of atoms occupies one set of positions
in the fully ordered state, while the atoms are randomly distributed among the sites
they occupy in disordered solutions. Short-range order is a description of the atomic
configuration in the immediate vicinity of an atom; if the average number of unlike
neighbors of an atom is higher than expected from a random distribution, the alloy
possesses short-range order. The extent to which this ideal arrangement is achieved
is a measure of the long-range order of the structure. It is usual for there to be an
appreciable short-range order, but not long-range order (Christian, 2002). The bct phase
inherits the spatial distribution of atoms, which was present in austenite. The austenite
before transformation could be considered as an ordered structure with iron occupying
one position, and a mixture of carbon and vacancies occupying the other (short-range
ordering). The reality is a random distribution of carbon on interstitial sites because the
stress-induced energies of the carbon atoms’ interaction in austenite are small (Cahn,
1992; Kurdjumov and Khachaturyan, 1975). Accordingly, APT measurements over a
random, and thus, disordered distribution of carbon in the long-range, are in principle
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compatible with a bct phase which inherits the random distributrion of carbon atoms in
the austenite, holding specific positions of the carbon atoms in the bct lattice.

However, the discrepancies between XRD and APT results suggest that the in-
creased tetragonality detected by XRD would rather come from tetragonal carbon-
enriched features within ferrite, i.e. carbon clusters. The development of local enrich-
ments of carbon (clusters), in association with a locally increased tetragonality, may
produce the overall (c/a)α ′ ratio that is detected by XRD. Such a distribution of carbon
into clusters with an increased tetragonality surrounded by a depleted matrix has been
thoroughly studied in the early stages of decomposition of Fe–C, Fe–N, Fe–C–N, and
Fe–C–X martensites, e.g. (Ferguson and Jack, 1984; Han et al., 2001; Van Genderen
et al., 1993, 1997a). Carbon present in austenite is trapped in the tetragonal lattice
leading to a random distribution of carbon in virgin martensite. This situation is only
maintained at temperatures where carbon is not mobile. If martensite forms or is held
at temperatures where carbon is mobile, the tempering of martensite is manifested
by a chain of interconnected reactions including carbon segregation to lattice defects
(Kalish and Cohen, 1970; Speich and Leslie, 1972), carbon atom clustering (Hirotsu
and Nagakura, 1974; Kusunoki and Nagakura, 1981; Nagakura et al., 1975; Taylor
et al., 1989a; Van Genderen et al., 1997b), carbon ordering (Kajiwara et al., 1989;
Nagakura et al., 1983) and carbide precipitation (Hirotsu and Nagakura, 1972; Hi-
rotsu et al., 1976; Speich and Leslie, 1972; Taylor et al., 1989b). In the presence of
retained austenite, there is a chance for carbon to partition from martensite at elevated
temperatures.

There are remarkable analogies between low temperature bainite transformation
and the sequence of processes occurring during the early stages of ageing of martensites.
The carbon content here detected by APT does not agree with the carbon content
derived from XRD measurements due to the fact that XRD measurements average
the structure of the carbon cluster regions and non-carbon cluster regions within the
ferrite. The origin and nature of carbon clusters in bainitic ferrite is the focus of the
next Chapter.



Chapter 4

Carbon–vacancy interaction and
carbon clustering in low
temperature bainite

Diffraction experiments have shown that the ferrite lattice is sufficiently Zener-ordered
to possess a tetragonal symmetry, which allows the structures to be super-saturated
in carbon. It could be expected that carbon undergoes ordering beyond that indicated
by the Zener ordering temperature as in the early stages of tempering of iron-based
martensites. In parallel, a high density of intrinsic defects in the form of C–vacancy
complexes would be playing a part in the carbon-supersaturation levels detected. This
Chapter pries into the formation of cluster arrangements of carbon within bainitic
ferrite and its relationship with both the tetragonal distortion and the presence of point
defects.
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4.1 Interaction between carbon atoms and lattice defects

Table 4.1 presents the PLS results in the structures obtained from the 0.7C steel. Results
for the martensitic and bainitic microstructures show a lifetime around 160 ps, whereas
the pearlitic structure (0.7C/PER) shows a slightly lower PLS value. Fitting the data
to a two-model state using the bulk lifetime (∼110 ps (Dupasquier et al., 1979)) and
single vacancy lifetime (∼175 ps (Robles et al., 2007)), that would result in an average
lifetime that matches the obtained results, was completely unsuccessful even fixing the
lifetime parameters. This means that the ∼160 ps lifetime corresponds to defects whose
lifetime is shorter than the lifetime associated to iron single vacancies, and that positron
trapping saturates at those defects, avoiding the distinction between annihilation at
these and annihilation at the bulk. A lifetime shorter than that corresponding to
annihilation in iron single vacancies is associated to the annihilation in a C–vacancy
complex formed by the capture of migrating vacancies by carbon atoms (Takaki et al.,
1983; Vehanen et al., 1982). The experimental lifetime obtained for these C–vacancy
complexes has been reported to be 160 ps. The fact that carbon has a high affinity
for positrons (Puska and Nieminen, 1983) explains the impossibility of determining
the annihilation component in the bulk of the material (rather than having a high
concentration of defects).

Table 4.1 PLS results for the structures formed in the 0.7C steel.

Sample τ , ps

0.7C/PER 151±3
0.7/M 159±3
0.7C/220 164±3
0.7C/220+6d 162±3
0.7C/250 165±3
0.7C/300 160±3

The characteristics of the CDB ratio curves for the microstructures obtained from
the 0.7C steel are shown in Fig. 4.1, along with the ratio curves for the major alloying
elements (C, Si, Mn and Cr). All the CDB curves are normalized to the one for a pure
annealed iron reference sample. Deviations from the unity in the CBD ratio curves are
the result of positron trapping in defects with a configurational surrounding that can
contain, either concurrently or separately, C, Si, Mn or Cr. Shifting in the CDB ratio
spectra of the analyzed structures towards the CDB signature curve of certain pure
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Fig. 4.1 CDB ratio spectra for the microstructures obtained from the 0.7C steel normalized by
the CDB spectrum of a pure annealed iron reference sample. The normalized CDB ratio curves
for C, Si, Mn and Cr are shown for comparison.

alloying element (here C, Si, Mn or Cr) is interpreted as an association of the defects
in the structures with that alloying element.

The CDB curve for the pearlitic microstructure (0.7C/PER) evidences a low amount
of vacancy-type defects, given that it presents an almost flat shape around one for all
momentum regions. On the contrary, the shape of the CDB curves of the martensitic
and bainitic structures is similar while gets away from the unity, implying that the
defect distribution has no major chemical change on its surroundings despite the
microstructure obtained. The shape of the CDB curves can be considered to have
two contributions, C and/or Si, and Cr and/or Mn. The CDB curves are based in the
electron configurations, so that elements of the same chemical group share the same
signature curve at high-momentum regions (above 20 m0c), as seen in the CDB curves
for carbon and silicon in Fig. 4.1. The only difference is related to the annihilation
with electrons coming from the core of the atom that modifies the shape of the curve
at mid-momentum (below 20 m0c) and low-momentum region (below 10 m0c). The
contribution of silicon and carbon to the CDB curves for the studied alloy can be only
distinguished by the analysis of this latter region in which carbon presents lower slope
and values nearer to the unit as compared to silicon. Since the microstructures studied
present a CDB curve very similar among them, and the slope of these curves at the
low-momentum region is analogous to that of carbon, it might be derived that the
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contribution of silicon is marginal. No evidences of an interaction between silicon and
carbon could be concluded form these experimental results, as suggested by previous
theoretical calculations (Sampath et al., 2016).

The chromium and manganese contents of the 0.7C steel are comparable. These
two alloying elements have similar electron configurations within the ground state,
4s13d5 and 4s23d5, respectively, and similar positron affinity; resulting in analogous
CDB spectra that are almost impossible to distinguish in the high-momentum region
(see Fig. 4.1). The contribution of these elements is expected to be lower than the
contributions of carbon and silicon due to the lower content in the alloy. It is known
that manganese and carbon form dipoles in both the fcc and bcc lattices of iron due to
their high binding energy (∼ 0.36 eV (Abe et al., 1984; Massardier et al., 2004, 2005;
Numakura et al., 1995)), which is increased by the presence of silicon (Tagashira et al.,
1989). Experimental results in the Fe–C–Mn system indicate that the solubility of
carbon in bcc–Fe below 550 ◦C increases with an increase in the manganese content of
the steel (Massardier et al., 2005) and the presence of Mn–C dipoles has been suggested
to be a contributing factor to the observed carbon super-saturation in bainitic ferrite
(Pereloma, 2016). Therefore, it can be argued that the major contribution to the 0.7C
steel CDB curve is more dominated by manganese than by chromium because of the
presence of carbon in the environment of vacancies, as evidenced by PLS and CBD.

The CDB curves of the bainitic structures shifts towards the carbon CDB signature
curve as the transformation temperature decreases. The largest shift is observed for the
0.7C/220+6d structure followed, in descending order, by the 0.7C/220, 0.7C/250 and
0.7C/300 bainitic structures. Thus, the present results indicate that a decrease in the
transformation temperature results in larger amounts of carbon (with a contribution
of manganese) bound to vacancy-type defects. Lower transformation temperatures
are translated into higher amounts of bainitic ferrite with also higher average carbon
super-saturation levels, as shown in Table 3.2 and also reported by Caballero et al.
(2012); Garcia-Mateo et al. (2015). Therefore, the presence of C–vacancy complexes
should contribute to the carbon supersaturation levels detected in bainitic ferrite.

4.2 Carbon clustering in bainitic ferrite

4.2.1 Transmission electron microscopy observations

Electron diffraction patterns were collected inside different regions in ferrite by SAED
as presented in Fig. 4.2 for the 1.0C/250 structure. On the one hand, Fig. 4.2b
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Fig. 4.2 (a) BF-TEM image of the 1.0C/250 structure; (b) [001]α ′ SAED pattern corresponding
to a region within the α phase in (a); and (c) [001]α ′ SAED pattern corresponding to a different
region within the α phase in (a).

reveals diffuse spikes elongating from every fundamental spot towards the [102]α ′

direction. On the other hand, Fig. 4.2c shows satellite spots appearing around every
fundamental spot lying near the [031]α ′ directions. Diffuse scattering arises from the
local configuration of the material i.e., short range ordering, whereas satellite reflections
are caused by a modulation which has a longer period than that of the fundamental
lattice. Satellite spots in [102]α ′ directions appearing around each fundamental spot
in electron diffraction patterns of Fe–C martensite aged below 150 ◦C were attributed
to the formation of a modulated structure in which interstitial carbon atom clusters
smaller than 10 Å are distributed randomly in periodically-spaced planes nearly parallel
to (102)α ′ (Han et al., 2001; Kusunoki and Nagakura, 1981; Nagakura et al., 1975,
1983; Taylor, 1985; Van Genderen et al., 1997b). The intensity distribution of such
satellite spots is explained on the assumption that carbon concentration averaged
over the (102)α ′ planes fluctuates sinusoidally thereby displacing the iron atoms from
their average positions and contributing to the satellite spot intensity (Kusunoki and
Nagakura, 1981). Prior to the appearance to the satellite spots, interstitial carbon atom
clusters are formed in martensite, which give diffuse spikes in the SAED patterns.
Kajiwara et al. (1989) suggested that the diffuse spikes and satellite spots might change
their direction from (011)α ′ towards (001)α ′ as the temperature is increased. Also,
the presence of additional alloying elements, such as Cr, Mn and Ni in naturally
aged martensites shifts the directions along which the diffuse scattering and satellite
spots develop (Sandvik and Wayman, 1983; Tanaka et al., 1981; Taylor et al., 1989a).
Besides, the initial wavelength of the structural modulations in martensites generally
decreases with increasing the carbon content and become constant above ∼1.4 wt.% C
at a wavelength of ∼1 nm (Kusunoki and Nagakura, 1981; Taylor et al., 1989a). The
compositional wavelength increases with increasing the ageing time and can be as
large as 10 nm in Fe–Ni–C martensites naturally aged for a month.
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Fig. 4.3 (a) HR-TEM image in the ferritic phase of the 1.0C steel isothermally transformed at
250 ◦C; (b) FFT taken from (a). Diffraction conditions are about the same as those in Fig. 4.2.

Fig. 4.3a shows a HR-TEM image in the ferritic phase of the 1.0C steel isothermally
transformed at 250 ◦C (1.0C/250). The fine fringes with ∼2.1 Å spacing correspond to
the lattice images of the (110)α ′ planes, whereas the broad fringes nearly parallel to the
(200)α ′ planes with spacing ∼11.5 Å correspond, in principle, to the fringes due to the
structural modulation. Areas giving simultaneously four satellite spots corresponding
to two fringe directions, usually referred to as tweed-like contrast, were rarely observed.
A close inspection of Fig. 4.3a reveals that the fringes are not exactly parallel to one
another and the spacing varies slightly from region to region, where fringes running in
a single direction are limited to domains of 5 to 10 nm in diameter. The observed local
variation of the modulated structure is in good agreement with previous observations in
Fe–C martensites (Han et al., 2001; Kusunoki and Nagakura, 1981), which suggest that
the degree of strain is different from domain to domain as a result of elastic interactions
among them. Fig. 4.3b is the Fast Fourier Transform (FFT) of Fig. 4.3a, where the
satellite spots arise from the spatial periodicities associated with the broad fringes in
the HR-TEM image. According to the previous description, the overall structure still
consists of iron atoms arranged according to a bct crystal lattice with carbon-enriched
and carbon-depleted regions.

4.2.2 Atom probe tomography analyses

APT was used to evaluate the composition of carbon clusters in bainitic ferrite. There
are numerous sophisticated methods aimed to the characterization of clustering in APT
datasets (Cairney et al., 2015). These are generally based in deviations from random-
ness in binary solid solutions using a variety of statistical techniques, e.g. nearest
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neighbour distributions (Philippe et al., 2009), pair correlation functions (Philippe et al.,
2010a), radial distribution functions (De Geuser et al., 2006), cluster identification al-
gorithms (Stephenson et al., 2007; Vaumousse et al., 2003), etc. A typical APT dataset
of low temperature bainite holds a non-homogeneous distribution of carbon atoms in
arrangements with definite compositions, which are identified as retained austenite and
bainitic ferrite, the latter containing carbides, Cottrell atmospheres and carbon clusters,
in most cases with a size of a few nanometers. Fig. 4.4a illustrates an APT carbon
atom map of the 0.7C/220 microstructure containing a variety of carbon-rich tangled
features, and Fig. 4.4b shows the corresponding 8 at.% C isoconcentration surfaces.
Fig. 4.4c and Fig. 4.4d show 1D concentration profiles across the carbon-rich features
indicated by arrows, whose carbon contents are about 21 and 13 at.%, respectively.
The feature in Fig. 4.4c is identified as a carbide, whereas the feature in Fig. 4.4d
probably represents a Cottrell atmosphere around a dislocation in ferrite. In the same
way, Fig. 4.4e shows the carbon composition relative to the position of the 20 at.% C
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Fig. 4.4 (a) APT carbon atom map of the 0.7C/220 microstructure and (b) 8 at.% C isocon-
centration surfaces superimposed to a rotated view of (a); (c) 1D concentration profile across
the carbon-rich feature indicated by an arrow, (d) 1D concentration profile across the carbon-
rich feature indicated by an arrow, and (e) carbon composition relative to the position of a
20 at.% C isoconcentration surface of the feature indicated by an arrow. The error bars in the
concentration profiles represent the statistical error as calculated by Danoix et al. (2007).
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isoconcentration surface of the feature indicated by an arrow (note that this is different
from the 8 at.% C isoconcentration surface presented in Fig. 4.4b). This feature also
represents a carbide embedded in a ferritic matrix. Additionally, carbon agglomerations
in the form of round clusters are observed in Fig. 4.4b away from the aforementioned
features.

Given the complexity of the microstructure, proximity histograms (or proxigrams
for short) are the most practical way of evaluating the composition of the small carbon-
rich features. Proximity histograms, as that shown in Fig. 4.4e, are profiles of local
atomic concentrations vs. proximity to an isoconcentration surface whose composition
is selected to represent an interface (Hellman et al., 2000). Proxigrams are primarily
designed to investigate the solute distribution and interfacial segregation at interphase
interfaces and solute partitioning trends between phases. On very fine scale structures,
as in nanostructured bainite, they might be used effectively to get an estimate of the
solute content and the presence and extent of solute tails.

With the aim of determining compositions by proxigrams within an APT dataset,
a 3D grid of data locations is first performed to convert the ion-by-ion data into
composition maps, so that a certain number of atoms is accumulated in a volume
element or voxel in the specimen. The voxel size will determine the balance between
the spatial resolution and the fluctuations in the composition determinations. In
addition, due to the fact that the reconstruction algorithm does not accurately position
the atom on its lattice site, a delocalization process must be performed to distribute the
contribution of each ion over a range of voxels. Thus, each data point is spread by a 3D
3σ Gaussian distribution of the position having a width of the delocalization parameter
(Larson et al., 2013b; Miller and Forbes, 2014). This delocalization parameter is
used to define the isoconcentration surfaces but removed for the evaluation of the
proxigram. The 3D grid parameters selected here are a 1×1×1 nm3 voxel size and
a 3×3×1.5 nm3 delocalization, for a trade-off between spatial and statistical error
that ensures a 3σ Gaussian distribution of the concentration at each volume element
(Hellman et al., 2000). The composition of the volume is further calculated by dividing
the number of ions of interest by the total number of ions collected. The choice of
the voxel size and delocalization raises the frequent problem of compromise between
sampling errors and spatial convolutions (Danoix et al., 1991). Indeed, too large a
voxel size will blur positional information and may obscure very fine-scale clustering
from the analyses by artificially dissolving solute clusters in the matrix, especially in
the early stages of phase separation (Cairney et al., 2015; De Geuser and Lefebvre,
2011; Philippe et al., 2009). The long transformation times needed in low temperature
bainite yield to the general assumption that clustering is captured in an advanced stage
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Table 4.2 Carbon content in the different domains composing bainitic ferrite.

Structure Cα ′ , at.% Cα , at.% Cα ′′ , at.%

0.3C/325† –– 0.05±0.01 Absent
0.3C/350† –– 0.05±0.01 Absent
0.7C/M 2.80±0.04 0.85±0.01 10.04±0.50
0.7C/220 0.87±0.04 0.22±0.01 10.90±0.56
0.7C/220+6 0.86±0.04 0.13±0.01 10.52±0.68
0.7C/250 0.81±0.04 0.14±0.01 10.92±0.31
0.7C/300 0.73±0.04 0.14±0.01 9.68±0.83
1.0C/200 0.95±0.04 0.13±0.01 12.64±0.36
1.0C/250 0.90±0.04 0.10±0.01 12.54±0.28

Cα ′ is the carbon content of bainitic ferrite as derived from the (c/a)α ′ ratio, Cα is the amount
of carbon randomly distributed in the low-carbon regions of bainitic ferrite as determined by
APT and Cα ′′ is the carbon content of clusters as determined by APT.
†Given that both martensite and bainitic ferrite are present in the microstructures, and the
(c/a)α ′ ratio of these phases cannot be distinguished, the Cα ′ value is omitted.

so that proximity histograms are suitable to estimate their composition. Clusters in
bainitic ferrite are usually defined as ∼6 nm thick carbon-enriched regions randomly
dispersed within the ferrite matrix (Caballero et al., 2008), or as “fluffy” clouds with
a characteristic branch-like structure and a diffuse interface with the bainitic ferrite
matrix (Caballero et al., 2011).

Table 4.2 collects the carbon content of the different domains composing bainitic
ferrite, where Cα ′ is the average carbon content of bainitic ferrite as derived from the
(c/a)α ′ ratio in Section 3.5, Cα is the amount of carbon randomly distributed in the
low-carbon regions of bainitic ferrite as determined in Section 3.5 and Cα ′′ is the carbon
content of clusters. The carbon content of clusters varies from one to another and from
sample to sample. For simplicity, the composition of clusters was averaged over all the
clusters observed in each sample. As discussed in Chapter 3, the disagreement between
the carbon content values of the bainitic ferrite matrix as derived from XRD (Cα ′)
and APT measurements (Cα ) is due to the fact that XRD analyses average the carbon
content of the low-carbon and high-carbon regions in bainitic ferrite i.e., α′ → α+α′′.

The composition of carbon clusters in the structures obtained from the 0.7C and
the 1.0C steels is fairly similar (see Table 4.2), and close to the stoichiometric Fe16C2

compound (11.11 at.% C). Nevertheless, it should be mentioned that carbon content
measurements by APT are subjected to several sources of uncertainties, such as
complex ion dissociation, multi-hit/pile-up effects, reconstruction artifacts, etc., so that
the measured compositions are approximate and cannot be taken to heart. Clusters of
composition α′′–Fe16C2 have been suggested to develop as pre-precipitates or embryos
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a) b) 20 nm

Fig. 4.5 (a) APT carbon atom map of the 0.7C/220 microstructure containing only bainitic
ferrite and carbon clusters and (b) four different views rotated 120°counterclockwise to each
other of the 4 at.% C isoconcentration surfaces superimposed to (a).

of carbides (Chang et al., 1984; Taylor et al., 1989a). The α′′–Fe16C2 compound can
be described as being comprised of carbon situated in an ordered configuration on the
octahedral sites of a tetragonally distorted bct–Fe lattice. Molecular dynamics studies
of the ordering of carbon in supersaturated α′–Fe show that the α′′–ordering of carbon
represents the most preferable interstitial interaction over a wide range of compositions,
whereas disordered α′–Fe always shows unfavorable interactions (Sinclair et al., 2010).
Unlike in Fe–C martensites, the nitrogen clusters that develop in the early stages of
Fe–N martensite decomposition possess the α′′–Fe16N2 crystal structure, i.e. nitrogen
clusters exhibit long-range order (Jack, 1951; Van Genderen et al., 1993, 1997a). To
the best of the author’s knowledge, there are no direct observations of an α′′–Fe16N2

type crystal structure in the Fe–C system.

Fig. 4.5a shows an APT carbon atom map of the 0.7C/220 microstructure contain-
ing only bainitic ferrite and carbon clusters, and Fig. 4.5b shows different views of the
corresponding 4 at.% C isoconcentration surfaces. APT shows that the fine-scale struc-
ture of bainitic ferrite is composed of carbon-depleted domains and carbon-enriched
clusters, the latter with characteristic dimensions in the 5–10 nm range. The size of
these carbon-enriched clusters is in good agreement with the size of the domains where
fringes run in a single direction in Fig. 4.3. Therefore, it is thought that the structural
modulation observed by TEM is the consequence of a fine clustered arrangement
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of carbon atoms in domains with an overall composition close to the stoichiometric
α′′–Fe16C2.

It is reminded here that in the case of the microstructures obtained from the 0.3C
steels, APT analyses revealed a random distribution of the carbon species without the
presence of clusters (see Table 4.2 and Section 3.5).

4.3 Carbon redistribtution during bainite transformation

4.3.1 Thermodynamics of spinodal decomposition and carbon segrega-
tion to defects

In his monumental work on the equilibrium of heterogeneous substances, Gibbs (1874-
1878) formulated the general conditions needed for what it is called now spinodal
decomposition. According to his criterion, a phase is stable to changes infinitesimal
in degree but large in extent as long as the chemical potential of each component
increases with increasing the density of that component. For a two component system
this condition is equivalent to δ 2G/δx2 ⩾ 0 where G is the Gibbs free energy per
moles solution and x is the composition (Cahn, 1961). Spinodal decomposition occurs
whenever a material transitions into the unstable region of the phase diagram, which on
a binary system is defined by the locus of δ 2G/δx2 = 0. Two additional contributions
need to be considered in crystalline phases; the first one represents the increase in
the free energy due to introducing a gradient of composition (Cahn, 1961), while the
second one represents the internal (coherent) stresses introduced by lattice parameter
changes induced by compositional fluctuations (Cahn, 1962). In practice, the second
term extends the region of metastability and allows for distinguishing between coherent
spinodal and incoherent or chemical spinodal (Hillert, 2007). For the sake of simplicity,
the phenomenon will be illustrated considering only the Gibbs free energies.

Fig. 4.6a outlines the Gibbs free energies of an Fe–C system undergoing spinodal
decomposition1, where the Gα

s curve has the characteristic double minima that give rise
to a region of compositional instability. Any composition lying in the region where the
free energy has a negative curvature i.e., δ 2Gα

s /δx2 < 0 will be unstable because small
fluctuations in composition that produce carbon-rich and carbon-depleted regions will

1The theory of spinodal decomposition requires the parent and product phases to be a continuous
phase with the same crystallographic property. However, when carbon is inserted in a carbon-depleted bcc
lattice, the alignment of carbon atoms distorts the lattice in a specific direction adopting a bct symmetry.
Given the discontinuity in the crystal symmetry between the carbon-rich (bct) and the carbon-poor (bcc)
regions in the Fe–C system, the process of separation would be considered to be a pseudospinodal
decomposition (Kim et al., 2016; Ni et al., 2009).
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Fig. 4.6 Schematic illustration of the Gibbs free energies of ferrite for (a) spinodal decomposi-
tion and (b) carbon segregation to defects at constant temperature. Gα is the Gibbs free energy
for perfect ferrite, Gα

s is the Gibbs free energy for ferrite with a miscibility gap and Gα
d is the

Gibbs free energy for defect-containing ferrite. xs and x′′s are the equilibrium compositions
of the carbon-poor and carbon-rich regions in ferrite undergoing spinodal decomposition,
respectively, xααd is the composition of defect-free ferrite in equilibrium with ferrite containing
defects, and xαdα is the composition of defect-containing ferrite in equilibrium with ferrite free
from defects.

cause the total free energy to decrease. This is illustrated in Fig. 4.6a for ferrite with an
initial carbon content of x0 and a Gibbs free energy of G0. Compositional fluctuations
around x0 will produce a decrease in the total free energy (∆G = G1 −G0 < 0) so
that up-hill diffusion (or diffusion in the wrong direction) will take place until the
equilibrium compositions xs and x′′s are reached. It is easy to see that in the regions
where the free energy has a positive curvature i.e., δ 2Gα

s /δx2 > 0 an analogous
compositional fluctuation would lead to an increase in the Gibbs free energy. In this
case, the free energy of the system can only be decreased if nuclei are formed with
a composition very different from the matrix i.e., through a nucleation and growth
process.

Fig. 4.6b shows the Gibbs free energies involved in the process of carbon segre-
gation to defects. When ferrite has a high density of defects, the free energy curve
for defect-containing ferrite (Gα

d ) at low carbon concentrations will be higher than
that for defect-free ferrite (Gα ) due to the presence of strain fields in the vicinity of
defects. As carbon segregates to the defect sites the strain fields are relieved, such
that at higher carbon concentrations defect-containing ferrite acquires a lower free
energy as compared to defect-free ferrite with the same carbon concentration (Kim
et al., 2016). The system in Fig. 4.6b would also result in carbon-rich and carbon-poor
regions with compositions xααd and xαdα , respectively.
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Whether these two competitive mechanisms for carbon redistribution during the
diffusionless transformation of ferrite take place simultaneously and interact, or one
occurs predominantly is not yet understood. In the following section, the occurrence
of both mechanisms will be discussed in view of the present experimental evidence.

4.3.2 Spinodal decomposition and carbon segregation to defects

The origin of the carbon segregation process in a bct–Fe matrix is still a matter of debate
(Allain et al., 2013; Curelea et al., 2016; Herbig et al., 2015c; Kim et al., 2016; Zhu
et al., 2009). Several investigations carried out in the 1970s and 1980s by Kurdjumov
and Khachaturyan (1972, 1975), Nagakura et al. (Kusunoki and Nagakura, 1981, 1984;
Nagakura et al., 1975, 1983), Taylor et al. (Chang et al., 1984; Taylor, 1985; Taylor
et al., 1989a) and others (Ferguson and Jack, 1984; Hayakawa et al., 1985; Hoffman
and Cohen, 1973; Kaplow et al., 1983; Ren and Wang, 1988; Sherman et al., 1983),
firmly stablished carbon-atom clustering as an inherent process in martensite ageing.
The driving force for clustering of carbons atoms was proposed to be a reduction in the
lattice-distortion strain energy caused by the interstitial atoms (Hoffman and Cohen,
1973; Olson and Cohen, 1983; Sherman et al., 1983), so that the structural modulations
result from a stress-induced alignment of individual clusters (Kusunoki and Nagakura,
1984). Alternatively, Taylor (1985); Taylor and Cohen (1992); Taylor et al. (1989a)
ascribed carbon clustering to a conditional spinodal mechanism, where prior Zener
ordering is required to produce the initial compositional stability that develops in a
coherent two-phase state, i.e. α′ → α+α′′, where α′′ is the stoichiometric Fe16C2

compound. Theoretical analyses have followed to set up the coherent miscibility gap
for Fe–C martensite (Naraghi et al., 2014; Ren and Wang, 1988; Sinclair et al., 2010),
showing that the lowest free energy is obtained if spinodal decomposition is considered.

First detractions to clustering phenomena in naturally aged martensites offered an
alternative interpretation to the parallel-striated contrasts observed in TEM, ascribing
them to line defects such as dislocations, as opposed to the planar carbon concentration
modulations developed by spinodal decomposition (Ohmori and Tamura, 1992; Taylor
et al., 1993). Fig. 4.5 shows that carbon clustering is indeed produced in a planar
arrangement, which is unlikely to represent the core of a dislocation in α–Fe. Be-
sides, planar segregation was suggested to be the result of carbon-rich twin interfaces
(Miller et al., 1983). However, coherent twins are highly symmetric low-energy grain
boundaries that attract only very low amounts of solutes, if any (Herbig et al., 2015c).
Correlative TEM and APT experiments disclose that carbon segregation to coherent
twin boundaries in bcc–Fe is marginal (∼1 atom/nm2) (Herbig et al., 2014), though
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the presence of misfit dislocations can increase this value. In fcc–Fe, annealing twin
boundaries even show depletion of carbon during deformation at elevated temperatures,
whereas no evidence for segregation at the deformation twin boundaries is found (Her-
big et al., 2015b). Therefore, the most plausible interpretation of the carbon-enriched
configuration in Fig. 4.5 is that this is the result of carbon clustering in parallel layers
within the bct–Fe matrix.

In certain cases, a solid solution is not stable due to the presence of a high concen-
tration of vacancies, and concentration fluctuations spontaneously increase as occurs
under thermal conditions during spinodal decomposition (Martin, 1980). The physical
basis of the instability is that a local increase in solute concentration attracts vacancies.
Consequently, more interstitials bind to the vacancy-rich region, which in turn increases
the local solute concentration even more. The underlying physics are similar to those
for irradiation-enhanced precipitation of coherent particles, where both the excess of
vacancies and interstitials promote their nucleation (Cauvin and Martin, 1979). In the
case of the diffusionless transformation of austenite into a bct lattice, the presence of
vacancies is not necessary to produce a concentration instability as long as the austenite
composition lies within the α+α′′ miscibility gap. Fig. 4.7 shows the average carbon
content of bainitic ferrite as determined by XRD (Cα ′) and the bulk composition of
the structures studied relative to the order-disorder temperature (Naraghi and Selleby,
2011; Naraghi et al., 2014) and the α′′–order/disorder transformation curves (chem-
ical and coherent spinodal) (Naraghi and Selleby, 2011; Naraghi et al., 2014) as a
function of the bainite transformation temperature. This figure indicates that at low
temperatures a miscibility gap is formed if the chemical and coherent spinodal lines
are calculated applying the theory of spinodal decomposition on the description of the
bct phase (Cahn, 1962; Naraghi and Selleby, 2011; Naraghi et al., 2014). However,
the shortcoming of using Naraghi’s calculations (Naraghi and Selleby, 2011; Naraghi
et al., 2014) is that they are restricted to the metastable equilibrium in Fe–C steels. In
martensitic steels containing 1.31 at.% C and 3.2 at.% Si, the upper temperature limit
for stable carbon clusters is increased above 215 ◦C (Sherman et al., 2007), and so
it is the case in high-carbon high-silicon bainitic steels, where α′′–type clusters are
observed above 350 ◦C. All calculations should be updated to account for the influence
of substitutional solute atoms. Unfortunately, that is a monumental work that requires
the collection and assessment of all available experimental and theoretical information,
first in model alloys, to describe the thermodynamic properties of each phase. So far
little data are available on spinodal decomposition in alloy systems other than Fe–C
and Fe–Ni–C.
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Fig. 4.7 Average carbon content of bainitic ferrite as determined by XRD (Cα ′), amount
of carbon randomly distributed in the low-carbon regions of bainitic ferrite (Cα ) and bulk
composition of the structures (Cbulk) relative to the order-disorder temperature, the α′′–spinodal
curves (Naraghi and Selleby, 2011; Naraghi et al., 2014), and the the A′′

e1 paraequilibrium phase
boundary α/(α+γ) as a function of the transformation temperature. Note that the martensitic
structure obtained from the 0.7C steel (0.7C/M) is represented as naturally aged at 25 ◦C.

According to Fig. 4.7, the bulk composition (Cbulk) of both 0.7C and 1.0C steels
is well below the order-disorder temperature and the chemical spinodal curve. Con-
sidering a diffusionless growth of the bainitic ferrite plates, in first instance these
would have a carbon composition which allows ordering into a single set of octahedral
sites. Ordering beyond that marked by the Zener temperature would only occur if the
freshly-formed bainitic ferrite composition lies below the spinodal curve. As evidenced
by data in Table 4.2, carbon ordering into α′′–type clusters is produced in both the
0.7C and 1.0C structures. On the contrary, the bulk composition of the 0.3C structures
lies beyond the order-disorder temperature and a bct lattice would not be expected.
Indeed, APT analyses failed to detect solute clustering, while the carbon composition
of the bainitic ferrite matrix matches that indicated by the PE with the austenite (see
Table 4.2 and Fig. 4.7).

The average carbon composition in the 0.7C/M martensitic structure naturally
aged at 25 ◦C nearly matches with the bulk composition of the alloy i.e., the structure
is fully supersaturated. Fig. 4.8a shows an APT carbon atom map of the 0.7C/M
microstructure containing martensite naturally aged for three months, and Fig. 4.5b
shows different views of the corresponding 6 at.% C isoconcentration surfaces. The
substructure of martensite here illustrated consists of a complex distribution of carbon
within a depleted matrix, probably into clusters and dislocations, strikingly similar
to that show for bainitic ferrite in Fig. 4.5. The carbon composition of the depleted
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a) b) 10 nm

Fig. 4.8 (a) APT carbon atom map of the 0.7C/M microstructure containing only bainitic ferrite
and carbon clusters and (b) four different views rotated 60°counterclockwise to each other of
the 6 at.% C isoconcentration surfaces superimposed to (a).

matrix (Cα ) in this structure is near the order-disorder temperature, whereas the carbon
content of clusters (Cα ′′) meets the composition expected from the miscibility gap.

In contrast, the average ferrite composition (Cα ′) of none of the bainitic structures
lies below the order-disorder temperature in Fig. 4.7, although it has been shown
in Chapter 3 that carbon is sufficiently ordered to produce a tetragonal symmetry
in the ferritic unit cell, in agreement with Garcia-Mateo et al. (2015); Hulme-Smith
et al. (2013). Once a bainitic ferrite plate has grown, carbon is mobile enough to
partition from supersaturated bainitic ferrite to austenite, segregate to defects and form
clustered arrangements and precipitates. The kinetics and interrelationship of each
of the processes occurring in a single platelet of baintic ferrite after its formation
remain unclear. Therefore, it is thought that in the 0.7C and 1.0C steels bainitic ferrite
forms via a diffusionless mechanism and swiftly decomposes spinodally into a α+α′′

mixture. Any parallel or concomitant decarburization process will shift the average
carbon content of the ferrite matrix to lower values, even below the order-disorder
boundaries (see Cα ′ values in Fig. 4.7), while the composition of the carbon-depleted
matrix approaches the paraequilibrium value (x′′αγ ) given by the A′′

e1 paraequilibrium
phase boundary. The resulting mixture appears to be stable in spite of prolonged heat
treatment, as revealed by the 0.7C/220 and 0.7C/220+6d structures in Table 4.2, where
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the latter structure was held at the isothermal transformation temperature for 6 days
after completion of bainite transformation.

Besides, early experiments showed that the rate of precipitation during tempering
of martensite increases with increasing the number of C–vacancy complexes in the
system, since these provide the onset of nucleation of carbide embryos (Leslie, 1961;
Mathalone et al., 1971). Similarly, carbon clusters in martensite are considered to
be the embryos for carbide precipitation (Miller et al., 1983). There seems to be
a connection between point defects, carbon clustering and the subsequent carbide
precipitation, although there is no clue on how the presence of C–vacancy bonds does
or not promote carbon clustering phenomena. It is thought that the low mobility of
the C–vacancy complexes in the bainitic ferrite matrix impedes the full partitioning
of carbon towards the austenite and further launches α′′–type ordering processes.
Moreover, current experimental evidence favors the proposal that the high-carbon
phase resulting from carbon ordering in bct ferrite represents an imperfect form of the
Fe16N2 structure (Taylor and Cohen, 1992). Such an “imperfection” must arise from a
high concentration of vacancies.





Chapter 5

Quantitative assessment of carbon
allocation anomalies in low
temperature bainite

The mass balance for carbon in low temperature bainite is systematically unsuitable
when considering only ferrite and austenite forming the structure, but no attempt has
been made to evaluate the amount of carbon located at linear defects and precipitates.
Additionally, bainitic ferrite has been shown to have a tetragonal crystal structure,
allowing greater amounts of carbon in solid solution than those expected by the
paraequilibrium phase boundaries. In order to quantify the contribution of all the
carbon sinks, the evolution of carbon in ferrite and austenite has been followed, along
with the precipitation of cementite and η–carbide, during the isothermal bainitic
transformation at 220 and 250 ◦C of a high-carbon high-silicon steel. This is the first
time that the mass balance for carbon is successfully achieved by considering all the
transformation products together with an estimation of the carbon segregated to linear
defects.
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5.1 Carbon content in solid solution

5.1.1 In situ synchrotron X-ray measurements

Fig. 5.1 shows the SR-XRD peak characteristics during the bainite transformation
stage at times of 2n h for transformation at 220 and 250 ◦C of the 1.0C steel, where
the start of the isothermal holding treatment is taken as the zero time for reference.
The onset for bainite transformation is marked by the appearance of the {110}α ′

ferrite peak, which is first detected after 60 min. of transformation at 220 ◦C, and
20 min. of transformation at 250 ◦C. Transformation starts later for the lowest
transformation temperature as a consequence of the free energy change accompanying
the decomposition of austenite i.e., the driving force. Under a displacive mechanism
for bainite formation, the transformation rate is driven by the nucleation rate. The
activation energy for nucleation decreases with increasing driving force magnitude,
which in turn is a function of the undercooling. Thus, the transformation rate is more
sluggish when the transformation temperature is decreased.
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Fig. 5.1 Peak characteristics during the bainite transformation stage at times of 2n h for the 1.0C
steel transformed at (a) 220 ◦C and (b) 250 ◦C. The start of the isothermal holding treatment is
taken as the zero time for reference.

In the course of transformation the austenite peaks become wider, asymmetric and
shifted towards lower angles (2ϑ), as reflected in Table 5.1 for the {002}γ austenite
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Table 5.1 Evolution of the peak position (2ϑ) and width (full width at half maximum, FWHM)
of the {002}γ austenite reflection as a function of time during bainitic transformation at 220
and 250 ◦C in the 1.0C steel. The start of the isothermal holding treatment is taken as the zero
time for reference.

220 ◦C 250 ◦C

Time, h 2ϑ, deg FWHM 2ϑ, deg FWHM

0 4.505 0.018 4.506 0.021
1 4.505 0.018 4.505 0.022
2 4.505 0.020 4.501 0.037
3 4.505 0.021 4.491 0.054
4 4.504 0.024 4.486 0.056
5 4.502 0.032 4.485 0.056
6 4.499 0.040 4.483 0.055
7 4.495 0.048 4.481 0.055
8 4.492 0.052 4.481 0.054
9 4.490 0.054 4.480 0.054
10 4.488 0.055 4.480 0.054
12 4.486 0.056 4.479 0.054
14 4.485 0.056 4.479 0.054

reflection. The shift in the austenite peak positions is mainly attributed to the increase
in the lattice size due to redistribution of the carbon that is rejected from bainitic ferrite,
neglecting the possible effects of internal stresses at phase scale.

In order to explain the evolution of the austenite peaks shape during the transfor-
mation, a line broadening analysis of diffraction peaks with the double-Voigt approach
was included in the Rietveld refinement. Fig. 5.2a shows the refinement of the SR-
XRD obtained after 3 h of transformation at 250 ◦C, where the observed data are
shown by the blue open circles, the calculated data are shown by the red solid line,
and the difference between experimental and the fitted simulated pattern is plotted
as a continuous gray line at the bottom. There is some misfit in the position of the
peaks between the measured (blue open circles) and the calculated diffraction pattern
(red solid line) when considering bct ferrite and a single fcc austenite. Besides, the
calculated peaks are too narrow when compared to the measured peak shapes. Since
peak broadening could not be associated only to crystallite size and microstrain effects,
the asymmetry in the austenite peaks was associated to the presence of two populations
of austenite with different carbon contents. To check this point, a second austenite was
inserted in the Rietveld refinement with slightly different starting lattice parameters.
As presented in Fig. 5.2b, the difference curve (gray line) indicates that the fitting is
significantly improved, and therefore the inhomogeneity hypothesis explains the char-
acteristic misfit in the difference curve. In these steels, austenite exhibits a multi-scale
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Fig. 5.2 Comparison of the observed (blue open circles) and calculated (red solid line) SR-
XRD pattern obtained after Rietveld refinement of the 1.0C steel transformed at 250 ◦C for
3 h using bct ferrite and the crystal structure of (a) one fcc austenite and (b) two fcc austenites.
The differences between experimental data and the fitted simulated patterns are plotted as a
continuous gray line at the bottom, and the contributions of the component phases are shown
in different colors. α′ is bct ferrite, γ− is the low-carbon austenite and γ+ is the high-carbon
austenite.

character associated with two distinguishable morphologies, i.e. thin films between
platelets of bainitic ferrite and blocks between sheaves of bainite. Carbon is known to
be inhomogeneously distributed in the austenite phase, resulting in a carbon content
distribution in the same sense as the austenitic feature size distribution, thin films
being more enriched in carbon than blocks (Caballero et al., 2001, 2009; Garcia-Mateo
et al., 2012a; Le Houillier et al., 1971; Rees and Bhadeshia, 1992a). The asymmetry
of the austenite peaks increases throughout transformation due to the increase in the
amount of carbon-enriched austenite. Towards the end of the transformation, the
austenite peaks become symmetric. Finally, peak broadening is related to the small
crystallite size of the carbon-enriched austenite and to a high density of lattice defects
(microstrain).

Peak broadening is observed in the ferritic phase too, especially for the {100}α ′

reflection. Previous studies attributed such peak broadening in ferrite either to the
influence of texture (Koo et al., 2009), to non-uniform strains (Stone et al., 2008), or
to the refinement in the microstructure (Rakha et al., 2014). However, as determined
in Section 3.1, peak broadening in bainitic ferrite cannot be associated only with
crystallite size and microstrain effects, but with a reduction of the symmetry of the
crystal, viz. a tetragonal (bct) rather than cubic (bcc) unit cell (Garcia-Mateo et al.,
2015; Hulme-Smith et al., 2013, 2015; Timokhina et al., 2016).

According to these observations, the Rietveld refinement protocol used to analyze
each pattern includes a bct crystal structure model (I4/mmm space group) for bainitic
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Fig. 5.3 Results of the Rietveld refinement in the diffraction patterns selected during isothermal
bainitic transformation of the 1.0C steel. (a) Evolution of ferrite and austenite during trans-
formation at 220 and 250 ◦C, (b) evolution of the (c/a)α ′ ratio in tetragonal bainitic ferrite
during transformation at 220 and 250 ◦C, and (c) evolution of the lattice parameter of austenite
during transformation at 220 and 250 ◦C. α′ is bct ferrite, γ− is the low-carbon austenite and
γ+ is the high-carbon austenite. Gray symbols represent structures transformed at 220 ◦C and
black symbols represent structures transformed at 250 ◦C. The start of the isothermal holding
treatment is taken as the zero time for reference.

ferrite and, when observable, two different fcc crystal structures that account for
both the low-carbon (γ−) and high-carbon (γ+) austenite populations. The possible
presence of different iron-carbides was also considered in the Rietveld refinement
protocol in order to identify additional peaks appearing throughout the transformation,
e.g. peaks at ∼ 5.2° and 6.1° in Fig. 5.1. Additionally, the line-broadening analysis of
diffraction peaks was performed with the double-Voigt approach. Refinement details
will be discussed in the following section.

Fig. 5.3a presents the evolution of the amount of ferrite and austenite for the
transformation occurring at 220 and 250 ◦C, respectively, as determined by Rietveld
refinement in selected diffraction patterns. The bct phase is first detected after 60 min.
of transformation at 220 ◦C, and 20 min. of transformation at 250 ◦C. After those times,
a steep change in the volume fraction of bainitic ferrite is noticeable, and it is therefore
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considered as the onset of bainite transformation. Fig. 5.3b shows the evolution of
tetragonality in bainitic ferrite, expressed as the (c/a)α ′ ratio, during transformation at
220 and 250 ◦C respectively. Tetragonality remains practically immutable throughout
transformation, with slight differences attributable either to the error or to the different
fittings involved, depending on the phases detected. Hence, carbon-supersaturated
tetragonal ferrite is considered a metastable equilibrium constituent resulting from the
transformation. This is consistent with former ab initio calculations (Jang et al., 2013)
and ex situ XRD observations in Section 3.1.

Needless to say, austenite decomposes symmetrically with the formation of bainitic
ferrite (see the total austenite in Fig. 5.3a). It is not until a 25% of bainitic ferrite has
formed that the high-carbon austenite population is measurable, which does not mean
that it was not present before, but that it cannot be deconvoluted from the low-carbon
austenite peak. High-carbon austenite increases at the expense of the low-carbon
austenite, until the latter disappears or, more properly, both converge. This is a good
indicator of the transformation being close to completeness, as depicted in Fig. 5.3a
for transformation at 250 ◦C, while the presence of the two austenite populations for
transformation at 220 ◦C in Fig. 5.3a reflects that transformation can still take place.

Fig. 5.3c shows the evolution of the lattice parameter of both austenite populations
during transformation at 220 and 250 ◦C, respectively. The carbon enrichment of the
low-carbon austenite is reflected by the increase in its lattice parameter concurrently
with transformation, while the lattice parameter in the high-carbon austenite remains
constant. By the end of the transformation only high-carbon austenite is detected.
The growth of bainitic ferrite with a non-equilibrium concentration provokes carbon
to partition into the surrounding austenite, where it has lower chemical potential
(Bhadeshia and Edmonds, 1983).

In the early stages of bainite transformation two populations of austenite coexist;
one with a higher carbon content in the vicinity of the newly formed ferrite plates
and the other, with a carbon content close to nominal in the areas far from the formed
ferrite (Timokhina et al., 2016). Austenite decomposition can be regarded as a division
process, where ferrite plates divide the austenite into films, and bainite sheaves divide
the austenite into blocks. Carbon enrichment of the initial low-carbon austenite is first
detectable when the surface-to-volume ratio of the blocks is large enough to produce
a significant composition variation and/or when there is enough time for carbon to
diffuse within the austenite away from the interface. The progressive division with
the subsequent carbon partitioning towards the austenite blocks is translated into a
decrease in the volume fraction of low-carbon austenite detected with an increase in its
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lattice parameter, in parallel with the increase in the volume fraction of high-carbon
austenite. During the latest stages of transformation, the austenite blocks diminish in
scale and evolve into films as bainitic ferrite plates breach them.

5.1.2 Ex situ synchrotron X-ray measurements

The empirical equations routinely used to determine the carbon concentration in
austenite and ferrite are based on the relationship between the lattice parameters
evaluated by XRD and their composition at room temperature (Cheng et al., 1990;
Dyson and Holmes, 1970). At the bainite transformation temperatures, the change of
the lattice parameters from their reference values reflects both a change in the chemical
composition and thermal expansion effects. Ex situ SR-XRD measurements were
performed in order to avoid the interference of thermal expansion upon the lattice
parameters of both ferrite and austenite.

X-ray patterns of the structure after transformation at 250 ◦C for 15 h and quenching
to room temperature show diffraction lines for both bainitic ferrite and austenite.
Fig. 5.4 shows the Rietveld fitting of an experimental pattern at room temperature after
transformation at 250 ◦C for 15 h, where the observed data are shown by the blue open
circles and calculated data are represented by the red solid line. The difference between
experimental data and the fitted simulated pattern is plotted as a solid gray line at the
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Fig. 5.4 Observed SR-XRD pattern (blue open circles) and calculated intensity by Rietveld
refinement analyses (red solid line) obtained after transformation at 250 ◦C for 15 h of the
1.0C steel considering a mixture of (a) bct ferrite and austenite and (b) bct ferrite, austenite
and carbides. The differences between experimental data and the fitted simulated pattern are
plotted as a continuous gray line at the bottom, and the contribution of the component phases
in different colors (orange for ferrite and green for austenite, light pink for cementite and dark
blue for η–carbide). α′ is bct ferrite, γ+ is the high-carbon austenite, θ is cementite and η is
η–carbide.
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bottom, and the contribution of the component phases are shown in different colors
(orange for ferrite and dark green for austenite). Black arrows in Fig. 5.4a emphasize
the existence of additional peaks, which could originate from the presence of carbides.
These peaks are perceived to develop in the course of transformation (see Fig. 5.1),
specially the peak near 5.2°. As shown in Fig. 5.4b, the calculated peaks are improved
when compared with the measured peak shapes if cementite (Fe3C) and orthorhombic
η–carbide (Fe2C) are included in the refinement, represented by the light pink and dark
blue solid lines respectively.

Table 5.2 shows the results of Rietveld refinement on the experimental data col-
lected at room temperature after transformation. The carbides identified through
Rietveld refinement are cementite and η–carbide, with contents below the 3% volume,
which is the typical resolution limit in conventional XRD. The relatively large errors
in the carbide volume fractions come from the uncertainty in fitting small amounts of
them.

Table 5.2 Results of Rietveld refinement on X-ray synchrotron diffraction integrated patterns
at room temperature after transformation of the 1.0C steel at 220 ◦C for 16 h and 250 ◦C for
15 h.

Tb, ◦C Vγ− , % Vγ+ , % Vθ , % Vη , % (c/a)α ′ aγ− , Å aγ+ , Å

220 6.7±0.5 24.3±0.5 1.9±0.5 1.7±0.5 1.0094±0.0005 3.6161±0.0005 3.6300±0.0005
250 –– 30.0±0.5 2.3±0.5 1.6±0.5 1.0088±0.0005 –– 3.6282±0.0005

Tb is the bainite transformation temperature, Vi and ai stand for the volume percent and lattice parameter
of the indicated phase, respectively, where α′ is bct ferrite, γ+ is the high-carbon austenite, γ− is the
low-carbon austenite, θ is cementite and η is η–carbide.

In a previous study, the same steel was transformed at 220 ◦C for 22 h and at
250 ◦C for 16 h (Garcia-Mateo et al., 2012b), where the carbon content in austenite,
listed in Table 5.3 (CRe f

γ ), was determined from conventional XRD analyses. The lower
level of carbon enrichment thus detected after transformation at 220 ◦C appeared in
contradiction with the theory of bainite formation, which states that growth of bainite
terminates when the carbon content in austenite approaches the T ′

0 curve, although films
of austenite can continue to accumulate carbon up to the concentration determined
by A′′

e3. The higher carbon content of the austenite after transformation at 250 ◦C
was justified by the lesser trapping of carbon at ferrite and defects at this temperature
when compared to 220 ◦C (Garcia-Mateo et al., 2012b). Analogous trends have been
observed in bainite obtained at different temperatures in high-carbon high-silicon steels
(Avishan et al., 2015; Lan et al., 2014), where similar explanations were given.

Table 5.3 shows the results after transformation at 250 ◦C obtained by synchrotron
XRD in this work and those reported by Garcia-Mateo et al. (2012b) obtained by
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Table 5.3 Carbon content in ferrite and austenite at room temperature as determined from
SR-XRD data after transformation of the 1.0C steel at 220 ◦C for 16 h and 250 ◦C for 15 h.

Tb, ◦C Cα ′ , at.% Cγ− , at.% Cγ+ , at.% CRe f
γ , at.% x′T0

, at.% x′′γα , at.%

220 0.99±0.05 4.78±0.07 6.52±0.07 5.28±0.30 6.25 19.64
250 0.92±0.05 –– 6.30±0.07 6.31±0.30 5.88 18.66

Tb is the bainite transformation temperature, Cα ′ is the carbon content of bct ferrite, Cγ− is the carbon

content of the low-carbon austenite and Cγ+ is the carbon content of the high-carbon austenite; CRe f
γ is

the carbon content of austenite as determined by XRD for the same steel transformed at 220 ◦C for 22 h
and at 250 ◦C for 16 h according to (Garcia-Mateo et al., 2012b); x′T0

is the calculated composition at the
T ′

0 curve and x′′γα is the calculated composition of the austenite in paraequilibrium with ferrite accounting
for the stored energy.

conventional XRD measurements are in perfect agreement, as opposed to the case of
transformation at 220 ◦C. This mismatch is first due to the fact that transformation
times are different (16 h vs 22 h), and second is due to the consideration of one or
two austenite phases for Rietveld refinement. When comparing the composition of
the high-carbon austenite population as obtained in the present work (Cγ+), a higher
enrichment is achieved at the lowest transformation temperature according to the
bainite transformation theory. Fig. 5.5 shows the carbon content in austenite after a
16 and 15 h transformation at 220 and 250 ◦C, respectively, relative to the calculated
T ′

0 and A′′
e3 curves. The carbon content of the enriched austenite is slightly above T ′

0

in both cases, but for the steel transformed at 220 ◦C for 16 h, there is a portion of
austenite with carbon below T ′

0 , which can continue to transform, so that transformation
is not yet complete. Thus, it is possible that too short of transformation times engender
misleading results, yielding unsound conclusions in (Avishan et al., 2015; Garcia-
Mateo et al., 2012b; Lan et al., 2014). It should be noted that bainite transformation
reached a true stasis1 in neither case, so a purist judgment in terms of completeness is
not possible.

The (c/a)α ′ ratio of bainitic ferrite is maintained upon cooling and increases with
decreasing transformation temperature, in accordance with results in Section 3.1 and
previous investigations (Garcia-Mateo et al., 2015). A decrease in tetragonality is
similarly observed in tempered martensites, where the (c/a)α ′ ratio decreases with
increasing tempering temperature (Chen and Winchell, 1980) as a consequence of
one or various reactions, including segregation of carbon, precipitation of carbides,
and recovery and recrystallization of the martensitic structure. This analogy can be
interpreted as bainitic ferrite growing with a carbon concentration above that indicated
by the paraequilibrium, immediately undergoing an auto-tempering process where

1The term stasis is classically used to designate the period when austenite isothermal decomposition
ceases following the ending of bainite formation.
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Fig. 5.5 Carbon content in austenite of the 1.0C steel transformed at 220 for 16 h and 250 ◦C for
15 h and calculated T ′

0 and Ae′′3 curves. The dashed line represent the nominal composition of
the steel, γ− and γ+ are the low-carbon and the high-carbon austenite populations respectively.

carbide precipitation and carbon partitioning into the austenite are overlapping and
competitive reactions. In parallel, there is some carbon that migrates to defects and
some that remains in solid solution, the latter being responsible of the (c/a)α ′ ratio
detected. The fact that the (c/a)α ′ ratio remains nearly constant regardless of the
transformation stage in Fig. 5.3 could be a sign that all these processes evolve rapidly
within bainitic ferrite towards a α+α′′ metastable equilibrium state.

5.1.3 Observations of iron carbides

There are several limitations impeding the observation of carbides in bainitic ferrite
formed at low temperature; a high dislocation density, the nanoscale substructure and
the size of the precipitates. Indeed, TEM experiments frequently fail to detect carbides
in low temperature bainite, or when detected, they are considered as anecdotal evidence
of precipitation (Caballero and Bhadeshia, 2004; Caballero et al., 2002; Timokhina
et al., 2016). Fig. 5.6 shows a [311]α ′ micrograph and SAED pattern of the steel
after isothermal transformation at 250 ◦C for 15 h. Both cementite and η–carbide are
identified by electron diffraction within bainitic ferrite in Fig. 5.6b, though the highly
dislocated structure of ferrite impedes visualizing them in the BF image in Fig. 5.6a.
The presence of two variants of η–carbide, with zone axes near [121]η1 and [123]η2 is
consistent with previous observations in Quench and Partitioning (Q&P) steels (Pierce
et al., 2015).

It must be noted that it is difficult to unambiguously distinguish the orthorhombic
η–carbide from the hexagonal ϵ–carbide by conventional TEM and SAED. The relative
differences between the lattice parameters of η–carbide (aη , bη , cη ) and the equivalent
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Fig. 5.6 Transmission electron micrograph of the 1.0C steel isothermally transformed at 250 ◦C
for 15 h, (a) [311]α ′ zone axis BF TEM micrograph; (b) [311]α ′ SAED pattern corresponding
to the ferrite matrix in (a); and (c) key diagram where filled black circles correspond to matrix
reflections, filled gray and open circles correspond to reflections of two different variants of
η–carbide and open triangles correspond to cementite reflections.

orthorhombic cell of ϵ–carbide (aε ′ , bε ′ , cε ′) are aη/aε ′ = 0.987, bη/bε ′ = 0.992 and
cη/cε ′ = 1.028 (Hirotsu and Nagakura, 1972). Errors associated with indexing the
pattern as either carbide are within the range of the resolution limit of the acquired
SAED (Tsuno, 1993). The major difference between the two carbides lies in the
arrangement of carbon atoms in the lattice. In the η–carbide, the carbon atoms regu-
larly fill one-half of the octahedral sites between iron atoms, producing superlattice
reflections unobtainable from the crystal structure of ϵ-carbide. In principle, η–carbide
is an ordered, orthorhombic structure with a stoichiometric Fe2C composition (Hirotsu
and Nagakura, 1974). However, the superstructure reflections of the η–carbide in
TEM-SAED are frequently weak and diffuse (Hirotsu and Nagakura, 1972; Hirotsu
et al., 1976; Pierce et al., 2015; Williamson et al., 1979) or even absent (Shimizu and
Okamoto, 1974; Taylor et al., 1989b). Superstructure reflections originate solely from
the interstitial carbon atoms, and their presence is a direct indication of an ordered
arrangement of the interstitial atoms in the crystal. However, the size of the η–carbide
and the atomic scattering factor of carbon may be too small to give sufficiently intense
superlattice reflections. The issue of where carbon atoms are located in the carbide
is complicated if an unequivocal identification is required. For instance, superlattice
reflections near the (010)α ′ martensite reciprocal lattice point nearly overlap with the
{022}o oxide reflection of epitaxially grown magnetite. If the oxide layer is thin, its
weak diffraction spots could be mistakenly identified as superlattice reflections (Chen
and Morris, 1977; Taylor, 1985; Taylor et al., 1989b). The intensity anomalies in the
superlattice reflections were first attributed to a certain degree of disorder in the atom
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arrangement in the crystal (Hirotsu et al., 1976; Taylor et al., 1989b). Subsequent
Mössbauer spectroscopy analyses showed that η–carbide possesses both a stoichiomet-
ric and a non-stoichiometric carbon-deficient structure (Ino et al., 1982; Pierce et al.,
2015), which rationalizes the absence and variation of superlattice reflections. The
same experiments in iron carbides formed by Fischer-Tropsch synthesis indicate that
the non-stoichiometric carbon-deficient structure of the η–carbide has a stoichiometry
ranging from Fe3C to Fe2C (Jack, 1948; Le Caer et al., 1982). The present results
show no evidence of superlattice reflections.

η–carbide is usually associated with the early stages of tempering in martensite,
and it has been observed in lean and complex alloy systems, e.g. Fe–C (Hirotsu and Na-
gakura, 1972, 1974; Shimizu and Okamoto, 1974; Tyshchenko et al., 2010; Williamson
et al., 1979), Fe–C–Ni (Hirotsu et al., 1976; Taylor et al., 1989b), Fe–C–Si–Mn (Dirand
and Afqir, 1983), Q&P steels (Pierce et al., 2015, 2016) and tool steels (Gavriljuk
et al., 2013; Meng et al., 1994; Tyshchenko et al., 2010). The mechanism of η–carbide
precipitation in martensite remains unclear. On the one hand, carbides are assumed to
nucleate heterogeneously throughout the martensitic phase along the carbon-rich bands
of a modulated structure originated by spinodal decomposition (Taylor et al., 1989b),
where the nucleation is controlled by carbon diffusion, while dislocations do not play a
significant role in the nucleation. The growth rate of the carbide has been suggested
to be controlled by iron and substitutional atom diffusion along dislocation paths
(Sherman et al., 1983; Waterschoot et al., 2006). On the other hand, some observations
indicate that carbides nucleate at the Cottrell atmospheres (Tyshchenko et al., 2010)
and precipitate periodically along dislocations (Hirotsu and Nagakura, 1972, 1974;
Tyshchenko et al., 2010). These Cottrell atmospheres arise from either the migration of
the carbon atoms towards the dislocations at low temperatures (Tyshchenko et al., 2010)
or the capture of carbon atoms by gliding dislocations in the course of martensitic
transformation (Gavriljuk et al., 2013). The latter assumption is discussed on the basis
of the higher enthalpy of binding between carbon atoms and dislocations (0.8 eV)
(Cochardt et al., 1955; Ishii et al., 2012; Veiga et al., 2010) in comparison with the
formation enthalpy of the η–carbide (0.25 eV) and cementite (0.5 eV). According to
this, Cottrell atmospheres cannot contribute to the precipitation of low-temperature car-
bides and even would delay or inhibit η–carbide or cementite precipitation (Gavriljuk
et al., 2013; Kalish and Cohen, 1970). Regardless of the nucleation mechanism of the
transitional carbide, precipitation is ultimately considered to be the result of carbon
supersaturation in a martensitic matrix.

Fig. 5.7 shows an APT carbon atom map for the steel transformed at 250 ◦C for
15 h and the corresponding proximity histograms across the 7 at.% C isoconcentration
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Fig. 5.7 (a) Carbon atom map of the 1.0C steel transformed at 250 ◦C for 15 h and compositions
of C, Si, Mn and Cr relative to the position of the 7 at.% C isoconcentration surfaces indicated
by the arrows across (b) a carbide and (c) carbon clusters. The error bars in the concentration
profiles represent the statistical error as calculated by Danoix et al. (2007).

surfaces indicated by the arrows. The carbon concentration in the enriched feature in
Fig. 5.7b is above 20 at.% without associated partitioning of other alloying elements.
This concentration is beyond that permitted by the A′′

e3 curve for austenite in Fig. 5.5, but
does not match with the concentration in the observed stoichiometric Fe3C and Fe2C
carbides. During an atom probe experiment, carbon can field evaporate as complex
molecular ions with more than one ion evaporating and striking the detector per pulse,
resulting in undetected carbon ions i.e., lower carbon contents are detected. The
opposite scenario can happen for certain carbides and APT experimental parameters
when iron atoms are lost due to multiple detection events i.e., higher carbon contents
are detected. In addition, peak overlaps between molecular carbon ions (such as
the C+

2 and C2+
4 shown in Fig. 3.5a) makes the blind analysis of features by APT

non-straightforward (Kitaguchi et al., 2014; Sha et al., 1992). The identification of
features solely from the carbon content becomes specifically challenging for small
stoichiometric cementite in opposition to other carbides or Cottrell-related features.
In the case of carbides, quantitative analysis in stoichiometric cementite by voltage-
pulsed APT overestimates by several at.% the carbon concentration value under a
wide range of temperatures (20-90 K) and pulse fractions (15-25 %) (Miyamoto et al.,
2012; Takahashi et al., 2011). Conversely, cementite is often identified as a feature
containing less carbon than the stoichiometric amount (Caballero et al., 2007; Pereloma
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et al., 2012; Seol et al., 2012; Shimizu and Okamoto, 1974; Toji et al., 2015; Zhu
et al., 2009). This fact is supported by neutron diffraction studies combined with
ab initio calculations, where the composition of cementite continuously varies with
temperature, having Fe3Cx stoichiometry due to the formation of C–vacancy pairs
(Voronin et al., 2010). As if the complex identification of cementite was not enough,
η–carbide possesses a non-stoichiometric carbon-deficient structure (Ino et al., 1982;
Jack, 1948; Le Caer et al., 1982; Pierce et al., 2015), which makes the differentiation
even more challenging. To tackle this problem, a fully correlative FIB, TEM, and
APT experiment under optimized characterization conditions could be utilized (Arslan
et al., 2008; Guo et al., 2014, 2016; Haley et al., 2011; Henry et al., 2012; Herbig et al.,
2015a). Unfortunately, these correlative methods are extremely challenging and have
not yet found widespread use.

As aforementioned, the composition of the major alloying elements, Si, Mn and Cr
hardly changes across the ferrite/carbide interface in Fig. 5.7b. In reactions occurring
under paraequilibrium conditions the new phase forms with a different content of the
mobile element (carbon) but without a change of the relative contents of the others.
The partitioning coefficient for a given alloying element (X) across the ferrite/carbide
interface is here calculated as

kX
α/θ∨η

=
Xα/(Xα +Feα)

Xθ∨η/(Xθ∨η +Feθ∨η)
(5.1)

where Xα and Xθ∨η are the alloying element atomic compositions of ferrite and
the carbide (either cementite or η–carbide), respectively; and Feα and Feθ∨η are the
iron atomic compositions of ferrite and the carbide, respectively. In the present work,
the partitioning coefficient values for the major alloying elements, Si, Mn and Cr are
found to be kX

α/θ∨η
≃ 1 across any ferrite/carbide interface. Both in lower bainite

and tempered martensite obtained from high-silicon steels, cementite grows under
paraequilibrium conditions, i.e. there is no evidence of silicon partitioning between
cementite and martensite or bainitic ferrite and there is not a compositional spike at
the interface, e.g. (Caballero et al., 2007; Timokhina et al., 2011a). Both experiments,
and thermodynamic and kinetic modeling show that once nucleated, the full growth
of paraequilibrium cementite from a supersaturated ferrite in silicon-containing steels
takes place in the time scale of seconds and is determined by carbon diffusion alone
(Ghosh and Olson, 2002; Kozeschnik and Bhadeshia, 2008). According to the present
and previous results (Garcia-Mateo et al., 2015), the fact that tetragonality and in turn
carbon content of the bct ferrite phase does not change throughout transformation
and after prolonged heat treatment, suggests that any carbide precipitation takes place
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rapidly and not at the expense of a slow kinetics decarburization of ferrite. However,
it is true that the processes occurring at each of the bainitic ferrite subunits may vary
from one to another depending on the time at which they were formed (Timokhina
et al., 2011a, 2016). It is not possible to record the changes that a single bainitic ferrite
subunit undergoes from the very moment that it is formed until the end of the heat
treatment, so all assumptions should be handled with care.

Fig. 5.7c shows the proximity histogram across all the carbon clusters present in the
needle. As detailed in Section 4.2.2, identification plus quantification of clustering by
APT is a tricky problem and a variety of statistical tools are available, including nearest
neighbor distributions (Philippe et al., 2009), pair correlation functions (Philippe
et al., 2010a), radial distribution functions (De Geuser et al., 2006), etc. In general,
clustering is identified by deviations from randomness in binary solid solutions. In
the case of nanocrystalline bainitic steels, clusters are defined as ∼6 nm thick carbon-
enriched regions randomly dispersed through the ferrite matrix (Caballero et al., 2008),
or as fluffy clouds with a characteristic branch-like structure and a diffuse interface
with the bainitic ferrite matrix (Caballero et al., 2011). The distinction between
clusters and precipitates is based on their crystallographic arrangements. Clusters
are characterized as either ordering or preferential segregation of atoms in the matrix,
whereas precipitates exhibit their own crystal structure, which is different from that
of the matrix phase. The lack of crystallographic information in the APT needle, and
the absence of solute partitioning in both the clusters and precipitates, complicates the
differentiation between the two features. In the present work, clusters are identified
according to their morphology, spatial distribution and size, as formerly defined.
Thus, the carbon composition of individual clusters here illustrated varies between
12 at.% and 20 at.% with a composition peak at 25 at.% carbon as seen in Fig. 5.7c.
The composition of carbon clusters as determined in Chapter 4 is close to Fe16C2.
Similarly, clusters of composition Fe16C2 are developed in the early stages of tempering
of martensite (Pereloma et al., 2008; Taylor, 1985; Taylor et al., 1989b; Zhu et al.,
2009), though an ordered phase with stoichiometry Fe4C has also been proposed (Choo
and Kaplow, 1973; DeCristofaro et al., 1978; Hirotsu and Nagakura, 1972; Sherman
et al., 1983). Carbon clusters are thought to develop into iron carbides, which grow by
consuming neighboring clusters (Caballero et al., 2008, 2009; Pereloma et al., 2008;
Taylor et al., 1989b). The branch-like structure of clusters and their increasing carbon
composition in Fig. 5.7 may be a reflection of this latter.

The carbon content of the bainitic ferrite matrix, defined as the low-carbon regions
in the material where the solute atoms are randomly distributed, for the steel trans-
formed at 250 ◦C for 16 h is 0.10±0.01 at.% (see Table 3.2). This value is far lower
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than that derived from the tetragonality of the ferrite lattice, listed in Table 5.2. Again,
the tetragonality detected by XRD could be the result of local enrichments of carbon,
i.e. clusters, in association with a locally increased tetragonality that increases the
overall (c/a)α ′ ratio.

All in all, the present as well earlier APT experiments undoubtedly confirm that
despite the high silicon level in low temperature bainite, carbide formation is not com-
pletely suppressed in the bainitic ferrite phase (Caballero et al., 2007; Pereloma et al.,
2012; Rakha et al., 2014; Timokhina et al., 2011a). There are, however, conflicting
studies regarding the nature of carbides in bainitic ferrite. ϵ–carbide has been reported
in lower bainite (Hehemann et al., 1972; Matas and Hehemann, 1961; Sandvik, 1982a)
as the precursor of cementite formation (Hehemann et al., 1972; Matas and Hehemann,
1961), and the ability to detect it is increased by increasing the silicon content of the
steel. Early APT measurements of low temperature bainite pointed towards the only
presence of cementite in the absence of ϵ–carbide as the initial carbide of the precipita-
tion sequence in lower bainite formation (Caballero et al., 2007, 2009). In opposition,
other works indicated the presence of a variety of carbides, the composition of most of
them being close to those of cementite (Fe3C), ϵ–carbide (Fe2.4C) and Fe32C4 (Rakha
et al., 2014; Timokhina et al., 2011a,b). Nevertheless, per the traditional aphorism,
“absence of evidence is not evidence of absence”, but only in case in which, were the
postulated carbide to exist, we should expect to have more evidence of its existence
than we do (Martin, 2006). In any case, carbides are thought to form concomitantly
with the transformation which can be termed as auto-tempering or through ageing over
time (Rakha et al., 2014). Keeping in mind the difficulties to differentiate between
ϵ–carbide and η–carbide, none of the aforementioned work detected the existence
of the stoichiometric η–carbide (Fe2C) in low temperature bainite, albeit it has been
observed previously in lower bainitic ferrite obtained by transforming the austenitic
matrix of a high-silicon cast alloy at 370 ◦C (Franetovic et al., 1987). Similar obser-
vations were made in a high-aluminum cast alloy isothermally transformed to bainite
at 350 ◦C, where η–carbide precipitates as a transitional carbide at intermediate trans-
formation times preceding cementite formation (Kiani-Rashid, 2009). The presence
of the η–carbide is believed to result from precipitation within bainitic ferrite plates
supersaturated with carbon during transformation (Sidjanin and Smallman, 1992).
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5.2 Carbon content of lattice defects and carbon deficit

There are substantial discrepancies in achieving a mass balance for carbon on mixtures
of bainitic ferrite and austenite when the carbon concentration in the latter is determined
using either XRD measurements of concentration-dependent lattice parameters, or
using APT analyses (Bhadeshia, 2015a). The discrepancies in the mass balance
conduce to the definition of the carbon deficit (Cγ,α ′

de f icit):

Cγ,α ′

de f icit =Cbulk −Css =Cbulk − (Cα ′ ·Vα ′ +Cγ ·Vγ) (5.2)

where Cbulk, Css, Cα ′ and Cγ are the carbon content of the alloy, in solid solution,
bainitic ferrite and austenite, respectively and Vα ′ and Vγ are the volume fractions
of bainitic ferrite and austenite with Vα ′ +Vγ = 1. Experimental data indicate that
the deficit for low temperature bainite is in the range from 0.9 to 1.8 at.% C, the
carbon deficit tending to decrease as the transformation temperature increases (Garcia-
Mateo et al., 2015; Morales-Rivas, 2016; Morales-Rivas et al., 2015). It is known
that some of this carbon deficit is trapped at dislocations and other defects (Caballero
et al., 2007; Timokhina et al., 2011a), without any evidence of carbon segregation to
austenite/ferrite interfaces (Bhadeshia, 2015a).

Surprisingly, it has never been considered that the presence of a few carbides can
certainly balance the carbon deficit. To identify and quantify those carbides, adequate
X-ray peak resolution is required. The carbon deficit is now calculated as:

Cde f icit =Cbulk−Css−Cde f ects =Cbulk−(Cα ′ ·Vα ′+Cγ ·Vγ +Cθ ·Vθ +Cη ·Vη)−Cde f ects

(5.3)

where Cθ , and Cη are the carbon concentrations in the cementite and the η–carbide,
respectively, Cde f ects is the carbon concentration located at defects (i.e. vacancies,
dislocations and interfaces), and Vθ and Vη are the volume fractions of cementite and
the η–carbide with Vα ′ +Vγ +Vθ +Vη = 1.

It is not easy to quantify the carbon located at defects, neither experimentally nor
theoretically, although an estimate can be given according to the assumptions made
by Bhadeshia (2015a). His work considers three contributions to the carbon located
at defects: i) carbon in regions of the ferrite lattice dilated by the dislocation strain
field (Cρ

α ); ii) carbon in Cottrell atmospheres (CCottrell
α ); and iii) carbon segregated to

ferrite/austenite interfaces (Cα/γ ). The first contribution refers to the carbon concentra-
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tion that in the presence of dislocations does not change the lattice parameter of the
matrix. Its magnitude is derived from the number of carbon atoms that can enter a unit
volume of ferrite without altering its lattice parameter (Bhadeshia, 2015a; Seeger and
Haasen, 1958),

NC
V =

Γ ln(R/r0)Ω

∆VC

ρ

b
(5.4)

where Γ ln(R/r0) is the volume change per atomic volume (Ω) due to a dislocation
with length equal to the Burgers vector (b), r0 is the dislocation core radius, R is the
effective distance to which the strain field of the dislocation extends, ∆VC is the volume
change produced by a single carbon atom inserted into a unit cell of ferrite and ρ is
the dislocation density. The parameters adopted in this work are: Γ = 0.34 (Seeger
and Haasen, 1958); R = 56 nm (Bhadeshia, 2015a); r0 = 1.25 nm (Caballero et al.,
2007); b = a

√
3/2 = 0.25 nm; Ω = 4b3/

√
33 = 0.01 nm3; and ∆VC = 7.8×10−3 nm3

(Cottrell and Bilby, 1949). The dislocation density can be experimentally determined
from the average values of the bainitic ferrite crystallite size (Dα ′) and microstrain (εα ′)
as obtained by XRD according to the following equation (Dini et al., 2010; Smallman
and Westmacott, 1957),

ρ =
3
√

2πεα ′

Dα ′b
(5.5)

The atomic percent of carbon atoms around the dislocations that do not alter the
lattice parameter is then calculated as

Cρ

α = NC
V Ω×100 (5.6)

The second contribution to the carbon located at defects is estimated considering
that dislocations with Cottrell atmospheres accommodate ∼8 at.% C (Caballero et al.,
2007; Cochardt et al., 1955; Wilde et al., 2000) and that carbon atoms segregate at
dislocations in a cylinder of radius r0 = 1.25 nm about the dislocation line center (Ca-
ballero et al., 2007). Thus, the atomic percent of carbon atoms decorating dislocations
is given by

CCottrell
α = 8ρπr2

0 ×100 (5.7)
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Fig. 5.8 Carbon atom map with superimposed carbon isoconcentration surfaces at 10 at.% C
for the 1.0C steel transformed at 220 ◦C for 16 h and (b) 2D projection contour map of a
36×36×10 nm3 volume containing the dislocation feature marked by an arrow.

In the present work, the segregation of carbon to the ferrite/austenite interfaces is
not taken into consideration, given that atom probe experiments here do not show any
evidence of the existence of such segregation (Caballero et al., 2007; Timokhina et al.,
2011a,b).

Fig. 5.8a illustrates the carbon segregation to a linear-like feature within bainitic
ferrite close to its interface with austenite, identified as a dislocation. Fig. 5.8b shows
the 2D projection contour map of a 36×36×10 nm3 volume containing this feature
where the carbon composition at the core ranges from 6 to 8 at.% C, in good agreement
with previous results (Caballero et al., 2007).

Thus, the Cde f icit was calculated after transformation at 220 ◦C for 16 h and 250 ◦C
for 15 h according to Eq. 5.3. The Cbulk of the steel studied is of 4.28 at.% C and

Table 5.4 Estimation of the carbon distribution in the bainitic structures obtained in the 1.0C
steel isothermally transformed at 220 ◦C for 16 h and 250 ◦C for 15 h.

Tb, ◦C ρ , m−2 Css, at.% Cρ

α , at.% CCottrell
α , at.% Cde f icit , at.%

220 3.51×1015 3.8±0.5 0.10 0.14 0.2±0.5
250 3.07×1015 3.8±0.5 0.08 0.12 0.3±0.5

Tb is the bainite transformation temperature, ρ is the dislocation density in bainitic ferrite, Css is the
amount of carbon in solid solution, Cρ

α is the amount of carbon that in the presence of dislocation does
not lead to a change in the lattice parameter, CCottrell

α is the amount of carbon in Cottrell atmospheres and
Cde f icit is the carbon deficit according to Eq. 5.3.
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is given in Table 2.1. The term Css was evaluated from the volume fractions and
carbon contents of ferrite and austenite, and stoichiometric cementite (25 at.% C)
and η–carbide (33 at.% C) as determined by SR-XRD (see Table 5.2). The term
Cde f ects was estimated as the sum of Cρ

α and CCottrell
α according to Eq. 5.6 and Eq. 5.7,

respectively, where de dislocation density (ρ) in Eq. 5.6 was calculated from SR-XRD
data in accordance with Eq. 5.5.

Table 5.4 shows the estimation of the carbon distribution in the structures studied.
After considering the presence of carbides and carbon around linear defects, the
calculated carbon deficit is below the error and the carbon balance is nearly satisfied.



Conclusions

The overall structure in the ferritic phase of low temperature bainite consists of a bct
crystal lattice where carbon clusters with a composition close to Fe16C2 are embedded
in a carbon-depleted matrix. This phase separation is thought to develop as a con-
sequence of a conditional spinodal decomposition mechanism where initial full (or
almost full) supersaturation of bct ferrite is needed to produce the compositional insta-
bility. The presence of a significant amount of monovacancies in the structures would
assist in retaining carbon in bainitic ferrite by the formation of immobile C–vacancy
complexes.

Tetragonality in bainitic ferrite remains unaltered throughout the transformation and
after prolonged heat treatment, suggesting that carbon supersaturated ferrite, α+α′′,
is a metastable equilibrium constituent.

In addition to tetragonal ferrite and carbon-enriched austenite, cementite, and
η–carbide are present in low temperature bainite. After considering the presence of
carbides and carbon segregation around linear defects, the mass balance for carbon is,
for the first time, satisfied.

Given the obvious analogies of low temperature bainite transformation with the
sequence of processes occurring during the early stages of ageing of martensites, it is
the firm opinion of the present author that the “martensite paradigm” (Hillert, 2002a)
shifts again in favor of a supersaturated, high-velocity shear mechanism.

For practical reasons, the vast majority of the research carried out in low temper-
ature bainite has involved the use of steels containing numerous alloying elements.
Although the thermodynamics of metastable structures in the Fe–C system are fully
described, it becomes necessary to assess the influence of both substitutionals and
vacancies in the stability of the different reaction products, including the bct lattice
itself. Even if not realistic for an industrial environment, the use of ternary Fe–Si–C
alloys would be a good starting point for coupling experimental with modeling results
in order to elucidate the underlying reactions in low temperature bainite transformation.
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