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ABSTRACT 

This feature article reviews several aspects of computational approaches to polyethylene 

melt and solid state properties in relation to existing experimental results. Based on 40 

years of experience in the field, we offer a personal view of how computer simulations 

are helping to understand the physics of polyethylene as a model polymer. The first 

issue discussed is the molten state of polyethylene, including static and dynamic 

properties and entanglement features along with their impacts on rheological behaviour. 

We then examine the glass transition, crystallization process and solid state structure, 

including the interlamellar region.  This is followed by brief descriptions of the latest 

advances in simulating mechanical properties and of the various methodologies used to 

simulate the physics of polyethylene. Throughout the manuscript, references are made 

to our own work and also to studies by many other authors that have nicely contributed 

to developments in simulating the physics of polyethylene in close agreement with 

experimental results. 
 

Keywords: Polyethylene; molecular architecture; branching; dynamics; crystallization;  

computer simulations 

  



1. Introduction 
Polyethylene [abbreviated PE; IUPAC name polyethylene or poly(methylene)] is the 

most common plastic, its global annual production being around 82 millions of tonnes 

[1]. Many kinds of PE are known and these generally consist of a mixture of similar 

polymers of ethylene. 

With regards to polymer physics, PE is undoubtedly the most studied polymer.  The 

reasons for this are its chemical simplicity, its high level of production in the last 50 

years and the availability of model materials obtained by different synthetic routes (long 

chain paraffins [2], single-site catalyst PE that include modelling reactions [2-21] and 

hydrogenated polybutadienes [22-24]. In addition, architecture is generally well 

characterized. This has meant that to a greater or lesser extent, the study of PE in the 

melt or solution, its solid state structure, morphology or physical properties have been 

the target of the polymer community for over five decades. 

There are many types of PE depending on the polymerization procedure used to 

generate the polymer, and there are also different classifications based on their density.  

However, from a strictly physical point of view, several main factors control the 

physical properties of PE and these are the focus of interest of this article.  In this 

regard, we recognize that the role of branches is a key factor. In this article, we consider 

PE as the large family of polymers that have the monomer ethylene -(CH2-CH2)- as 

their main constituent, and several side branches which can be classified as long or 

short. Long chain branching (LCB) in PE is used to describe the presence of side 

branches whose molecular weight (Mw) is above the critical molecular weight between 

entanglements (Me) but that are not as long as the main chain [25-28]. By short chain 

branching (SCB), we understand the presence of side branches of up to 6 carbon atoms 

(1-octene comonomer), and this is a feature of commercially available PE. In between, 

we find architectures with branches of Mw below Me. We also consider that branches 

are randomly placed along the main backbone. In this context, it should be noted that 

SCB is important for crystallization and solid state properties, while LCB is a 

determinant of rheological properties with impacts on processing. 

As a third point, we should emphasize that several theories of polymers have 

been applied to PE. Crystal growth theories, crystallographic distortions and mechanical 

properties are generally applicable but many basic questions still remain unanswered. It 

should also be considered that the framework of theory describing the molten state and 

its dynamics is better understood than the solid state properties of PE when compared 

with model experimental data. Thus, while the selection of experimental results should 

be filtered according to the complexity of the molecular architecture of the systems, in 

this paper we have only focussed on experimental results for PE whose molecular 

architecture has been well characterized. 

The points discussed above become important when we try to interpret 

experimental observations in PE using computer simulation techniques. Here, we 

review some aspects of computational approaches to PE melt and solid state properties 

in connection with the available experimental results. Several excellent books and 

reviews exist on polymer simulations and modelling where the reader can find very 

valuable information [29-38]. The aim of this feature article is to offer our vision of 

how computer simulations can help in understanding the physics of PE as a model 

polymer based on our 40 years of experience in the field. The article is organized into 

four main sections: first we examine the molten state including static and dynamic 

properties, entanglement features and their effects on rheological properties; next, we 

discuss the glass transition state, crystallization process and solid state structure, 

including the interlamellar phase; this is followed by a brief description of the latest 



advances in the simulation of mechanical properties; and finally we present another 

brief description, this time of the various methodologies used to simulate the physics of 

PE. 

 

2. Polyethylene melts: effect of molecular architecture 
The static and dynamic properties of the melt of unentangled or entangled linear, 

long- or short-branched (LCB and SCB, respectively), or cyclic PE are currently under 

intense investigation by computer simulations, both using Monte Carlo (MC) and/or 

atomistic and coarse-graining (CG) molecular dynamic (MD) models (see section 4.2 

for a description of these techniques).  

A key component of MC and MD simulations is the description of interactions 

among atoms and of movements relative to each other. These interactions are described 

by the so-called “force field” (FF). A broad variety of FFs can be found in the literature 

applied to n-alkanes and polyolefins (see Section 4.2.5).  

In general, all-atom or explicit hydrogen FFs have been used to simulate short 

alkane properties and, in some cases, to validate united atoms (UA) models [39-42]. 

However, the presence of explicit hydrogen atoms increases the computational cost of 

the calculations for long chains, to such an extent that the relevant time- and length-

scales in the melt state are out of the reach of current computer capabilities. 

Notwithstanding, the most widely used for long chains are united atom FFs: (i) OPLS-

UA [43]; (ii) SKS-UA [44, 45]; (iii) PYS-UA [40, 46]; (iv) HMT-UA [47, 48]; (v) 

NERD-UA [49]; (vi) TraPPE-UA [50, 51] (vii) GROMOS-UA [52] and (viii) KMT-UA 

[53]. The description and abbreviations of these force fields are given in section 4.2.5. 
 

2.1. Volumetric and conformational properties 
 

2.1.1. Volumetric and thermal expansion coefficients 

Density, , and its change as a function of temperature is a fundamental property of 

polymers. The value of  is very sensitive to the free volume in the polymer medium. 

Therefore, the volume-temperature relationship at the pressure of interest must be 

realistically represented in the simulations. Commonly, , or its inverse, the specific 

volume, , is measured as a function of pressure and temperature using the technique of 

dilatometry, and it is often referred to as pressure-volume-temperature (PVT) behaviour. 

There are few PVT results in the literature, mostly for n-alkanes, hydrogenated 

polybutadienes (HPB), Ziegler-Natta and single-site linear high (HDPE) and linear low 

density polyethylene (LLDPE) [54-56].  

In Figure 1A, we provide the values of  obtained for different chain lengths at a 

temperature T ~ 450 K from different sources, both experiments and simulations [54-

57]. MC and MD simulations using both TraPPE-UA and KMT-UA FFs offer an 

excellent description of both the densities and thermal expansion coefficients of n-

alkanes and PE for a broad range of chain lengths and temperatures. HMT-UA also 

describes the density-chain length dependence, but slightly overestimates absolute 

values at a given chain length [58]. In the case of the results obtained at T ~ 509 K (data 

not shown), the scattering of simulated data is more pronounced, especially for results 

obtained using the PYS-UA FF. In effect, this FF tends to overestimate density [59, 60] 

in comparison with experiments and computer simulations performed with OPLS-UA 

[61], KMT-UA [53, 62-65] or TraPPE-UA [66-74] FFs. 

Less attention has been paid to the effect of molecular architecture on volumetric 

properties obtained through computer simulations. Karayiannis et al. reported MC 

simulation of H-shaped molecular architectures in PE using their KMT-UA model [75, 



76]. Tsolou et al. did the same for ring PE systems [65]. Interestingly, these authors 

found that ring PE melts reach the asymptotic regime (where no variation of  with 

molecular length is observed) at lower N values than the corresponding linear PE melts 

(dashed red line in Fig 1.A). This observation was attributed to the absence of chain 

ends in rings, the density of the rings being always higher than that of the corresponding 

linear systems of similar molecular weight. These cyclic structures were also examined 

by Hur et al. through MD simulation using PYS-UA and SKS-UA non-bonded 

parameters FF at T = 509 K [59]. The results obtained for  as a function of molecular 

length are in qualitative agreement with those obtained by Tsolou et al. [65]. 

 
Figure 1: (A) Comparing the effects of density on chain length dependence for PE at T = 448 - 450 K  in 

experiments (open symbols and solid line) and in computer simulations (solid symbols): () Dee at al. 

[55]; () Pearson et al. [57] (data were obtained from the fit of melt rheological properties to the Rouse 

and reptation models using RIS calculations for the chain dimensions); () MC (HMT-UA) Mavrantzas 

et al. 1999 [58]; () MC (KMT-UA) Karayiannis et al. 2002 [53, 62]; () MC (TraPPE-UA) Peristeras 

et al. 2005 [66]; () MC (KMT-UA) Foteinopoulou et al. [63, 64]; () MD (TraPPE-UA) Ramos et al. 

[69-74]; () MD (KMT-UA) Tsolou et al. [65]; () MC (TraPPE-UA) Baig et al. [67, 68]. Dashed red 

line represents the results of simulations of ring PEs by Tsolou et al. [65]. (B) Calculated densities at 450 

K and atmospheric pressure for linear PE and copolymers: () MC (TraPPE-UA) by Ramos et al. and 

Moorthi et al. [69, 71] and experimental densities for () linear PE, () EP copolymers; () EB 

copolymers and () longer ZN and single-site copolymers by Han et al. [56] at T = 450 K as a function 

of comonomer mole fraction. The dashed black line is an eye-guide line for the experimental values.  

 

Peristeras et al. assessed the volumetric properties of tri-arm star PEs by MC 

simulations and TraPPE-UA FF [66]. These authors reported good agreement between 

their MC simulations and the experimental  values for low density polyethylene 

(LDPE). Baig et al. also examined H-Shaped, pom-pom and SCB PE melts by MC 

simulation using TraPPE-UA FF [67, 68]. In a systematic way, Ramos et al. explored 

the effects of different amounts and types of SCB (from 1-butene to 1-decene) by MC 

and MD also using TraPPE-UA FF [69, 71]. In all these studies, the simulated values of 

 slightly increased with the comonomer mole fraction, in agreement with the 

experimental results reported for different polyolefins [54-56], as can be observed in 

Figure 1B. 

The thermal expansion coefficient at constant pressure,, has been also analysed 

by some authors. However, results so far are much more limited. From the specific 

volume data (�̅�) at different temperatures,  is defined as: 
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In general, simulations using KMT-UA, OPLS-UA and TraPPE-UA FFs show 

particularly good agreement with experiments, including a decrease in  with molecular 

length up to values of around 6.6 - 6.910
4
 K

-1
 (KMT-UA) [53, 62, 64], 7.610

4
 K

-1
 

(OPLS-UA) [61] and 8.610
4
 K

-1
 (TraPPE-UA)  [73]. For linear high molecular weight 

PE, experimental values vary between 7.610
4
 K

-1
 and 8.810

4
 K

-1
 [54-56]. PYS-UA 

underestimates the temperature dependence of density, giving rise to values around 4.75 

- 5.9510
4
 K

-1 
[73].  

No calculations of  have been conducted at different temperatures in the case of 

SCB PE samples. Only in the work of Gestoso and Karayannis were values of  at two 

different temperatures obtained for some SCB samples, while values of  were not 

reported [77]. Experimental  results for polyolefins are practically the same across the 

whole range of comonomer weight percent in Ziegler-Natta and single-site polyolefins, 

which suggests that SCB does not significantly affect the value of  [54-56]. 

Another static property of interest is the isothermal compressibility coefficient, , 

defined as: 
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1
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To estimate , we need to obtain  data at various pressures. Alternatively 

Foteinopoulou et al. [64] and Tsolou et al. [65] reported values for linear and cyclic PEs 

obtained from volume fluctuations of a given NPT simulation as [78]: 

 

 𝛽 =
1

𝜅𝐵𝑇

〈𝑉2〉 − 〈𝑉〉2

〈𝑉〉
 (3) 

 

From both  and , the solubility parameter, , becomes available as: 

 

 𝛿 = √𝑇 (
𝛼

𝛽
) − 𝑃 (4) 

 

The MC simulations of Foteinopoulou et al. [64] using KMT-UA FF returned 

for C1000 values of  = 1.9210
-3 

MPa
-1 

and  = 12.2 MPa
1/2

 at T = 400 K and these were 

compared with values obtained experimentally from PVT measurements for linear PE,  

= 0.8 - 0.910
-3 

MPa
-1

 and
 
 = 18.0 MPa

1/2
 at 394K [55, 56]. Simulated  values for ring 

PE melts indicated an increase in this coefficient with temperature, as for linear PE  

[65]. However, when we compare ring and linear PEs, it may be seen that ring 

topologies are less compressible than linear ones. This may be attributed to a more 

compact and denser structure of ring systems due to their looped structure and the 

complete absence of chain ends. Another interesting result of simulations is that  varies 

with the molecular weight of the simulated PE rings in parallel with the variation of . 

Solubility parameter (δ) values from PVT [56, 79] and relative solubility 

parameters (δ − δref) from SANS experiments have been reported for a series of PEs 

with different amounts and types of SCB. In all cases, it was noted that  decreases as 



the number of branches increases. This trend is well captured by simulated  values in 

MC simulations on a series of PE-SCB with different amounts and types of short chain 

branches (see Figure 19 in [71]). In contrast, experimentally, the effect of branch length 

is less clear. Thus, Han et al. [56] reported that branch length did not show much 

influence on δ based on PVT experiments, whereas SANS-based values indicated 

differences among ethyl, butyl and hexyl branches. In particular, the effect of the branch 

was stronger for ethyl branches ((δ − δref) ∼ ϕ
0.18

), where ϕ is the backbone weight 

fraction, in comparison with butyl and hexyl branches ((δ − δref) ∼ ϕ
0.1

). This different 

scaling behaviour was captured, at least qualitatively, by the MC simulations performed 

by Moorthi et al. [71]. 

It should be noted that accurately predicting both  and  as a function of the 

polymer topology is important as these parameters can be useful to guide the processing 

of polymers, such as in extrusion, moulding, and film casting. In addition  values are 

related to miscibility, and can thus be used to design blends with targeted applications. 

 

2.1.2. Coil dimensions and temperature coefficients 

Chain dimensions are important static properties of polymers and are given by the 

mean-squared end-to-end distance (R0
2) and the mean-squared radius of gyration 

(Rg
2) of the equilibrated systems. Both R0

2 and Rg
2 are available from MC and MD 

simulations of all-atomistic (AA) [80], united atoms (UA) [40, 46-48, 53, 58, 61-64, 69, 

71-74, 81-88] and coarse-graining (CG) [89-97] models at different temperatures 

ranging from 413 to 600 K.  

Within the broad range of molecular lengths available (up to N = 6,000, where N is 

the number of carbons in the backbone) the value of R0
2/6Rg

2 decreases as the 

molecular weight increases and a final trend towards the Gaussian approximation 

(R0
2/6Rg

2  = 1) is observed while the molecular weight N is > 150 [98]. Significantly, 

near N = 15, irrespective of the use of SKS-UA [81] and PYS-UA [98] FFs, the largest 

deviation from Gaussian statistics (maximum R0
2/6Rg

2 ) is observed, a phenomenon 

noted in earlier MC simulations [99]. This observation is consistent with an elongated 

and rigid molecular structure of short n-alkanes and a broad conformational transition 

from a rod-like (semi-flexible) to a polymer coiled (flexible) conformation as N 

increases. Jeong and Douglas suggested its relevance to understand basic physical 

phenomena such as chain folding and crystallization [98]. This transition may explain 

failures of the Rouse model, which only applies qualitatively and questions our 

understanding of melt dynamics for unentangled polymers. In fact these authors 

suggested correlation of transition and chain dynamics with local or cooperative 

dynamics. Also, they raised some concerns about the use of CG of polymer chains in 

MD simulations, as this methodology removes internal degrees of freedom from the 

chains, such that local segmental phenomena may be modified.  

Figure 2 displays the R0
2 obtained in MC and MD (UA and CG) simulations 

available in the literature over a broad range of molecular lengths (up to N = 6,000) at T 

= 423 - 450 K. Further, some results at T = 500-600 K can be found [59, 60, 63, 70, 73, 

85, 94-96] but these are not included in the figure. With a few exceptions, agreement 

among all the simulations in the log-scale is good. The results of Carbone et al. using 

SKS-UA in Figure 2 are slightly higher than those of the general trend, but the 

simulation temperature in this case is T = 423 K [86]. In contrast, the CG simulations by 

Padding and Briels slightly underestimate R0
2 compared to atomistic models [89, 90], 

as recently pointed out by Sgouros et al. [97]. All the data collected seem to follow the 

Flory exponent with high precision and within the limits of large N (for N > 150), 

R0
2=6Rg

2 = K N
2

, where  = 0.5, and K is a constant that depends on chain 



chemistry and temperature. Alternatively, another constant was used originally to test 

the molecular weight dependence of macromolecular sizes, and is given by the 

expression Rg = M

, thus K = 6

2
.  

Another characteristic parameter of polymers equivalent to the constants K and , 

and widely used to test the performance of computer simulations, is the characteristic 

ratio, C. This ratio is defined for every chain length as Cn = R0
2/Nl0

2
, where l0 is the 

skeletal bond distance (1.54 Å). For Gaussian chains of infinite length, Cn tends to be a 

constant value, C. As for constants K and , this parameter is unique for a given 

chemistry and temperature. 

 
Figure 2: Mean squared end-to-end distance R0

2 versus molecular length N at T= 450 K. () MD/SKS-

UA Mondello et al. [81]; () MD/HMT-UA Harmandaris et al. [47, 48, 58]; () MC/HMT-UA 

Mavrantzas et al. [58], Uhlherr et al. [82, 83]; () MD/TraPPE-UA Heine et al. [100]; () MC/KMT-

UA Foteinopoulou et al. [63, 64]; () MC/MD/TraPPE-UA Ramos et al. [69-74]; () MD/SKS-UA 

Carbone et al. [86]; () MD/TraPPE-UA Baig et al. [67, 68] ; () CG (=20) Padding and Briels [89, 

90]; () CG (=4) Depa and Maranas [92] (T = 423 K); and () CG (BD/kMC, =20) Sgouros et al. 

[97].  

 

The values of K,  and C have been repeatedly reported for PE, mainly through 

viscosimetry and SANS at different temperatures (Table 1). Values of C = 6.7 – 7.1 

can be obtained from indirect measurements of the radius of gyration, Rg, of linear PE 

fractions by means of solution viscosity measurements in -conditions [101-103]. In 

this approach, the Flory-Fox equation is applied with a universal constant R = 2.5  

10
21

. While the samples were carefully fractionated by precipitation, they should be 

considered to be relatively polydisperse [80]. This classic value is in agreement with the 

first SANS measurements performed in PEs by Lieser and co-workers [104]. Later, 

Schelten et al. reported higher values (up to 7.5 ± 1.7) also obtained by SANS [105]. 

Furthermore, even higher values of C = 8.7 – 10.5 were obtained by Muraoka et al. 

from light scattering (LS) measurements in -conditions [106].  However, it should be 

noted that LS is especially sensitive to polydispersity, as the scattering intensity is 

proportional to the sixth power of the molecular size. Crist et al. also reported higher 

values of Rg obtained by SANS than those obtained by Lieser and co-workers [107]. 

Later on, Horton et al. obtained a value of C = 7.4 ± 0.8 in molten high molecular 

weight PE by SANS at 413 K [108]. Boothroyd et al. reported similar results in two 

molten PE samples in the temperature range 380 K to 480 K [109]. At 450 K, these 



authors obtained values for C of 6.7 and 8.1 for both samples. We should, 

nevertheless, mention here that the SANS experiments were performed on HPB 

samples. The parent polybutadiene polymer is obtained by anionic polymerization and 

contains a minimum amount of 1.9 vinyl groups per 100 carbon atoms. Thus, the 

equivalent hydrogenated polymer contains 1.9 ethyl branches every 100 carbon atoms 

[24]. It has been established that this amount of SCB along the backbones can affect the 

global size of the chains [72, 74]. The extrapolated value at T = 440 K obtained by 

Fetters et al. for linear PE using results for branched HPB samples is C = 7.2 [23]. 

Zamponi et al. described Cn= 7.0  0.2 at 509 K [110]. In summary, the variety of 

experimental results is fairly extensive (see Table 1 for details). 

 

Table 1. Experimental values of , K and C for PE. 

Method/Reference Sample 


a
 

Åmol
-1/2

g
-1/2

 

K
 b
 

Å
2
mol

-1
g

-1
 

C
 b

 

 

VIS/[101-103] 
PE 

 conditions 
0.440 1.16 6.9 

SANS/[104] PE (450 K) 0.438 1.15 6.7 

SANS/[105] PE (423 K) 0.46 ± 0.05 1.27 ± 0.29 7.5 ± 1.7 

SANS/[107] HPB (413 K) 0.50 ± 0.02 1.50 ± 0.12 8.8 ± 0.8 

SANS/[108] HPB (413 K) 0.457± 0.0012 1.25 7.4 

SANS/[23] HPB (440 K) 0.449 1.22 7.2 

SANS/[110] HPB (509 K) 0.443 ± 0.005 1.18 7.0 ± 0.2 
a Measured Rg 
b Assuming R0

2 = 6Rg
2 

 

The linear extrapolation at infinite molecular length of R0
2 has been widely 

used by the different authors to estimate C from computer simulations. The reader can 

find values obtained for C by means of MC and MD simulations at different 

temperatures within the ranges T = 413 K - 450 K and T = 509 - 600 K) [40, 46-48, 53, 

58-64, 80, 82-92, 94-97, 100]. In general, the computed values of C (for large N) at T 

= 450 K obtained with SKS-UA, HMT-UA and TraPPE-UA (C = 9.60 - 8.06) are 

higher than those obtained using PYS-UA (C = 8.5 - 7.1). The higher values of the 

characteristic ratio obtained with the former FFs have been attributed to the torsion 

potential employed. In effect, to solve this problem Karayannis et al. proposed a hybrid 

of the asymmetric UA model of Toxvaerd and the TraPPE-UA FF (KMT-UA) [53, 62]. 

In this case, values of C of 8.06 - 8.27 can be observed for linear PE, which is 

considered within the range of experimental results [88]. MD simulations of CG long 

PE models also return slightly higher values of C = 8.93 [97]. 

As for volumetric properties, little attention has been paid to the effects of both 

SCB and LCB on the conformational properties of PE melts. Chain contraction in 

branched PEs has been extensively probed experimentally. Fetters et al. assessed by 

SANS the melt chain dimensions of SCB PE, more precisely of ethylene/1-butene (EB) 

model copolymers obtained from polybutadienes by hydrogenation [23]. These authors 

observed that ⟨Ro
2⟩/M decreases monotonically as the ethyl branch content is increased. 

Sun et al. also reported the same trend in model ethylene/propylene (EP), EB, 

ethylene/1-hexene (EH) and ethylene /1-octene (EO) copolymers through SEC-LS-VIS 

determination of coil dimensions [111]. Neelakantan et al. investigated intermolecular 

packing and coil dimensions in a series of five random EB copolymers consisting of 60 

united atoms by MD using the OPLS-UA FF. A decrease in ⟨Ro
2⟩/M was detected with 

branching, parallel to that observed in experiments [112]. Ramos et al. performed 



systematic simulations using combinations of MC moves [69, 71] and MD [72, 74] 

using TraPPE-UA in long (1,000 main chain atoms) random ethylene/-olefin 

copolymers with variable branching contents. In addition, Baig et al. implemented MC 

algorithms to simulate SCB PEs also using the TraPPE-UA FF [67, 68]. In these 

studies, it was shown that the distribution of trans/gauche bonds is altered by the 

presence of SCB. More recently, Panizon et al. presented a CG model of SCB PE for 

EB copolymers compatible with MARTINI that shows excellent agreement with the 

available data in terms of both  and ⟨Rg
2⟩ in the melt, and also quite well describes the 

contraction of the macromolecule as SCB content increases [113] . Both the 

experimental [23, 110, 111] and computational [67-69, 71, 72, 74, 113] results are in 

agreement with rotational isomeric state (RIS) model calculations, which have also 

shown that Rg decreases substantially as the number of branches increases [114]. Figure 

3A shows a comparison of the contraction factor, gSCB = Rg
2B/Rg

2L, obtained from 

experiments, computer simulations and RIS calculations on ethylene/-olefin 

copolymers as a function of the weight fraction of branches, Sc. It can be observed that 

the simulations perfectly match the experiments. Only the experimental results obtained 

for Ziegler-Natta heterogeneous EO copolymers deviate from the general behaviour 

[111].  

 
Figure 3: Experimental and simulated contraction factors of different polyolefins. (A) Effect of SCB. 

Experiments by Sun et al. [111]: (⊞) EP copolymer, (⊕) EB copolymer, () EH copolymers, () EO 

copolymers. Simulations by Ramos et al. [69, 71, 72, 74]: () EB copolymers, () EH copolymers, () 

EO copolymers, () ED copolymers. PRISM/MC calculations by Li et al. [114]: () EP copolymers, 

() EB copolymers, () EH copolymers. Simulations of Panizon et al. using MARTINI [113]: () EB 

copolymers. (B) Effect of LCB. Experiments by Hadjichristidis et al. in model LCB-PE [115]: () 

symmetric stars, () asymmetric stars, () H, super-H and pom-pom, () Combs. Simulations by 

Karayannis et al. [75] and Baig et al. [67, 68]: () H-shaped and pom-pom. The solid line represents the 

trend observed for SCB PEs. 

 

For LCB, Hadjichristidis and co-workers synthesized an elegant set of linear 

LCB PE samples, including symmetric and asymmetric stars, H, super H, pom-pom and 

comb PE samples (HPB) [115]. These authors showed that LCB structure also controls 

chain dimensions, but that the Zimm-Stockmayer model only works well for describing 

the sizes of systems with the smaller amounts of LCB. The theory underestimates 

contraction factor values as obtained from GPC-MALLS and viscosimetry for the 

systems with the higher amounts of LCB, indicating a flaw in the available theories.  



From this view point, computer simulations can provide some insight into the 

conformational properties of LCB PE. Karayannis et al. reported the first MC 

simulation of an H-shaped PE melt, introducing new MC moves to efficiently simulate 

the properties of branched macromolecules [75]. Later, Peristeras et al. used a similar 

approach to examine tri-arm star PE melts [66]. Baig et al. also implemented MC 

algorithms to simulate even more complex structures, including H-shaped and multi-

arms (pom-pom) [67, 68]. Their results on LCB macromolecule contraction in 

comparison to their linear counterparts are in good agreement with experimental 

observations, as can be observed in the experimental and simulated contraction factors 

of different polyolefins (Figure 3B). In this case, however, there are few results from 

simulations regarding macromolecular conformation details in LCB PE samples. Thus, 

a more systematic study of the effects of molecular topology is needed to further our 

understanding of this important molecular characteristic of polyolefins. Of note, we 

should mention that SCB causes a much stronger effect than LCB on chain dimensions 

for a given side chain weight fraction, as illustrated in the comparison picture shown in 

Figure 3B. 

Another interesting feature of macromolecular coil dimensions is their temperature 

dependence, which is given by κ = d[ln⟨Rg
2⟩]/dT. The role of κ on packing length and 

entanglement properties, such as the “plateau” modulus, GN
0
, is significant. This is 

particularly important when melt rheology is assessed over a wide temperature range. 

Experimental κ values have been obtained by means of θ-condition solution 

measurements [102, 116, 117] and melt state experiments, including thermoelastic 

measurements on networks [118, 119] and SANS [23, 109]. Reported κ values for linear 

PE vary from −1.06 to −1.25 × 10
−3 

K
−1

. Excellent agreement between experimental and 

simulated values is observed in the case of all atomistic simulations and the RIS model 

[80]. Agreement is also perfect with results obtained in MC and MD simulations 

performed with the TraPPE-UA FF. Foteinopoulou et al. examined this specific 

behaviour of κ in linear PE chains through MC simulations and KHT-UA, obtaining an 

identical result [64]. OPLS-UA also seems to be a good option for this purpose [61]. 

The values given by the simulations performed with PYS-UA are quite different [73]. In 

this case lower absolute values of κ than those expected are obtained. It has been 

suggested as well that an increase in the trans population of dihedral angles is the main 

factor determining the considerable expansion of chain dimensions of linear PE 

produced with decreasing temperature. However, a recent comparison between TraPPE-

UA and PYS-UA has shown that the difference in the trans population is small. Results 

indicate that not only the dihedral angle population, but perhaps also non-bonded chain 

interactions, could play a role in the characteristic coil sizes of the systems. In this 

context, it would be interesting to study the effects of both SCB and LCB on κ. A very 

limited set of experimental results exists in the literature. Fetters and co-workers 

explored the temperature dependence of unperturbed chain dimensions of EB 

copolymer by SANS [23]. In a number of cases, the values of κ were in clear 

disagreement with those obtained from viscosimetry in  conditions, but their most 

interesting result was a change, from negative to positive, produced in κ as SCB 

contents increased, at least in EB copolymers. As discussed by Fetters and co-workers, 

these results indicate that the trans and gauche energy ratio changes due to the addition 

of side groups when going from the linear PE, where the more compact gauche 

conformer has a higher energy state than the more extended trans form, to poly(1-

butene), where the addition of articulated side groups reverses the order leading to 

positive values of κ. The determination of  in the case of LCB PE samples could be 

even more interesting. 



2.1.3. Local packing and static structure factor 

Local chain packing is generally used to characterize the organization of monomers 

in the melt. Melt structure can be effectively investigated by calculating the intrachain 

pair density function gintra(r) and the intermolecular pair distribution function ginter(r). 

Mavrantzas et al. assessed these functions in the case of linear PE for different chain 

lengths by means of MC simulations and HMT-UA FF [47, 48, 58]. Foteinopolou et al. 

undertook similar work using KHT-UA FF but at different temperatures [64]. Banaszak 

et al. [120], Neelakantan et al. [112], and Ramos et al. [69, 71] addressed the impacts of 

SCB using NERD-UA, OPLS-UA, and TraPPE-UA FFs, respectively. More recently, 

the case of linear PE was compared using both TraPPE-UA and PYS-UA FFs  [73]. The 

effect of LCB was examined by Peristeras et al. [66] in tri-arm star PE and by Baig et 

al. [67, 68] in H-shaped and pom-pom PE. 

The gintra(r) or w(r) function reflects the characteristic distances between different 

pairs of polymers belonging to the same polymer chain. The maximum of the first peak 

at r = 1.54 Å corresponds to the bond length distance (1-2 distance). The second peak, 

at r = 2.6 Å, corresponds to fluctuations in the distance between atoms two bonds apart 

(1-3 distance). Consecutive local maxima at characteristic distances around 3.2 Å and 

3.9 Å are attributed to different conformations of the 1-4 torsion angles, gauche and 

trans, with a preference towards the trans population. The positions of the peaks are 

independent of N, but as the temperature decreases, the relative intensities of their 

maxima and depths become more prominent.  At low temperatures of T = 300 K, local 

ordering develops as indicated by the presence of characteristic peaks at distances as 

long as 9 Å [64]. Differences between the TraPPE-UA and PYS-UA have been detected 

in linear PE. Intramolecular distances at 450 K for the second (1-3 distance), third (1-4 

gauche distance) and fourth (1-4 trans distance) peaks are more intense for the TraPPE-

UA as compared to those obtained using PYS-UA, and consequently, the chain 

dimensions calculated for the former are also higher. In the case of SCB PEs, the peak 

intensity in the vicinity of 3.2 Å (1-4 gauche conformations) increases [71] in close 

agreement with the torsion distributions as a function of SCB content previously 

reported [69]. This denser intramolecular packing is consistent with the trend shown in 

Figure 1 where density increases as does SCB. This behaviour can be attributed to the 

coiling of backbones and a crowding effect caused by branch points. 

Also, ginter can offer information about the structure of the molten polymers. In this 

case, typical broad peaks at around r = 5, 10, and 15 Å are attributed to intermolecular 

packing and the patterns for linear PE are similar in the simulations performed with the 

different FFs discussed above. However, the height and position of the nearest-

neighbour peaks are slightly different for PYS-UA, indicating the stronger packing of 

chains for this model. In addition, ginter clearly shows the “correlation hole effect” and 

scaling with chain length [47, 48, 58] and with temperature [64]. The positions of the 

peaks in ginter at short distances shift to lower values as N increases and T decreases, 

being independent of molecular weight distribution. The presence of SCB strongly 

affects the patterns of ginter. The intensity of all intermolecular peaks decreases with 

SCB. Even for the maximum distance studied (r ∼ 40 Å), ginter(r) < 1, indicating large 

intermolecular correlation holes over distances proportional to Rg [69, 71]. The intensity 

of the nearest-neighbour peak decreases as SCB increases, indicating less effective 

packing of the chains as the number of SCB increases. In addition, a shift to higher 

distances with SCB is also observed [69]. The exclusion of segments arising from other 

chains at distances shorter than Rg becomes more pronounced as SCB increases. Thus, 

the most branched systems are locally denser than the less branched ones, making 

efficient packing of chains in the melt more difficult. In general, as branching increases, 



other chains are more strongly excluded from the surroundings of a particular chain. 

The effect of LCB on the pair radial distribution functions is much more subtle, but still 

measureable. Peristeras et al. described that gCH3-CH2(r) for linear PE and LCB star PE 

polymers is similar, whereas gCH2-CH2(r) is greater for the linear polymer than for the 

corresponding tri-arm star polymer, reflecting the fact that the LCB macromolecules are 

more compact than linear chains of the same molecular weight [66]. As a consequence, 

they show a stronger “correlation hole effect” in the melt, as in the case of SCB 

macromolecules. However, Baig et al. found that H-shaped and pom-pom systems are 

characterized by similar ginter curves [67, 68]. 

By combining intrachain pair density and intermolecular pair distribution functions, 

we obtain the total pair distribution function g(r). This function is of great significance 

because its Fourier transform gives the static structure factor S(q), which can be 

measured experimentally by X-ray diffraction. S(q) has been seen to be insensitive to 

chain architecture [47, 48, 58, 64]. In general, the most frequently used FFs such as 

HMT-UA, KMT-UA, PYS-UA and TraPPE-UA give rise to excellent reproduction of 

experimental S(q) for linear PE. The comparison by Boland et al. using NERD-UA, 

OPLS-UA and TraPPE-UA revealed that the three FFs represent g(r) equally well for 

linear PE [61]. Close inspection shows that the results given by KMT-UA and TraPPE-

UA FFs fit in exceptionally well with the experiments, as both are able to describe with 

high accuracy both the positions and intensities of the characteristic peaks especially of 

the largest first peak [70, 73]. The small differences found in the S(q) function obtained 

from the different FFs in terms of peak positions and intensities are in agreement with 

those found also in density and intermolecular distances. In contrast, it is expected that 

differences will emerge as a consequence of the presence of SCB, regardless of the type 

of branching. In fact, WAXS experiments have indicated expansion of the amorphous 

phase as an increase in average interchain separation with SCB occurs in both classic 

branched PE [121-123] and model single-site SCB PE samples [124]. This specific 

observation has not been yet explored systematically by computer simulations. 

 

2.1.4. Topological analysis: primitive paths and entanglements 

Understanding the microscopy origin of the tube and reptation model has been the 

focus of intensive research activity in polymer science. Within this framework, there are 

two basic length scales depicting the static structure of polymers: Kuhn length, lK, and 

packing length, p. The former describes the local conformation of the chains, and is 

defined as the step length of a random walk with the same contour length as the 

polymer chains, L, which yields <R0
2
> = lKL [125, 126]. However, the random coils 

strongly interpenetrate each other on the p scale, defined as the characteristic length 

scale at which coils start to interpenetrate [127]:  
 

 𝑝 =
𝑉

〈𝑅0
2〉

=
𝑀

𝜌𝑁𝑎〈𝑅0
2〉

 (5) 

 

,where V is the volume occupied by the molecule, M the molecular weight,  is 

the density and Na is Avogadro’s number. Remarkably, p is only dependent on the 

chemical structure of the polymer, at least for linear (without LCB) polymers, since 

both V and 〈R0
2〉 (by virtue of Flory’s random coil hypothesis) are proportional to N, 

the polymer length. The result obtained for a wide range of polymer species links this 

characteristic length scale with the entanglement molar mass, Me, having been 

established that Me is proportional to p
3
 [128-131]. Therefore, the packing model is 

directly related to the entangled melt and solution rheological behaviour by means of 



the empirical relationship, as Me and the “plateau” modulus, GN
0
, are directly related 

[128-131]: 

 

 𝐺𝑁
0    

1

𝑀𝑒
 𝑘𝐵𝑇𝑝−3 (6) 

 

In the case of PE, the model predicts that the decrease in ⟨Rg
2⟩/M with the side 

chain weight fraction (Sc) or, alternatively, with the average molecular weight per 

backbone bond (mb), causes an increase in p and consequently a decrease in GN
0
, an 

experimental fact repeatedly reported in the literature for model HPB samples [22, 79] 

and single-site ethylene/-olefin copolymers [132-136]. This empirical fact is especially 

valuable in the case of polyolefins for which unperturbed dimensions remains 

unmeasured [131], as knowledge of mb gives a direct estimation of GN
0
 and thus of Me = 

RT/Ge, with GN
0
 = (4/5)Ge in the tube theory [137]. The basic version of the reptation 

model applied to polymer rheology was first discussed by de Gennes [126] and 

developed by Doi and Edwards [125]. In this theory, restrictions in the motions of an 

entangled chain are modelled by confining it to a dT diameter tube formed by the 

surrounding chains. This length scale is defined in this model by: 

 

 

 𝑑𝑇 = √
𝑀𝑒〈𝑅0

2〉

𝑀
 (7) 

 

The problem, however, is identifying dT in a direct way, since this is not possible 

experimentally without considering the tube models. Edwards visualized a chain as 

embedded in a network of fixed obstacles representing the constraints imposed by the 

other polymers, and identified the random walk-like axis of the tube as what he called 

the ‘primitive path’ (PP): the shortest path between the endpoints of the chain around 

which its contour can be contracted without crossing any obstacle. The PP gives a direct 

measure of the number of entanglements, Ne, or in other words of Me. To identify PP is 

of major interest, as it constitutes the missing link between the mean-field tube theories 

and microscopy descriptions via MC or MD simulations. To establish this connection, a 

number of researchers have employed computational methods to identify the PP that 

describes the topological state of the entangled chains. Thus, Everaers and co-workers 

introduced the “annealing” method for primitive path analysis (PPA) based on 

Edwards’s definition, using a scheme for the contour reduction applied to all the chains 

contained in the computational sample [138]. These authors applied the method to CG 

FENE-type chains and reproduced Me scaling in quantitative agreement with empirical 

observations of the packing model given by Equation (6). Zhou and Larson proposed 

alternative methods of minimization to identify the PPs and their distributions [139]. 

Geometrical PPA in both polymer melts and entangled solutions has been performed 

using Z1 and CReTA codes, developed by Kröger [140] and Tzoumanekas and 

Theodorou [141], respectively. Both programmes construct the PPs by fixing the chain 

ends in the space and minimizing their contour lengths under the constraint of 

uncrossability. They then calculate the length of all PPs in the systems and the number 

of entanglements per chain, as well as the number of monomers per entanglement 

strand, Ne, and consequently Me. It has been well established that both topological 

algorithms, when applied to the same system configurations, offer almost identical 

results about the average contour length, 〈Lpp〉, the principal quantity of interest 



characterizing the PPs [64]. These “annealing” and geometrical approaches, also called 

chain-shrinking methods, reproduce a discrete view of entanglements as binary contacts, 

as the reduction in the chain configuration to PPs constructs straight paths between 

them. These methods have been applied to describe the entanglement state of UA 

models of linear PE of different molecular weights [64, 142-144] and also of different 

ethylene/-olefin copolymers [67-69, 71]. More recently, other methods that implicitly 

assume the tube as continuous have been developed [145-148]. In these cases, the tube 

is visualized by means of an iso-configurational ensemble (ICE) method of CG FENE-

type chains, from which PP is obtained by averaging different chain conformations over 

several trajectories, and the tube confining potential is extracted from the positions of 

the monomers surrounding the PP. 

 
Figure 4: Effect of SCB on tube diameter, dT: () Experimental trend for EB copolymers (HPB) by 

Lohse [79]; Simulations using () Z1 code and () CReTa code by Moorthi et al. [71]; () 

MD/TraPPE-UA simulations by Ramos et al. [72, 74] and () Z1 code by Baig et al. [64, 142]  

 

Yet another alternative method exists to determine Ne or dT, namely the 

MD/MSD methodology proposed by Kremer et al. [149-151] and later by Likhtman and 

McLeish [137]. This method has been used to calculate dT values (and also 

entanglement relaxation time, e, values) from the monomer mean-square-displacement 

(MSD) results obtained from MD simulation of linear [70, 73, 142-144] and SCB PE 

chains [72, 74]. For SCB melts, the tube diameters obtained from the simulations, 

whatever the method used, increase with SCB content, indicating that the melts of the 

most branched systems are less entangled. Results are in qualitative agreement with 

those obtained in experiments in which dT values are obtained using Equation (7) and 

independent measurements of Me (rheology) and <Rg
2
>/M (SANS-derived chain 

dimensions), only available for HPB or EB copolymers [79]. On close inspection of the 

results, some striking differences emerge between the geometric or MD/MSD 

approaches and the experimental data, as can be observed in Figure 4. It should be 

noted that excellent agreement is observed between the results obtained by the 

MD/MSD method and the experimental data in the limited content range explored. 

Unfortunately, there are no results in the literature for simulations including higher SCB 

contents. Such results would be useful to test both geometric and dynamic approaches 

used to examine the entanglement features of polymeric melts.  



For the lower branching contents (1-Sc  1), geometric methods yield higher 

values of dT than both the dynamic method and experiments (a comparison of results for 

linear PE is provided in Table 2). As can be observed, geometric algorithms give values 

of the tube diameter of around 4.0 - 4.3 nm for linear PE. In contrast, dynamic methods 

offer values around 3.2 - 3.6 nm, which are closer to those reported for rheological 

experiments [79]. Recently, Hou [152] offered as an explanation for the differences 

observed in entanglement lengths of a given system using different approaches, a 

dimensionless pre-factor loss in deriving the relationship between dT and the segmental 

mean-squared-displacement cross-point at e. However, the inversion of the trend 

shown in Figure 4 points to a complex relationship between the values obtained using 

the different methods and may suggest a complex dependence of the chemical structure 

of the entangled melt. The experimental results obtained for HPB by means of NSE are 

provided in Table 2, as this material is considered a model PE, despite containing 

considerable amounts of SCB. It can be clearly observed that the values of all 

entanglement features are notably higher than those obtained for linear PE. 

 

Table 2. Simulated and experimental entanglement properties of linear PE 

Sample Reference Method T 

(K) 
dT 

(nm) 
Me 

(g/mol) 
e 

(ns) 

C250 [84] PP mapping 450 6.0 1,250 - 

C300 [92] Z1 423 3.70 840 - 

C350 [76] MSD/KHT 450 3.20 - 1.5-2.8 

C500 [142] 
Z1 450 4.25 1,180

b
 - 

MSD/TraPPE 450 3.26
d
 690

c
 2.1-2.9 

C700 [153] Z1/MSD 450 4.20 1,150 2.5 

C1000 [64] Z1 450 4.09 1,230
b
 - 

C1000 [70, 72] MSD/TraPPE 450 3.33
e
 790

c
 2.3 

C1000 [71] 
Z1 450 4.10 1,167

c
 - 

CReTA 450 4.07 1,150
c
 - 

C1000 [89, 90] CG-MD 450  4.40 960
a
 6.0 

PE [154] Rheology  theory mapped 463 - 
860 

1,035 

1.45 

7.0 

PE [155] Rheology theory mapped 463 - 1,200 4.7 

PE [79] Rheology/SANS 413 
3.22

c 

3.59
a,c

 

832 

1040
a
 

- 

HPB
f
 [156, 157] NSE 509 4.8 2,000 5.0 

PE [158] Experimental 450 - - 3.6 −1.2
 +9.3 

aMe=4RT/5GN
0; bFrom simulated Ne; 

cEquation 7; dObtained from MSD dt=2[g1
*(t)]1/2 [142-144]; e Obtained from 

MSD dt= [3g1
*(t)]1/2 [137]: g1

*(t) denotes the segmental MSD at the time t =e where the slope of begins to change as 

segments leave the initial t1/2 regime (in a log-log plot) and enter the t1/4 regime.f Hydrogenated polybutadiene 

contains until a 1.9 ethyl branches per 100 C. 

 

At this point, it should be noted that the value of Me strongly depends on the 

approach adopted for its calculation. Padding and Briels [159] already observed that all 

methods based on time-resolved quantities, such as the dynamic structure factor, S(q,t) 

and the relaxation modulus, G(t), nearly give the same result. Such a value is around 1.5 

higher than that obtained from the “plateau” modulus, GN
0
, which is a time-integrated 

quantity.  

The effect of more complex architectures (LCB or cyclic molecules) has been also 

studied but to a lesser extent and only from a dynamic point of view. Karayannis et al. 

found the same value of dT in linear and H-shaped PE samples, around 2.9 and 3.3 nm, 

respectively [76]. In the case of long ring PE, a broader crossover from unentangled to 

entangled dynamics with critical chain length for entanglements about three times larger 



than that for linear chains has been found [59, 60]. However, the direct estimation of dT 

has not yet been reported.  

 

2.2. Dynamic properties: entanglement relaxation time and 

diffusion  
It is possible to extract information about the dynamics of systems from MD simulations. 

Segmental mean squared, g1(t), and centre of mass, g3(t), displacements can be directly 

obtained from the simulated atomistic trajectories as: 

 

 

𝑔1(𝑡) =
1

2𝑘 + 1
∑ <  [𝑟𝑛(𝑡) − 𝑟𝑛(0)]2 > 

𝑁
2

+𝑘

𝑛=
𝑁
2

−𝑘
 

𝑔3(𝑡) =
1

𝑁
∑ <  [𝑟𝑐𝑚,𝑛(𝑡) − 𝑟𝑐𝑚,𝑛(0)]

2
>  

𝑁

𝑛=1
 

(8) 

 

,where N stands for the total number of backbone atoms and  k  is a parameter used to 

eliminate the effects of chain ends on the internal dynamics [84].  

The reptation concept provides an elegant physical picture of the typical slowing 

down dynamics of polymers, clearly observed in the time evolution of g1(t) and g3(t). In 

this framework, the chain moves on a CG scale along its own contour. The main reason 

for this dynamics is that the surrounding molecules restrict the transverse motion of the 

chain. For short time scales, the motion of the monomers cannot be distinguished from 

that of the Rouse motion and g1(t) scales as t
1/2

 and g3(t) as t
1
. When the critical 

entanglement length for the monomer motion is reached, the segments start to feel the 

entanglements at a typical time given by e ~ Ne
2
. Above e, g1(t) scales as t

1/4
 and g3(t) 

as t
1/2

. The chain then relaxes all along its contour and, at R ~ N
2
, an overall diffusion is 

produced along the tube yielding a second t
1/2

 regime for g1(t) and t
1
 regime for g3(t). 

Finally, after a time d ~ N
3
/Ne, the so-called disentanglement time, overall diffusion of 

the chain in space is observed, for which g1(t) scales as t
1
. 

Harmandaris et al. reported a clear transition from Rouse (t
1/2

) to reptation-like 

dynamics (t
1/4

) in g1(t) for C200 melts [84]. In addition, transitions at R and d were observed 

up to molecular lengths of C250. It is well known that crossovers are smooth, making it 

difficult to precisely identify the characteristic times for the different regimes. The exact 

corresponding values of the slopes predicted by the theory in the different zones were in no 

case clearly attained, most likely because overlap between the Rouse diffusion and tube 

constraints on the segmental dynamics is not sufficient for long polymer chains (< C500). 

Better agreement with theoretical slopes, at least in the Rouse to reptation transition, has 

been observed in atomistic MD simulations (TraPPE-UA) of longer chains (C1000) [70, 

72-74]. Unfortunately in this latter case, the simulation time was shorter (up to 100 ns), 

and thus the third (t
1/2

) and fourth (t
1
) regimes were not reached, though the results well 

matched those of prior simulations performed by Harmandaris et al. [84] and 

Karayannis and Mavrantzas [75, 76] using HMT-UA and KMT-UA FFs. In Figure 5A 

it is possible to observe the different regimes in atomistic simulations of EB and EH 

copolymers of different chain length and the same concentration of ethyl or butyl 

branches (1.9 branches every 100 C atoms) for molecular lengths from C36 to C1000. 

Below C192, the characteristic Rouse behaviour is observed involving direct transition 

from t
1/2

 to t
1
 dependence. For C192 and longer chains, entanglement effects are 

observable as the development of t
1/4

 and t
1/2

 intermediate transitions. There are few 

experimental g1(t) data for polyolefins to compare with those obtained in MD 

simulations. In Figure 5A, we show the only case found in the literature [72, 74]. The 



experimental evolution of g1(t) was obtained from the extremely difficult incoherent 

NSE experiments conducted by Wischnewski et al. in the PEB2 sample [160]. These 

data measured at T = 509 K are compared to those obtained by MD simulation of an EH 

copolymer (C1000 with 1.9 butyl branches per 100 C) shifted from T = 450 K using the 

corresponding Ea = 30 kJ/mol. The computed atomistic result adequately matches the 

experimental data. 

 
Figure 5: (A) Time evolution of mean-squared monomer displacement, g1(t), for simulated PEB2 and PEH2 

samples at 509 K (solid lines). Included are the experimental data obtained for a PEB2 sample of  Mw = 190 kg 

mol
−1

 (symbols). Dashed lines indicate the Rouse, entanglement and diffusion regimes. Black, red, green, blue 

and pink lines correspond to PEB2_36, PEB2_106, PEB2_192, PEB2_377, and PEH2_1000, respectively [72, 

74]. Adapted from J. Ramos, J.F. Vega, J. Martinez-Salazar. Soft Matter (2016) 12 (17), 3929-3936 with 

permission from The Royal Society of Chemistry. (B) Effect of SCB on entanglement relaxation time.  

Experiments + tube models: () EB, (⊞) HPB, () EP, () EH and () longer ethylene/-olefins [132-136]. 

() MD/TraPPE-UA simulations for EH copolymers [72, 74, 132, 133]. 

 

Karayannis and Mavrantzas also noted close agreement with the theoretical 

exponents in MD simulations of long, H-shaped PE models (up to C500) at T = 450 K 

[76]. These authors also estimated e and dT and found similar values of e (1.5 – 2.8 ns) 

and dT (2.9 – 3.2 nm) for the linear and H-shaped PE models (up to C500). For the Rouse 

to reptation transition, agreement with the results obtained from MD simulations of a 

C1000 sample at the same temperature was good, giving values of e = 2.32 ns and dT = 

3.3 nm [70, 72-74] using the Likhtman and McLeish methodology. Stephanou et al. 

reported values of e = 2.1 – 2.9 ns and dT = 3.2 – 3.3 nm for atomistic models of linear 

PE samples (C320-C500) using a similar procedure [142-144]. More recently, 

Sefiddashti et al. described e = 2.47 ns for a C700 sample at T = 450 K [153]. In Table 

2, the values obtained for dt and e are listed in the case of linear PE, including 

experimental results obtained from mapping to tube theories of rheological data [154] 

and a recent experimental value for e obtained at high frequencies reported by Szanto 

et al. [158].  We should highlight the agreement between simulated and experimental 

values in the lower wing of the confidence interval of the experimental results. 



The impacts of SCB on diffusion regimes have also been addressed through 

computer simulations. The works of Ramos et al. [72, 74] identified a strong effect of 

SCB on g1(t) for a given chain length. Simulated values of g1(t) for different polymers 

(C1000) with SCB contents of up to 55 SCB every 1,000 C atoms reveal a clear 

dependence of e and dT on SCB content. The changes produced in e involve variations 

in the Rouse monomer diffusion rate, W, and consequently in the monomeric friction 

coefficient, 0. There is no definite explanation for the origin of these dependencies, but 

some authors have suggested a possible effect of the volume associated with statistical 

segment length on the dynamic processes [161]. The decrease in Rouse rate and 

subsequent increase in 0 as SCB rises suggests a reduction in the segmental motion 

probability [162], in agreement with lattice simulations of the relative motion and 

interactions of chain segments of model polyolefins [163].  

A comparison with values obtained from rheological measurements is possible. 

Effectively, García-Franco et al. [134, 135] and Chen et al. [136] obtained e values for 

different model polyolefins including different single-site ethylene/-olefins and HPB. 

This comparison is shown in Figure 5B for a temperature of T = 463 K and requires 

shifting of computed and experimental data using proper values of the flow activation 

energy of each material [132, 133, 136]. The results obtained are promising for values 

of mb up to 18 g/mol, and prompt future simulations involving higher SCB contents. 

Only a few studies have extracted R and d from a limited number of atomistic models 

for linear [72, 74, 76, 142-144], H-shaped [76] and SCB PEs [72, 74]. These studies 

have detected higher R and d values for H-shaped and SCB PE samples than for their 

linear counterparts (same number of C atoms), indicating additional relaxation 

mechanisms of dangling arms and additional contributions of friction of the branch 

points.  

Alternative comparisons with the literature can be made according to the 

dynamic melt structure factor, S(q,t), or the centre of mass displacement, g3(t), obtained 

from Neutron Spin Echo (NSE). The utility of performing experiments and simulations 

on well-characterized systems for the study of polymer dynamics was demonstrated by 

Smith et al. in the C100 n-alkane using both all explicit and UA simulations with the 

PYS FF [40, 164].  Good agreement was observed between experiments and 

simulations of the melt dynamic structure factor in the time window below 20 ps and 

contributions to polymer dynamics were attributed to the combination of torsional 

librations and torsional jumps. Results are also available for monodisperse PEB2 

samples provided by Zamponi et al. [110]. Figure 6 compares results obtained for g3(t) 

from MD simulations in atomistic PEB2 systems (TraPPE-UA) that match the PEB2 

experimental samples for those NSE experiments conducted at T = 509 K [72, 74]. 

Agreement was excellent, and it can be observed that for t < e, dynamics are sub-

diffusive and g3(t) t 
z
 where z < 1, in disagreement with the exponent predicted by the 

Rouse model for free diffusion (z = 1). Atomistic simulations show a characteristic 

decrease in the time exponent as N increases, in accordance with the experiments. The 

inset in Figure 6 compares the results obtained by Ramos et al. [72, 74] and Guenza in 

simulations of short n-alkanes (C16 to C44) in the temperature range T = 298 – 400 K 

[165-167] and also with simulations in C1000 linear and SCB PE at T = 450 K [69, 71]. It 

has been recently shown that CG models of polymer melts applied to linear PE preserve 

the structural features of the polymer chains and also capture the characteristic regimes 

of the reptation model in g1(t) [89, 90, 92, 94-97]. However, these models are unable to 

capture the sub-diffusive regimes in g3(t) reported in atomistic simulations, as they seem 

to follow Rouse dynamics. By examining g3(t) from CG simulations with constraints, 

Padding and Briels noted a Rouse-like behaviour in unentangled systems but a 



subdiffusive exponent in entangled systems [89]. They assigned this subdiffusive 

exponent to uncrossability with respect to the surrounding chains. However, recent 

approaches using hybrid atomistic/CG multiscale models are able to restore the 

dynamics regime seen in the atomistic simulations as the atoms/beads ratio is increased 

[168]. 

 
Figure 6: The centre of mass mean-square displacement, g3(t), extracted from MD simulations for PEB2 and 

PEH2 systems (solid lines for N= 36, 106, 192, 377 and 1000 from up to down) and compared to the 

experimental values at q = 0.3 nm
−1

. Symbols: experimental data for N = 36 (), 106 (), 192 (), and 377 

() from Zamponi et al. [110] . The inset shows the molecular length dependence of the slope z, obtained from 

log[g3(t)] vs. log(t) over short times for n-alkanes and different PE models. Open and filled symbols correspond, 

respectively, to the theoretical results for () n-alkanes  [165-167] and for () linear and () branched PE 

[74]. Adapted with permission from J. Ramos, J.F. Vega, J. Martinez-Salazar Macromolecules, 48:2015, 

5016-5027. Copyright 2015 American Chemical Society. 

 

The trend observed in the z exponent is quite similar irrespective of chemical 

monomer nature, but absolute values of z might be affected by both monomer type and 

temperature. It is worthwhile mentioning here that simulations predict a levelling off in 

the value of z close to a limit around 0.69 – 0.70. Guenza proposes a theoretical 

approach based on generalized Langevin equations, in which the inclusion of local 

intermolecular forces improves the description of global dynamics for both non-

entangled and entangled systems [165-167]. This theoretical approach gives rise to non-

universal scaling of the z power law exponent that decreases as chain length increases. 

The model also predicts a levelling off in the number of correlated chains, which is the 

number of chains contained in the volume defined by two entanglement points as the 

entangled regime is approached. The results obtained in MD simulations of linear and 

SCB PE of different molecular lengths are in accordance with this theoretical approach. 

In this framework, the application of Guenza’s theoretical model to different molecular 

architectures would be of great interest, as it is well known that both chain conformation 

and entanglement properties are strongly affected by the local chain architecture. 

MD computer simulations of ring models based on chain lengths ranging from 

C24 to C400 have been described by Hur et al. [59, 60] (using PYS-UA) and Tsolou et al. 

[65] (using KMT-UA). The most notable results obtained from these simulations are 

that ring PE melts follow Rouse-like dynamics, even when chains are as long as C400. 

This length is greater than the characteristic crossover chain length marking the passage 

from Rouse to reptation dynamics of the corresponding linear PE melts. It is thus 

http://pubs.rsc.org/-/content/articlehtml/2016/sm/c5sm03080c#cit11
http://pubs.rsc.org/-/content/articlehtml/2016/sm/c5sm03080c#cit56


expected that the entanglement dynamics of PE rings in a melt, if this exists at all, will 

be seen better in higher molecular weight forms than in their linear counterparts. As 

rings cannot entangle in the classic sense, they are not expected to show reptation-like 

behaviour. Longer ring chains, up to C1500, show a transition from Rouse-type to 

entangled dynamics, as indicated by g1(t). The g1(t) transition from t
0.5

 to   t
0.35

 which 

is similar to entangled linear chains, has been observed at a value 3 times the 

corresponding Ne of linear PE [59, 60, 65].  

The long-term behaviour of g3(t) obtained from MD simulations allows for direct 

determination of the self-diffusion coefficient, D. Most of the literature results 

correspond to linear (up to C1000) [47, 48, 58, 72, 74, 81] and ring (up to C1500) [59, 60, 

65] PE models, and more recently to PEB2 samples (up to C377) [72, 74]. CG models 

have served to assess PE chains up to N = 2080 [89, 90, 97]. For linear polymers, 

reptation theory predicts D N
−2

 for N > Ne, but experimentally the observed scaling is 

N
−2.3

. This experimental behaviour is also observed in simulations for linear PE 

regardless of the FF used. Reduced values of D, but with the same N dependence have 

been described for H-shaped models of PE  [75] and the effective friction assigned to 

curvilinear motion at the branch points, as proposed by McLeish and Larson [169]. The 

results obtained for ring PE systems are similar to those described for linear PE, but 

shifted to significantly faster diffusion as N increases. For the longest ring chains (up to 

C1500), a chain length dependence of diffusion coefficients N
-1.9

 approaches the 

corresponding value obtained for linear architectures. Notwithstanding, while direct 

evidence for entanglements has not been observed in long ring polymers, threading 

between the rings is suspected to be the  main reason for the different dynamics of ring 

polymer diffusion [170]. In the case of SCB PE (PEB2), it is interesting to note that 

simulations performed on linear PE with the same polymerization degree as its analogue 

PEB2 give rise to lower values of D at the same temperature. However, when results are 

plotted as a function of molecular weight, all simulations match the correlation obtained 

for both PEB2 and linear PEs [72, 74]. This finding has meant that we can consider 

PEB2 as a model for linear PE, even when 1.9 ethyl branches for every 100 carbon 

atoms still have measurable effects on both conformational features and chain 

dynamics. 

 
2.3. Rheological properties 

 

2.3.1. Mapping onto Rouse and tube models 

The relaxation modulus response after a small perturbation, G(t), can be expressed 

by the stress autocorrelation function according to the fluctuation-dissipation theorem. 

In MD computer simulations of chain models, G(t) can be determined via equilibrium 

stress autocorrelations using the Green-Kubo relationship: 

 

 𝐺(𝑡) = (𝑉
𝑘𝐵𝑇⁄ ) 〈𝜎𝛼𝛽(𝑡)𝜎𝛼𝛽(0)〉 (9) 

 

,where σαβ are the off-diagonal components (xy, xz and yz) of the stress tensor. 

It is possible to identify the different dynamic regimes in this viscoelastic 

function. In the Rouse regime, t < τe, G(t) ~ t
−1/2

, while for longer times, τe < t < τd, G(t) 

shows a “plateau” at GN
0
  1/Me. For t > τd, G(t) relaxes to zero after the chains have 

reached the diffusive regime. Calculations of G(t) from atomistic models of n-alkanes 

based on Equation (9) have been reported by Harmandaris et al., but only for short 

times, i.e., less than 10 ps. For longer times, statistical noise in the calculated time 



autocorrelation function values were too large for meaningful results [171]. Padding and 

Briels applied the same methodology to CG linear PE models (C80-C800) using their 

non-crossing constraint models and combining the statistical computation of G(t) with 

the use of Rouse and tube models [89, 90]. They successfully obtained combined results 

for G(t), from which a value of GN
0  

= 2.4 MPa for C800 sample was extracted.  

Because of intense variation in off-diagonal components of the stress tensor in 

Equation (9), long configuration averaging is required to calculate G(t). These 

limitations for the evaluation of G(t), have prompted the direct mapping of computed 

properties obtained by MD simulations onto the Rouse and tube models. Accordingly, it 

has been possible to obtain interesting parameters such as the monomeric friction 

coefficient, , and the Newtonian viscosity, 0, in both the unentangled [47, 48, 58] and 

entangled regimes [84]. 

Harmandaris et al. actually determined crossover from the Rouse to the 

entangled melt regimes in linear PE using the computed values of the diffusion 

coefficient, D, together with an estimated value of the tube diameter, dT = 6.0 nm [84]. 

This high value of dT for linear PE can be justified by chain length, which is shorter 

than C250, and thus is affected by additional relaxation mechanisms besides reptation, 

i.e. contour length fluctuations (CLF) and constraint release (CR). This methodology 

has been also applied to H-shaped [76] and ring PE models [65]. Obviously, H-shaped 

models show higher values of 0 compared with their linear counterparts. These values 

parallel the increased values of R and d assigned to entangled dangling arms and 

additional contribution of friction of the branches, as indicated above and in agreement 

with general experimental observations in LCB PE samples [172] [163]. On the 

contrary, ring melts are characterized by smaller ζ and 0 values than their linear 

analogues as a consequence of the faster dynamics exhibited by the ring chains as 

compared to linear ones. The 0 value of linear PE chains increases sharply beyond 

approximately C156 as the crossover from Rouse to reptation dynamics occurs (see 

Figure 7, blue solid circles). In contrast, the viscosity of the corresponding ring PE 

melts undergoes a smoother change with molecular weight, even for ring chains as long 

as C400, thus continuing to approximately follow the Rouse scaling. Ramos et al. [70, 

73] directly mapped the double reptation theory, using the values of Me and e obtained 

from MC and MD simulations in a C1000 linear sample (see Figure 7, blue solid 

squares).  These authors were thus able to suitably describe the experimental values of 

G(t) for different monodisperse and polydisperse linear and SCB PE samples. The 

double reptation approach considers that G(t) evolves in time as G(t) = GN
0
 [(t)]

2
, 

where (t) is the Doi’s tube survival probability [125]:  

 

 (𝑡, 𝑀) =   
8𝐺

𝜋2
∑

𝑒
𝑡𝑝2

𝜏𝑑
⁄

𝑝2

∞

𝑝=𝑜𝑑𝑑

 (10) 

 

If we include CLF's contribution, then: 

 

 𝐺 = 1 −  (
𝑀𝑒

𝑀
)

0.5

 (11) 

 

 𝜏𝑑 = 3𝜏𝑒 (
𝑀

𝑀𝑒
)

3

[1 −  (
𝑀𝑒

𝑀
)

0.5

]

2

 (12) 

 



,where  = 1.69 as obtained by Likhtman and McLeish [137]. Remarkably, this 

mapping approach is able to assess the impacts of high molecular weight tails in the 

molecular weight distribution [173, 174], and also explain the declining values of 0 as 

SCB increases, long discussed in the literature [132, 133]. Stephanou et al. [142-144] 

developed a dynamic mapping method based on the Z1 code to quantify stress 

relaxation in entangled polymer melts. Using this method, they also computed (t) 

describing the survival probability of PP segments directly from atomistic MD results. 

The methodology first maps long atomistic MD trajectories onto time trajectories of 

primitive chains, and then establishes primitive chain motion in terms of curvilinear 

diffusion in a tube-like region around the CG chain contour. In the calculations, the 

effective dT is independently determined by observing the effect of the tube constraints 

either on atomistic displacements or on the displacement of primitive chain segments 

orthogonal to the initial PP. The approach accounts for chain reptation longitudinally 

inside the constraining tube as well as for local transverse fluctuations driven by CLF 

and CR.  This approach has been applied to different chain models, including linear PE 

(C250-C500), giving rise also to a good description of 0 values (see Figure 7, green solid 

symbols). 

Very efficient numerical methods based on CG models are starting to emerge to 

approach the direct statistical computation of G(t) from MD [175]. These 

methodologies allow for direct determination of characteristic values of GN
0
 and 0, 

without further assumptions of the mechanisms underlying the relaxation process of the 

systems. Salerno et al. estimated GN
0
 = 2.1 - 2.2 MPa for CG models of linear PE up to 

C1920 for different CG levels [94-96] while recently, Sgouros et al. examined the time 

evolution of G(t) for CG models of linear PE up to C2080, reporting a GN
0
 value of 2.0 

MPa [97]. In both studies, the computed values of GN
0
 are very close to the reported 

experimental range GN
0
 = 2.17 ± 0.23 MPa [70, 73, 158]. From these simulations 0 can 

be calculated as: 

 𝜂0 = ∫ 𝐺(𝑡)𝑑𝑡
∞

0

 (13) 

By applying Equation (13) to the results obtained from these CG models (see 

Figure 7, open blue symbols) we can determine the corresponding values of 0, and then 

compare results with existing experimental values or those obtained by mapping 

methods. For all cases, agreement with experimental results is excellent, describing 

quite well the crossover between Rouse and entangled regimes up to molecular weights 

of around 30 kg/mol. Notwithstanding, crucial information may be lost when CG 

models or simple analytic theories are used [175, 176]. Masubuchi et al. recently 

reported atomistic MD simulations of linear PE chains using TraPPE-UA FF [176]. 

These authors showed that the presence or absence of entanglements affects Rouse 

regime duration, being shorter in the more entangled systems. This effect cannot be 

captured by CG models. Moreover, theories based on Gaussian statistics ignore many-

body effects, which can be described by long MD atomistic simulations. 

 

 

 

 

 

 



 
Figure 7: () Experimental values at T = 450 K (see references in [171]). Mapped values: () Mapping 

onto Rouse and tube models [47, 48, 58, 84]; () Mapping onto the double reptation model [61, 64] [70, 

73]; () Mapping values onto a dual constraint model [142-144]. Green-Kubo relationship: () CG-PE 

[89, 90]; () CG-PE [97]. NEMD simulations: () [81]; () [177, 178];  () [179-190]; () [153, 191]             

 

2.3.2. Non-equilibrium molecular dynamics 

The rheological properties of simulated systems can also be assessed through non-

equilibrium molecular dynamics (NEMD). Direct NEMD simulations have been 

promising as dynamics can be tracked over a window of time scales within the range of 

experimental conditions. This kind of simulation allows access to very interesting 

properties like the dependence of viscosity on shear and elongation rates (or stresses), 

normal stress coefficients, and even visualization of the molecular conformational 

changes induced by flow.  

In the literature, calculations of 0 from NEMD in atomistic models have been 

reported by Mondello et al. [81] but only for short alkanes (< C66) at T= 448 K and 

constant density ( = 0.766 g/cm
3
). Moore et al. [177, 178] examined linear (n-C100H202) 

and branched (squalene, C30H62) alkanes and found that additional branches lead to 

significantly increased viscosity. They also observed transition of viscosity from 

Newtonian to shear thinning, and this was correlated with the alignment of molecules 

with flow and with their rotational relaxation time. In their CG models of linear PE with 

chain lengths varying from C80 to C800, Padding and Briels [192] used NEMD 

simulations in simple shear (planar Couette flow) and predicted a transient overshoot 

for both shear stress and the normal stress difference at high shear rates, and also 

stronger shear thinning as molecular weight increased, in good agreement with 

experiments. Baig et al. have extensively worked on linear PE systems from C10 to C400 

through NEMD simulations in both elongational [179-181] and shear flow [182-184]. 

They also analysed H-shaped PE [185] and more recently SCB PE [186-188]. Their 

intriguing results and conclusions have revealed: (i) that segmental orientation is the 

primary molecular mechanism leading to stress overshoot in transient rheological 

properties in linear PE atomistic models; (ii) similar shear thinning in LCB (H-shaped) 

PE and linear PE, but stronger tension-thickening, as experimentally observed in LCB 

polyolefins [172]; and (iii) a fast random Brownian kinetics inherent to SCB leading to 

a lesser degree of structural deformation, to reduced shear-thinning, and to less elastic 

stress as compared with their linear counterparts. It should be noted that these kinds of 

simulation are being applied to confined linear PE systems [189] and to the problem of 



interfacial slip [190] which generally occurs in polymer systems and specifically in PE 

processing, giving rise to noteworthy distortion regimes [193-198]. Edwards et al. [153, 

191] have recently extended this type of NEMD simulation to a C700 linear PE system. 

We should mention that they have tested different tube models to explain the non-linear 

behaviour of entangled PE atomistic systems subjected to shear flow. They showed not 

only an additional physical phenomenon that needs to be incorporated into rheological 

models (periodic rotation and retraction cycles under strong steady shear flow), but also 

that tube orientation tensor, tube stretch, entanglement number and relaxation time 

changes under flow are not well implemented in quantitative prediction theories. 

 In all these works it is possible to directly extract the values of 0 for the different 

systems at a low enough shear rate. Results (see Figure 7, red open symbols) have been 

compared with those arising from the mapping methodologies and from the Green-

Kubo relationship. Results are again excellent, well describing the experimental trend 

from molecular weights of 0.1 to 30 kg/mol. Noteworthy, the results obtained from 

NEMD by Mondello et al. [81] in the Mw range below 1,000 g/mol recover the Rouse 

model prediction. These results are inconsistent with experimental values in this region, 

as simulations were performed at constant density, . A large increase is produced in  

in the unentangled region (see Section 2.1.), which may cause faster than Rouse scaling 

of the viscosity. Above 1,000 g/mol, a transition region with a higher slope (around 1.8) 

appears up to the critical molecular Mc of around 3,500 g/mol, which is quite well 

described by those obtained by the mapping methodologies and the CG model of 

Padding and Briels. The CG simulations performed by Padding and Briels [89, 90] and 

Sgouros et al. [97] perfectly match the experimental results in the entangle regime, in 

which the slope takes on the well-known value of 3.4. 

 

3. Thermal transitions: glass transition and crystallization 
 

3.1. Glass transition temperature of semicrystalline polyethylene 

3.1.1. Experimental approach 

The issue of semicrystalline polymers 

As with most semicrystalline polymers, PE has an amorphous fraction whose 

proportion depends on the molecular architecture. The amorphous fraction in all 

polymers shows a glass transition. However, due to the generally high crystallinity of 

PE, the issue of its Tg is difficult to resolve as its nature is strongly influenced by its 

occurrence in the crystalline surroundings. Indeed, amorphous segments are linked to 

the crystalline lamellae, restricting their movements. In the following subsections, we 

will try to explain our vision of the current state of the Tg of PE. To this end, we first 

briefly describe the mechanical relaxation spectrum of PE. 

 

The mechanical relaxation spectrum of PE 

In general, the classification of the dynamic transitions of PE described some years 

ago by Poplin et al. is still widely accepted [199]. According to these authors,  

relaxation is usually detected in the range -150 to -120 ºC (123 - 153 K);  relaxation in 

the range -30 to 10ºC (243 - 283 K); and  relaxation in the range 30 to 120ºC (303 - 

393 K). However, the molecular mechanisms driving these transitions have been a long 

standing matter of debate. Comprehensive literature reviews by Boyd have described 

the experimental evidence and molecular interpretation of the characteristic relaxations 

of synthetic polymers [200-202]. 



  

1.  relaxation 

Relaxation appearing at the lowest temperatures () is commonly small in 

magnitude. Some authors initially suggested that this relaxation arose from motions of 

disordered chains at the surface of the crystals [203], from movements of the defects in 

the crystalline regions [204], and from motions associated with both the crystalline and 

amorphous phases [205, 206]. However, Crissman demonstrated that this relaxation 

arises only from the amorphous phase since polycrystalline long-chain paraffins showed 

no  relaxation at all [207]. In the past, some authors have also assigned this transition 

to the characteristic cooperative segmental motion related to the glass transition 

temperature [208]. Others suggested that the low temperature  transition is related to 

local relaxation processes attributed to conformational changes involving sequences of a 

few bonds (crankshaft motions) in amorphous chain segments [202, 209, 210]. To 

conclude this short overview, it presently seems that this relaxation is not directly 

connected to the Tg. 

 

2.  relaxation 

The high temperature  (main) relaxation in ethylene-based polymers has been 

associated with the crystalline phase, since the magnitude of this relaxation usually 

increases with crystallinity. This relaxation has been assigned to crystal stem translation 

mechanisms [202] and reorientation motions of the chain units within the crystals [211-

213]. In some cases, two overlapping relaxations have been reported in this region, 

designated as ’ and ”  in order of increasing temperature: ’ is generally attributed to 

interlamellar slip/shear [214, 215] or segmental intra-lamellar deformation [216]; while 

” is attributed to the uniform shear deformation of the lamellae because of the rotation 

and translation movements of chains along the c-axis [215, 216]. Finally, Danch and co-

workers [217] have considered the  relaxation in PE to take place in the interfacial 

regions of the semi-crystalline structure. The lamellae strongly disturb and stretch the 

chains within these regions. Thus, the chain constituting the bulk amorphous phase and 

the interphase must show different properties and mechanical behaviour.  

 

3.  relaxation 

 relaxation is almost negligible in conventional linear semicrystalline PE, but 

gains significance in side branched polyolefins showing a moderate to low degree of 

crystallinity [206, 208]. This transition has been linked to various molecular 

mechanisms: diffusion movements of amorphous chain segments containing branch 

points [206], segmental motions occurring within the amorphous-crystal interfacial 

regions [199, 218], and cooperative motions of the amorphous phase related to the glass 

transition temperature [219]. 

Since the 1980s, considerable attention has been paid to the existence of a third 

intermediate phase in semicrystalline polymers forming an interfacial layer between 

crystalline and amorphous material. There is experimental support for this additional 

component, an interfacial region with intermediate order between crystalline and 

amorphous phases, based on proton nuclear magnetic resonance (NMR) [220, 221], 

Raman spectroscopy [222] and wide angle X-ray diffraction (WAXD) [223]. However, 

some recent works have recovered Boyer's idea (early 70s) about the coexistence of two 

miscellaneous amorphous fractions in semicrystalline polymers [224], a picture also 

supported by Cheng and co-workers in the late 80s [225]. These studies distinguish 

between a mobile or unconstrained amorphous fraction, and a rigid or constrained 

amorphous fraction. It is also noteworthy that micromechanical modelling has been 



widely used to estimate the physical properties of these semicrystalline materials 

through both 2- and 3-phase microstructural models. In general, 3-phase approaches 

give better predictions of experimental behaviour [226]. To tackle this problem, we 

undertook a systematic study using a series of ethylene/hexane copolymers of 

increasing 1-hexene contents [124]. The copolymers were structurally regular high 

molecular weight metallocene single-site ethylene/1-hexene random copolymers with 

narrow molecular weight distributions (see reference for more details). 

 

4. The role of the interphase 

The data listed in Table 3 [124] illustrate the variations with crystallinity (or 

branching content) of the characteristic Tg and T values obtained from DSC and 

DMTA experiments, respectively. In addition, the dependence of Cp values from DSC 

measurements is also observed. Moreover, the constraining effect of crystals over the 

amorphous chains causes not only a reduction in chain flexibility but also provokes a 

decrease in intermolecular atomic distances. Thus fundamentally, the increase in Tg 

with crystallinity is related to a higher local density and reduced segmental mobility in 

the amorphous phase produced by constraints between the amorphous segments and the 

crystal surfaces. 

 

Table 3. Physical properties of ethylene/1-hexene copolymers 
Material* % mol 1-hexene Tg (K) Cp (J g

-1 
K

-1
) T (K) 

EH15 3.2 236.9 0.12 241.0 

EH23 5.1 227.6 0.24 231.3 

EH30 6.7 220.3 0.32 226.5 

EH35 8.3 219.2 0.37 221.6 

EH42 10.1 214.6 0.48 217.0 

*The notation indicates the number of SCB (butyl branches) every 1,000 C atoms 

 

These results do support a picture of two mobile and rigid amorphous phases, at 

least in the materials studied here, as the amorphous phase transition detected by DSC, 

WAXD and DMTA is actually made up of the most flexible chains in the copolymers, 

but with a different degree of mobility depending upon crystallinity. 

Simha and Boyer postulated an approximate empirical generalization for the 

relationship between Tg and Cp [227]: 

  

 ∆𝐶𝑝𝑇𝑔 = 𝐾 (14) 

 

,with K lying within the range of values 80 and 150 J·g
-1

 with Tg in Kelvin for 

all amorphous polymers. We used the Simha-Boyer value of Cp = 0.75 J·g
-1

 ºC
-1

 

obtained from Equation (14) considering Tg = –78 ºC (195 K) for amorphous PE. In 

conclusion, Tg (or T) values increase as crystallinity does. This behaviour is associated 

with reduced segmental mobility and an increased density of the amorphous phase as 

the degree of crystallinity increases. This contention is supported by the fact that the 

average molecular distance in the amorphous regions, as determined by X-ray 

scattering, decreases with increasing crystallinity. A comparison with results from the 

literature indicates that the free volume does not play a significant role in the Tg values 



measured in these samples. This picture supports the idea that the whole amorphous 

phase is actually restricted by the crystals. 

Analysis of Cp values at Tg suggests that there exists a fraction of chains 

restrained by the presence of the crystals that does not contribute to the heat capacity 

change produced at the glass transition temperature. This fraction of the material has a 

higher rigidity than the restricted amorphous phase, and should correspond to an 

interfacial region between amorphous and crystalline. The amount of this interphase is 

shown to be comparable to that of the crystalline regions, and is found to increase as the 

branching content decreases. The interphase cannot be independently distinguished 

from the amorphous or crystalline phases during heating above Tg by means of DSC or 

WAXD, but it may contribute to the mechanical response of the material, as revealed by 

DMTA experiments [124]. If we plot Tg as a function of pure amorphous content, we 

obtain an extrapolated value for Tg of approximately -76 ºC (197 K) for a pure 

amorphous PE (see Figure 8).   

 

 
Figure 8. Glass transition temperature, Tg, versus crystal core and interfacial content, 1-Xa. The line 

represents the linear extrapolation to 100% amorphous content 

3.1.2. Computer simulation approach 

In one of our recent studies, we were able to determine the Tg value of PE. For this 

purpose, an equilibrated C192 melt system was cooled down at different cooling rates,  

= 1 to 2,000 Kns
-1

 (high enough to prevent polymer crystallization). Then, the specific 

volume as a function of temperature was measured using two different FFs. A change of 

the slope of the curves, i.e. the thermal expansion coefficient, indicates the apparent Tg, 

which is known to be dependent on the cooling rate [228]. The high cooling rates used 

in simulations generally lead to a higher estimate of Tg compared to experiments.  

The plot of apparent Tg versus cooling rate is shown in Figure 9 for the systems 

studied. The figure reveals that Tg decreases nonlinearly with the logarithm of the 

cooling rate, , in both cases; this having been already observed in the literature both in 

experiments [228] and simulations [229-232]. In general, it was shown that the 

dependency resulted in a non-linear equation, adopting the form: 

 

 𝑇𝑔 = 𝑇𝑔
0 +

𝐴

𝑙𝑛(𝐵Γ)
 (15) 



 

This expression can be extracted from the assumption of a Vogel-Fulcher 

dependence of relaxation times. The application of Equation (15) to experimental data 

provides the value of Tg
0
 for the system under study. Similar extrapolation procedures 

have been also applied in other computer simulations. [229-232]. 

The application of Equation (15) to the results in Figure 9 results in an estimated 

Tg
0
 = 187.0 K and 214.1 K for TraPPE-UA and PYS FFs, respectively [73]. This last 

value is very close to those reported by Yi et al. using also PYS FFs of 215.2 and 223.0 

K for a C150 and C1000 polymer, respectively [233]. Further, values of Tg of 195.0 K 

[234] and 200.0 K [235] have been reported for C100 and C300 polymer models using 

explicit FFs, respectively. The values of A and B in Equation (15) are nearly the same 

for the two FFs, A = 368.7 K and B = 0.023 ns·K
-1

. In fact it is possible to obtain a 

master curve from the two simulation sets by simply plotting Tg-Tg
0
 versus , as may be 

observed in the inset to Figure 9. It should be noted that Tg in polymers depends on 

factors such as chain stiffness, chain bulkiness (free volume) and the strength of 

polymer chain-chain interactions. All of these features are depicted by the specific FF 

used in the simulation.  

 
Figure 9. Apparent glass transition temperature versus cooling rate for the atomistic model C192 obtained 

from MD simulations using () PYS-UA and () TraPPE-UA force fields. The inset shows the master 

curve obtained by only shifting the data horizontally using the extrapolated glass transition, Tg
0
 (see text). 

The lines represent the fit to Equation (15) [73]. Reprinted with permission from J. Ramos, J.F. Vega, J. 

Martinez-Salazar.  Macromolecules, 48:2015, 5016-5027. Copyright 2015 American Chemical Society. 

 

It should be mentioned here that a recent theory is also able to predict the values 

of Tg for different polyolefins [236]. In fact, this theory predicts a value of Tg = 196 K 

for LPE and also a so-called “internal plasticization” phase wherein fragility decreases 

as the number of flexible side group units increases.  

The effect of SCB has only been recently explored but in hyperbranched dendritic 

PE models using MD simulations with TraPPE-UA FF [237]. The expected decrease of 

Tg with branching content is obtained in agreement with parallel experimental results. 

 

3.2. The semicrystalline structure of polyethylene 
 



3.2.1. The orthorhombic unit cell 
Density functional theory (DFT) has proved successful at accurately describing the 

electronic structure [238], crystalline structure and mechanical properties of crystalline 

PE [239]. DFT calculations on PE unit cell parameters lead to a = 6.7 - 6.8 Å and b = 

4.5 - 4.6 Å [240], much lower than those obtained in the experiments for bulk 

semicrystalline PE and single crystals [122, 241-244] likely due to overestimated 

intermolecular bond strengths. From all the calculated results of the above 

contributions, it can be deduced that mechanical properties, bulk modulus, elastic 

constants and Young’s moduli are significantly larger than the experimental values, but 

consistent with inelastic neutron scattering spectra. Barrera et al. reported that these 

differences may be explained by the fact that we are comparing the properties of real 

semicrystalline materials, which have a relatively low crystallinity, with those of 100% 

crystalline models [245]. 

The introduction of empirical terms to account for dispersion (or van der Waals) 

interactions (see Section 4.1) has indeed improved results [246-248]. However, in 

weakly coupled systems such as polymers, the proper inclusion of VdW interactions is 

challenging [249, 250]. This measure, besides a stabilized crystal structure, gives rise 

also to values of the calculated lattice parameters (a = 7.30 Å and b = 5.22 Å) and bulk 

elastic modulus (Ec = 7.8 GPa) that are in better agreement with experimental data than 

prior estimations without empirical input [248]. It should be noted that Román-Pérez et 

al. [251] and Wu et al. [252] later described a reformulation and a simplified 

implementation of this scheme. Further recent refinements and improvements by other 

authors have been reviewed in [239].  

In addition, Martonak et al. applied a MC algorithm based on FF implementing 

global moves on the chains in addition to the local moves on the atoms to simulate 

crystalline linear PE. These authors obtained fairly accurate results for cell parameters, 

elastic constants and their temperature dependences using the FF developed by 

Sorensen et al. in the late 80s [253]. Mavrantzas et al. performed MD simulations on 

paraffins and infinite chain PE using COMPASS FF [254]. Their results were in good 

agreement with orthorhombic lattice parameters, the IR spectrum of crystalline PE and 

their dependence on temperature. [255] also conducted MD simulations using the all 

atom (explicit) FF of Smith and Yoon [39], also for linear PE. Since experimentally it 

can be clearly observed that lattice parameters depend on the disorder level in the 

crystals [121-123], these authors compared three different computer models considering 

different degrees of disorder, i.e. the infinite chain model, finite chain model and jogged 

chain model. This latter approach attempted to reproduce the effects of defects and 

chain folds by allowing a finite chain to pass through the simulation box more than 

once. The results of this work indicate that for the FF chosen, the jogged chain model is 

better suited to simulation of chain-folded PE crystals than the more ordered models, 

fairly well reproducing the lattice parameters and their temperature dependences. It 

should be noted here that quite similar results for the temperature dependences of linear 

PE lattice parameters can be obtained using quasi-harmonic lattice dynamics coupled to 

molecular mechanics FFs [256, 257]. 

 



 
Figure 10: Orthorhombic lattice parameter variations produced with SCB in PE. Open symbols: 

experimental lattice parameters: () EP copolymers, Swan [242], () EB copolymers, Crist et al. [258], 

() branched PEs, Martínez-Salazar et al.  [121-123], () EH copolymers, Otegui et al. [243] and EH 

single-crystals, Vega et al. [244, 259]. Closed symbols represent computer simulations of lattice 

parameters including branching [255] 

Less studied through computer simulations have been the impacts of SCB on 

orthorhombic lattice parameters. This has been a topic of much debate. On the basis of 

equilibrium thermodynamics, for instance, it could be argued that branches should be 

rejected from the crystalline regions during crystallization, as they represent a type of 

defect that will increase the internal energy of the crystal. However, the kinetics of 

crystallization is such that it is likely that some of the branches would be trapped within 

the crystals, suggesting some degree of partial segregation. Experimentally, it is 

accepted that methyl branches may be included in the crystals, and that these give rise to 

increased values of a and b due to a distorted lattice. A comparison of the classical 

values of Swan [242] for ethylene/propylene with those of the higher copolymers, ethyl 

[260], butyl [244] and longer branches [121-123] is provided in Figure 10. It may be 

clearly observed that the methyl branched copolymers show higher expansion of a 

values than longer branched systems. The MD simulations conducted by Phillips and 

Hana [255] in orthorhombic cells including the branches in the lattice match the 

experimental results. The simulated b parameter is always too low and attributed to 

errors in the C–H bond length affecting the side-by-side packing density of the chains. 

Recent DFT studies have also examined the Raman and infrared (IR) spectra of linear 

and branched PEs. The Raman crystallinity band appearing in linear PEs at 1415 cm
–1

 is 

thought to arise from factor group splitting, whereby the two PE chains packed in the 

orthorhombic unit cell cause the CH2 bending vibrational mode to split, with a second 

component appearing at 1440 cm
–1

 [261]. Changes in the crystalline phase, i.e. in the 

unit cell parameters, for example, as a result of temperature changes or the inclusion of 

SCB, could affect this phenomenon resulting in changes in interchain energy 

interactions [262]. The observed shift in the position of the 1415 cm
–1

 band towards a 

higher wave number as crystallinity decreases has been associated with a lower 

effectiveness of interchain interactions within the lattice, and hence with lateral disorder 

in the crystals [243]. These authors have also compared the experimental data with 

DFT-LDA based calculations detecting good qualitative agreement, taking into account 

that the models considered an infinite crystal and did not include Fermi resonance 



coupling. Moreover, in a recent study performed by Galimberti et al. [263] designed to 

describe the IR spectra of PE in the crystalline state as obtained through DFT 

calculations, it was found that intermolecular interactions occurring when chains are 

packed in the crystal are far from being negligible for a good prediction of solid 

crystalline phase spectra. Moreover, comparing spectroscopic quantities (i.e., IR and 

Raman intensities), predicted for an isolated unit and for a unit belonging to a crystal, 

requires some caution. 

Recently, in a DFT study including dispersion corrections, the slip mechanisms 

and ground state twin configurations in crystalline orthorhombic PE were assessed to  

accurately characterize PE crystal defects and plasticity mechanisms [264]. Winey et al. 

[265] reported that the polymer chains are folded in different ways depending on the 

type of branching. Non polar functional groups are excluded from the crystal, which 

spans only the crystallisable ethylene sequence between the branches [266]. This should 

lead to thin crystals and switchboard-like amorphous regions. Polar functional groups 

may direct the chain folding in a hairpin manner near each side branch, giving rise to 

multiple embedded layers, in agreement with computer simulations.  

 

3.2.2. Crystallization of single chains 

Pioneer MD simulations were performed by Kavassalis et al. [267, 268] for single 

linear PE chain nucleation under vacuum using Dreiding II FF. These authors showed a 

clear transition in linear PE chains from a globular state to a chain-folded crystallite 

with a hexagonal symmetry, in which the driving force for crystallization was 

dominantly van der Waals attraction between constituent atoms. In subsequent studies 

[269-271] it was reported that: (i) although resultant interchain distances were of the 

order of those expected, lamellar thicknesses (lc = 4 nm) were, however, quite lower 

than those derived from solution-growth single crystals (lc = 10 - 12 nm) [244]; (ii) both 

non-adjacent and adjacent reentry were observed in a ratio of around 3:1; and (iii), two 

transitions were identified as coil-to-globule and globule-to-folded chain, dominated by 

Van der Waals and torsion energies, respectively [272, 273]. A series of MC 

simulations has been reported by Frenkel’s groups concerning the free-energy barrier 

that separates the crystalline state of a homopolymer chain from the disordered state 

[274-276]. These observations are in close agreement with single chain experiments 

[277, 278] 

The effect of SCB on single PE chain crystallization in vacuo has been explored by 

Doran and Choi [279], Zhang et al. [280, 281] and Sharkh and Hussein [282]. In these 

studies, interesting phenomena were observed including a decrease in the trans/gauche 

ratio and crystal sizes with SCB, branch inclusion in the crystals for systems containing 

the shorter branches, exclusion of longer branches from the crystals and inhibition of 

crystallization for systems with more than 50 SCB per 1,000 C atoms. All these 

phenomena are in fairly good agreement with experimental observations in single 

crystals of SCB PE [244, 259]. 

 



 

Figure 11. Selected geometries for PE-00 (blue), PE-05 (red), and PE-10 (green) models showing 

lamellar structures for a single-chain. Reprinted with permission from J. Ramos, J. Martinez-Salazar. J. 

Polym Phys., 49:2011,431-430. Copyright 2011 Wiley Periodicals, Inc. 

 

However, a more realistic description of the systems that explicitly takes into 

account solvent molecules is not an easy computational task. A possible approximation 

is to consider only solvent viscosity using a Brownian-dynamics (BD) or Langevin 

dynamics (LD) method. Muthukumar et al. considered crystallization of a single chain 

by the LD-method [283, 284]. In their simulations, a nucleation and growth mechanism 

gives birth to some initial crystal nuclei (baby nuclei) in the early stages of 

homogeneous crystallization. Free energy barriers dictate initial lamellar thickness. 

Once the baby nucleus has formed, chains diffuse to the growth front where they are 

simultaneously adsorbed and crystallographically attached. This step is not hindered by 

a barrier, in contradiction with the underlying assumptions of the LH theory. The newly 

added folded chains undergo a rearrangement on the growth front to form stems that are 

commensurate with crystal thickness at the growth front. Meanwhile, chain dynamics 

within the crystal results in overall thickening of the lamella. This model has been 

widely used to examine certain aspects of single chain crystallization in solution such as 

the nature of the loops [285], the free-energy landscape [285-287], and the effect of 

SCB [288, 289]. Stems, branch positions, and folding surfaces are shown in Figure 11 

for selected final structures of random ethylene/1-hexene C2000 chains with different 

contents of 1-hexene (from 0 to 10 SCB every 1,000 C atoms). 

As may be observed, the butyl branches are not incorporated within the crystalline 

region, rather they remain in the amorphous phase. On the contrary, it was found that 

methyl branches can be partially included in the crystals. On close inspection of the 

semicrystalline state through the local bond-orientational parameter, we can define the 

crystalline stem length and overall crystallinity of the models: both magnitudes decrease 

with SCB content, as in experiments [244, 259]. Recently, the effects of both different 

types and contents of precisely placed SCB and chain length (up to C10000 and 

polydisperse systems) have been explored [290, 291]. Results confirm that the branch 

acts as a defect both for nucleation and growth processes, decreasing the crystallization 



rate, crystallinity, and lamellar thickness. Moreover, both SCB and chain length have 

strong effects on the final morphology of the crystals. These authors showed also that 

branch length seems not to influence crystallization kinetics. They also found a critical 

SCB content for a morphological change from lamellar to bundle structures, at around 

20 SCB per 1,000 C atoms. Interestingly, they detected a trans-rich phenomenon in the 

pre-crystalline state and a trans-state critical population for crystallization onset that is 

independent of SCB content and length. 

 

3.2.3. Crystallization from the melt 

So far, reports exist of Monte Carlo as well as atomistic and CG MD simulations of 

the crystallization of flexible polymers, especially PE. Through MC simulations, Hu 

[292] and Xu and Mattice [293] identified interesting features such as integral folding of 

short chains in crystallites and a constant linear crystal growth rate, along with 

roughness of the local growth front. They also assumed that crowding of dangling ends 

on the fold surface was the main mechanism for suppressing the lateral growth front, 

proposing the mechanism of chain folding. These studies also showed that a high degree 

of crystallinity can be achieved in a reasonable computer time. In addition, the 

simulations revealed that segregation of low-molecular-weight fractions in the crystal 

growth of polydisperse polymers is a general phenomenon [294] and also the typical 

regime transitions associated with the Lauritzen-Hoffman model [295]. However, the 

predicted smooth crystal growth front in regime I was not shown by these simulations. 

MC methodologies have been also applied to different types of copolymer bearing 

crystallizable and non-crystallizable units [296]. In this case, the overall composition 

and statistical distribution of the monomers affect phase-transition, resultant relative 

crystallinity and crystal morphology, as indicated by the experiments. More recently, 

Gao et al. [297] reported a strong memory effect of crystallization in ethylene-based 

homogeneous random copolymers after their annealing at temperatures higher than the 

equilibrium melting point. This phenomenon has been associated with sequence-length 

segregation which leads to a heterogeneous melt in which the local concentration of 

long sequences raises the melting point. 

For atomistic simulations, two different FFs (PYS-UA and TraPPE-UA) are being 

widely used to examine the crystallization process. Rutledge’s group has extensively 

used PYS-FF, with minor modifications. These authors reported that their version 

captures essential qualitative aspects of the initial stages of the crystallization of n-

alkanes and short chains of linear PE up to C100 [298-301]. In particular, these works 

have shown that homogeneous nucleation of PE models is feasible for deep 

supercooling using MD simulations. Further, they have characterized the crystal nucleus 

as a cylinder shape to calculate crystal thickness as a function of nucleus size. Their 

model predicts growth rate as a function of temperature and molecular weight up to the 

entanglement molecular weight.  They also find evidence of a surface nucleus involving 

4–5 chain segments approximately 20 beads long, shorter than the final thickness of the 

chain stem in the crystal, and involving segments from multiple chains. Remarkably, a 

crystal growth rate equation, parameterized from the MD [302], can be obtained, which 

works well for alkanes and PE using the Rouse relaxation time for n-alkanes and the 

local relaxation of an entangled segment to describe the kinetic barrier for 

crystallization.  However, the model supports different growth mechanisms for fast and 

slow cooling. More recently these authors conducted MD simulations in longer PE 

systems (up to C1000) [233], that can calculate the nucleation rate and identify critical 

nuclei via a mean first-passage time analysis. The nucleation rate was found to be 

insensitive to chain length in the molecular range explored at deep supercooling. The 



critical nucleus was reported to contain about 150 carbons. Chain segment analysis gave 

rise to a broad length distribution of loops, which supports the “switchboard model” in 

the early stage of crystals formed in deep supercooling. Recently, refinements of the 

MD procedure and a kinetic model have been described to explain surface nucleation 

and crystal growth in C50 systems [303, 304].  

Anwar et al. also applied MD methodologies using PYS-FF to explore 

homogeneous nucleation and growth processes in PE (C20-C500) [305-307]. For 

the nucleation process, they noted that the chains first align themselves and then 

straighten. As a consequence, local density increases and finally the monomer units 

become positionally ordered. The subsequent crystal growth process is characterized by 

a sliding-in motion of the chains. Chains preferably attach to the crystalline cluster with 

one end, and then move along the stems of already crystallized chains towards their 

final position. This process is cooperative, i.e., neighbouring chains tend to get attached 

in clusters rather than independently. Once chains are attached, the lamella thickens by 

sliding of the segments along the long axis of the chain from the amorphous regions into 

the crystalline regions. These authors do not observe the formation of any folded 

precursors and the entanglements do not seem to have an effect on the nucleation 

mechanism.  

Gee et al. modified the parameters of the PYS-UA to enhance computational 

efficiency when examining the crystallization process in polymers [308, 309]. However, 

the torsion potential was substantially modified increasing the trans to gauche energy 

barrier as compared to the bond torsion potential of the original FF. In this way, chain 

stiffness increases, enhancing computational efficiency through acceleration of the 

process. This procedure enabled these authors to observe forced crystallization at time 

scales accessible via large-scale MD simulations. In the ordered domains, they 

identified dense growing regions similar to smectic liquid crystals. The MD simulations 

revealed a ‘coexistence period’ in ordering before crystallization, during which 

nucleation and growth mechanisms coexist with a phase-separation mechanism. 

Yamamoto et al. used a specific FF to address different aspects of the crystallization 

of PE chains (up to C1000) from both quiescent and oriented melts in the bulk and/or 

between surfaces [310-313]. They adopted a simplified molecular model for 

polymethylene-like chains. The chain comprises CH2-like beads connected by harmonic 

springs, and the lowest energy conformation is a linear stretched sequence of the beads 

with slight bending stiffness imposed. Although they found no precursor prior to 

crystallization, they did nevertheless observe the growth of stacked chain-folded 

lamellae from the substrates. The growing lamellae showed thickening growth along the 

chain axis as well as usual growth perpendicular to it. They reported the characteristic 

bell shape dependence of crystallization rate with temperature, and a maximum around 

325 K. In addition, the fold surfaces were found to be covered by relatively short chain-

folds; at least about 60 – 70% of the folds connected the nearest or next nearest 

neighbour crystalline stems. In subsequent modifications of the model, they were able 

to simulate larger systems [314-317]. Detailed statistics of folds and cilia revealed that 

the folds are rather neat and mostly make re-entries into the nearest stem positions 

(adjacent-reentry), whereas the cilia are generally short but with a small number of 

longer cilia forming thick amorphous layers.  Conformational analysis of the chains 

forming nuclei revealed that the homogeneous nuclei are fringed micelle-like chain 

aggregates, but the chains as a whole have folded conformations.  

The TraPPE-UA FF has been also recently used by Ramos et al. [73] to simulate the 

homogeneous crystallization process of linear entangled PE (C192) from the melt at 

different cooling rates from Γ = 0.05 to 1 K·ns
−1

. These authors described the 



characteristic drop produced in specific volume at the crystallization temperature, Tc. In 

addition, a continuous shift of the Tc peak toward lower temperatures and a broadening 

of the transition with increasing Γ are clearly observed. The value of Tc ∼ 325 K 

obtained with TraPPE-UA FF is still lower than those experimentally obtained by 

ultrafast calorimetry (Tc ∼ 370 K) for long n-alkanes (C122, C162, C390) at Γ of 10
3
 − 10

4
 

K·s
−1

. Likely, this is due to the fact that experimental Γ values are 4 orders of 

magnitude lower than those accessible in the simulations. Interestingly, qualitative 

similarities can be observed between our simulations and recent crystallization 

experiments for linear PE performed using ultrafast calorimetry by Toda et al. [318].  

Both the experimental shift to lower temperatures and transition broadening as the 

cooling rate increases are adequately described by both simulations. Also a considerable 

decrease in the degree of crystallinity is observed as the cooling rate increases.  At the 

end of the MD simulations, the simulated chains were mostly once- (36%) and twice- 

(38%) folded. Fascinatingly, a large percentage of these once- and twice-folded chains 

closely fold into a “quasi” integer shape (around 20% of the total number of chains). 

Also, but to a lesser extent, we can observe thrice-folded (10%) chains and chains with 

tie segments (16%) with their ends passing through more than one ordered domain. 

Further, in the ordered domains, the adjacent folded-structure is not the only one 

present. The picture supports the “switchboard” re-entry model, at least for early 

crystallization stages at high supercooling temperatures. At these early crystallization 

stages, clear segregation takes place, as a process similar to that observed during 

crystallization from a pre-oriented melt by Ko et al. [319] and Yamamoto [320]. At the 

end of the simulation process, it is possible to observe different ordered and disordered 

layers. In the amorphous layer, the tie, cilia and loop segments of the chains are 

concentrated, resembling the model proposed by Ungar and co-workers for quenched 

long-alkanes of similar molecular length (C198 and C210) [2, 321-324].  In this model, a 

mixed-integer folded-extended phase forms instead of the pure once-folded phase 

typical of high n-alkanes. Rather than re-entering the existing crystal layer, cilia from 

neighbouring non-integer folded (NIF) lamellae gather and form an intercalated layer. 

The MD simulations have also enabled assessment of primary fold stem length, lg
*
. 

The most common definition of stem length is that given by Lacevic and co-workers 

[309]. It has been long recognized that lg
*
 in melt-crystallized PE is exclusively 

dependent on the extent of supercooling [325-330]. Results obtained from atomistic MD 

simulations of the melt are in good quantitative agreement with experiments, as may be 

observed in Figure 12.  

The classic Gibbs-Thomson-Hoffman theory has led to a well-known expression for 

the critical thickness lg* = K/ΔT + δ, where K = 2σeTm
0
 / ΔHf

0
 (where σe is the fold 

surface energy, Tm
0
 is the equilibrium melting temperature and ΔHf

0
 is the heat of 

fusion at Tm
0
) and ΔT = Tm

0
 − Tc is the level of supercooling. The parameter  is 

empirical, and it was introduced to account for the non-zero value of lg* at large 

supercooling upon linear extrapolation of experiments to [1/T] = 0 [331]. The linear 

correlation explains well the experimental results for Tc values from 401K to 360 K 

(Figure 12).  A value for lg* of 6 nm has been recently obtained in single lamella PE 

nanoparticles synthesized at T = 288 K [332]. This value deviates from the linear 

correlation  (open circle in Figure 12), and the authors argued that this is not exactly the 

initial fold length at that temperature, as some degree of thickening is expected at the 

temperature at which the thickness was measured. At this large level of supercooling we 

find the advantage of MD simulations. Recent simulations have reported values for lg* 

decreasing from 6 nm to 3 nm for Tc values of 370 K down to 280 K [64, 306, 320, 321] 

(solid symbols in Figure 12). The trend in Figure 12a shows a levelling off lg* as Tc 



decreases towards Tg (around 187 K in our simulations), similar to that anticipated by 

the experimental linear extrapolation. However, a slight deviation is shown by these 

recent simulations at lower temperatures. It would be desirable to explore a larger 

degree of supercooling in order to determine the trend in the vicinity of the glass 

transition. However, these MD simulations represent a challenge as crystallization 

kinetics is very slow in the vicinity of the glass transition.  
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Figure 12: Initial fold length against (a) crystallization temperature and (b) the reciprocal level of 

supercooling, obtained for simulated crystalline structures: C192 () PYS-UA and () TraPPE-UA [73]; 
single PE chains in solution () simulations  [333, 334]; () quenched preoriented melts [319] and 

experiments: () PE [325-327] () single PE lamella [332]. The solid line is the best fit of the 

experimental results. Reprinted with permission from J. Ramos, J.F. Vega, J. Martinez-Salazar.  

Macromolecules, 48:2015, 5016-5027. Copyright 2015 American Chemical Society. 

 

 

As mentioned in the preceding section, the effect of SCB in the crystallization 

process has been also explored through MD simulations. Notwithstanding, most results 

correspond to single chain systems. Further, according to most results, the branches act 

as nucleation seeds, which are later rejected during crystal growth. The number, length 

and flexibility of the branches play an important role in determining the formation of 

the lamellar structure. The longer the branch length and fewer the branch sites, the more 

perfect the formed lamellar structure will be.  In all these works, the characteristic 

general trends observed experimentally in SCB polyolefins are noted, such as rejection 

to the amorphous regions of branches longer than methyl, and a decrease in crystal size 

and melting temperatures with SCB content [121-123, 243, 244, 335-337].Very few 

simulations can be found to study the effects of SCB on polymer crystallization from 

the melt. Choi et al. examined solid-state structures formed in the early stage of 

crystallization of different homogeneous and heterogeneous LLDPE models by means 

of MD simulations using the DREIDING FF [338, 339]. These simulation results show 

that for homogenously branched systems, SCBs are distributed in both the interphase 

and the amorphous regions. However, the SCBs are more likely to be located in the 

amorphous phase for heterogeneous systems. Simulation results also indicate that, 

compared with homogeneous systems, heterogeneous ones have a higher degree of 

crystallinity and a longer average crystalline stem length.  



 
Figure 13. Chain conformational features at the end of simulation runs from the melt for: (a) linear and 

(b) butyl branched C192. The ordered stems and branch are shown in blue and red, respectively. The 

chains were extracted from the whole system and segments from other chains are not shown for clarity. 

Reprinted with permission from S. Sanmartín, J. Ramos, J.F. Vega, J. Martinez-Salazar. European 

Polymer Journal (2014) 50, 190-199. Copyright 2013 Elsevier Ltd. 

Sanmartín et al. recently undertook MD simulations on a series of “precisely” 

branched ultralong n-alkanes to shed light on the early stage processes of crystallization 

from the melt at high undercooling temperatures using TraPPE-UA FF [340]. This study 

considers a linear (C191H384) and two symmetrically branched 

[C96H193CH(CH3)C94H189 and C96H193CH(C4H9)C94H189] ultralong n-alkane samples. 

First of all, these authors observed that SCB provokes a delay in crystallization as 

compared to the linear chain. The process is further delayed as branch length increases. 

The time evolution of the structure factor S(q) as the materials are undercooled, revealed 

that both crystal thickness and chain packing were dramatically affected by the presence 

of SCB. Crystallinity also decreases as SCB length increases. The folding observed in 

the linear system was closer to the irregular model of folding at least for the early stages 

of crystal nucleation and formation. The length of the branch clearly determines its 

inclusion or not in the nuclei, and consequently disturbs the formation of crystals in a 

different way. The chain conformational analysis indicates that most of the chains in the 

linear model adopt once-fold configurations from the initial stages of the nucleation 

process, but tie, and twice-fold chains are also already present. Most interestingly, the 

number of carbon atoms involved in the most perfect folds are some 8 ± 2, which 

entirely matches the results reported experimentally by Grasso and Titman [341]. In the 

branched samples, the once-fold morphology seems predominant, obviously because of 

the presence of the branch in the middle of the chains, which favours once-fold chain 

structures from the process onset (see Figure 13). 

Certain aspects of the impacts of molecular architecture on the crystallization 

and the subsequent annealing process remain practically unexplored. We have 

extensively studied this phenomenon and its effect on macroscopic properties in the past 

[342, 343] yet computer simulations are still a challenge, as both chain dynamics and 

morphology in these events cover a wide range of time and length scales that are outside 

the scope of conventional atomistic simulations.  



 
Figure 14: Simulated crystallization (at different cooling rates) and melting (at a heating rate of 

Γ = 5.0 × 10
−6

τ
−1

) lines for three CG models of PE: linear, 1% 1-hexene and 2% 1-hexene. Reprinted with 

permission from J. Ramos, J.F. Vega, S. Sanmartín, J. Martinez-Salazar. European Polymer Journal 

(2016) 85, 478-488. Copyright 2016 Elsevier Ltd. 

To analyze such large scales, CG simulations are an interesting option, as they 

allow us to increase not only the size of the systems under study, but also the 

observation time window. Basic studies have reported interesting results, mainly with 

regard to the crystallization process in CG models of polyvinyl alcohol (PVA) [344, 

345]. In these studies, the characteristic chain folding and lamellar structure along with 

the typical features of a first order transition are observed. Remarkably, the relationship 

between crystallization and melting temperatures with the inverse of lamellar thickness 

is reproduced [346]. In addition, typical phenomena of flexible polymers have been 

reproduced, such as the coexistence of melting and growth during heating and crystal 

thickening during isothermal crystallization [347-350]. More recently, interesting MD 

simulations have been performed using CG-PVA [351-353] and CG-PE models (see 

supporting information in [354]) connecting the crystallization process with the 

entangled polymer state. Topological analysis reveals the existence of disentanglement 

processes during crystallization that compete with the tightening of entanglements 

during cooling caused by local stiffening of chains.  In addition, a direct relationship 

emerges between the temperature dependence of entanglement properties and crystal 

thickness. These results highlight the importance of the study of entanglement 

properties at different temperatures in crystallisable polymers of different molecular 

architectures to establish the complex relationship between entanglement state, 

crystallization and final lamellar structure. 
 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 15: Stem length time evolution according to the degree of undercooling for three CG models of 

PE systems. The same colour means the same undercooling. Reprinted with permission from J. Ramos, 

J.F. Vega, S. Sanmartín, J. Martinez-Salazar.  European Polymer Journal (2016) 85, 478-488. Copyright 

2016 Elsevier Ltd. 

 

Vettorel et al. [355] and Ramos et al. [356] have developed and optimized CG 

models for linear and branched PE. These authors used these models to examine the 

crystallization of short linear chains (mainly, n-alkanes) and branched PEs of up to 10 

SCB per 1,000 C atoms. It has been shown that crystallization and subsequent melting 

temperatures are related linearly to the inverse of lamellar thickness. Different melting 

lines are obtained according to the SCB content, and a trend is observed toward a single 

crystallization line. These data qualitatively match the experimental lines obtained in 

model homogeneous ethylene/α-olefin copolymers [357], as illustrated in Figure 14.  

Additionally, a strong lamellar thickening process is reported for the linear 

model at temperatures below the melting point, which follows the classic interpretation 

reported in PE, whereby a logarithmic increase in crystal thickness occurs with time 

(see Figure 15) [358-362]. However, for branched samples, thickening is impaired at the 

same degree of undercooling. In branched models, SCB are excluded from the crystal 

and remain on the surface and in amorphous regions. This causes the pinning of these 

regions, minimizing crystal chain diffusion and hindering crystal stem thickening, in 

qualitative agreement with the experimental data [357]. It should be noted that the 

recent formulation of Salerno et al. for “coarser” CG PE models might also be adequate 

to address the crystallization of linear and SCB PE systems [94, 95]. These authors have 

already reported a pronounced density increase for CG levels of   4 (see Section 

4.3.1) and cooling rates of 1.4 K/ns related to crystallization processes around 

temperatures of 250-330 K for the C96 chains. These transitions are observed in the 

same range of temperatures as those detected in atomistic MD simulations of a C192 

longer system for cooling rates within the range 1 - 0.05 K/ns [73]. Thus, these CG 

models represent an advanced simulation methodology to allow for longer time-length 

scales to examine the crystallization process in PEs with different topologies 
 



3.2.4. Nature of the amorphous region in lamellar polyethylene 

Semicrystalline PE typically consists of amorphous layers sandwiched between 

crystalline lamellae. This morphology is present in both linear and SCB PE, at least up 

to comonomer contents of around 6 mole -%, or crystallinity around 30% [363]. The 

non-crystalline region, also known as the interlamellar phase, has no clear structure, but 

there is general agreement it can be viewed as a central amorphous core between rigid 

amorphous layers (interphase) near to the crystals (see Figure 16) [364]. 

 

 
 

Figure 16. Diagram illustrating the semi-crystalline structure of PE with examples of tails, bridges, loops 

and trapped entanglements within the interlamellar region. 

 

The rigid amorphous region is not well known, but there has been long interest 

in identifying its conformational and mechanical properties. The topological 

characteristics of the chain segments within this region are the following: (i) chain 

segments that connect different crystals in the interlamellar region (tie chains or 

“bridges”), (ii) segments that enter back into the same crystal (“loops”), and (iii) 

segments that end in the interlamellar region (“tails”). These topological features 

together with the characteristic layer stacking are the foundations of the molecular 

picture of the semicrystalline state, which is well established in linear model PE 

samples [365].  

Notwithstanding, a detailed study of the complex relationships between chain 

molecular and topological aspects, structure, morphology and properties has always 

been a challenge for this implicit picture. A first level of description of the mechanical 

properties of semicrystalline PE is to consider three independent but coupled phases. 

Sedighiamiri et al. applied micromechanical modelling to semicrystalline PE by 

considering an interphase with intermediate properties between amorphous and 

crystalline regions [226]. Martín et al. also modelled PE as a three component system in 

which interface properties are monitored by its rigid amorphous fraction content, 

dependent on molecular structure, as determined through Raman experiments [366]. 

This kind of micromechanical modelling is useful to empirically reproduce the 

properties of the interphase, and to extract information about the effect of molecular 

architecture on the amorphous regions.  

To gain further insight into the molecular features of this region, MC and MD 

simulations are being intensively applied to the case of PE. Hütter and ‘t Veld et al. 



undertook the first theoretical estimates of the thermal and mechanical properties of the 

“interlamellar phase” of semicrystalline linear PE by MC simulations using the PYS-

UA FF or modified versions [367, 368]. Using this interface MC (IMC) model and 

micromechanical homogenization approaches [369], it is possible to dissociate 

interfacial stiffness from that of the whole interlamellar region. The interphase thickness 

and conformational aspects of the chain segments in this region, together with the phase 

volumes, can be also deduced. These simulations have shown that this phase exhibits 

properties that are intermediate between those of the crystal phase and the amorphous 

melt, but verification is still not possible, as no direct access exists to experimentally 

measure these properties. The crystalline region and its related properties during 

deformation are quite well understood as direct access to structural features is possible 

[370]. However, straight characterization of the amorphous regions in terms of loops, 

bridges, tie chains, and more importantly, trapped entanglements is much more difficult. 

Through IMC plus MD, both the conformational aspects of the interlamellar region can 

be examined and the time evolution of this component can be followed in conditions of 

tension [371, 372], compression and shear [373]. Today, the complexity of systems 

increases, as the effect of layer thickness and chain tilt in crystalline regions is under 

examination [374]. It these works, it has been shown that the initial interlamellar phase 

in semi-crystalline PE is more entangled than the amorphous PE melt. It is speculated 

that the origin of this greater entanglement density is the confinement of the amorphous 

component between crystalline lamellae. During the deformation process, the density of 

entanglements is reported to distinctly vary with the content of non-crystalline material, 

the mode and the rate of deformation. In general, it has been shown that there is 

competition between the thermodynamic stability of the crystals and displacement of 

the chain segments in the different regions. At high strain rates, the stress-strain curve 

shows the typical yield accompanied by cavitation in the amorphous region, but at 

lower strain rates, cavitation is suppressed and strain hardening emerges, as in 

experiments. Simulations suggest that higher levels of topological constraints in the 

interphase such as short “bridge” segments can be correlated with this strain hardening. 

Hence, changes in the interphase could lead to differences in strain hardening behaviour 

after the yield. This is quite interesting as the nature of the interface region can be 

modulated by the molecular architecture of the polymer. As molecular weight and SCB 

content affects both crystallinity and the nature of the amorphous regions, not only the 

elastic modulus and microhardness [375-377] but also yield behaviour and strain 

hardening will strongly vary with SCB [258, 363, 366, 378, 379]. An example is 

presented in Figure 17, in which experimental nominal tensile stress is plotted against 

the nominal tensile strain, in percent, for a series of rapidly quenched SCB PE samples 

with increasing SCB contents yet the same molecular weight ( Mw = 130 kg/mol) and 

molecular weight distributions (Mw/Mn  2) (model single-site ethylene/1-hexene 

copolymers) [366]. All the samples in Figure 17 display ductile behaviour, the yield 

being well-defined. Thus, the yield becomes more diffuse as SCB increases and the 

value of the yield stress decreases. The same trend is found in linear PE samples as 

molecular weight increases [378]. This behaviour is a replication of decreasing 

crystallinity level with SCB content. Subsequent to the yield point, stress falls, after 

which there is a region samples where stress changes little with the applied strain. This 

region is followed by strain hardening behaviour. With increasing SCB, the plateau 

region beyond yield decreases, and the slope of the strain hardening region becomes 

steeper, with a levelling off beyond 8 branches every 1,000 C atoms. This general 

behaviour is observed in high molecular weight SCB PE [379]. 



 
Figure 17. Tensile stress-strain curves for representative SCB PE samples (ethylene/1-hexene 

copolymers) of different SCB contents at room temperature: () PEH0, () PEH3, () PEH5, () 

PEH8 and () PEH10. Stress and strain are based on undeformed sample dimensions. The results shown 

in the figure are extended data to those presented in reference [366]. The inset shows the simulations 

performed by Yeh et al. [374] for semicrystalline PE containing different concentration of tie chains. 

 

Recent computer simulations performed on linear PE by Yeh et al. [374] suggest 

that higher levels of topological constraints in the interphase lead to enhanced strain 

hardening behaviour (see inset to Figure 17). The question that arises is whether the 

rejected SCB in the amorphous phase could give rise to more constraining in this 

region. There are very few studies in the literature describing computer simulations for 

the specific case of SCB PE samples, but interesting works have been recently reported 

by the groups of Gedde [380, 381]  and Rutledge  [382]. Gedde’s group has developed 

an MC code to assess tie chain and trapped entanglements concentrations in the 

interlamellar region in linear and SCB PE. This study shows an increase in both tie 

chains (bridges) and trapped entanglements, and therefore of interlamellar connections, 

as SCB and molecular weight increase. This is undoubtedly related to the greater strain 

hardening behaviour observed experimentally in SCB PE samples (Figure 17) and 

improved crack growth resistance reported in the past [383]. In this regard, the more 

recent IMC simulations using PYS-UA FF by Rutledge’s group have generated 

opposing results. Thus, these authors found that SCB induce conformational behaviour 

and a preference for gauche states of the backbone segments. This directly affects the 

distribution of loops and bridges, which emerged to be less likely in SCB PE than linear 

PE. As indicated by Kumar et al. [382], more research is needed in this direction as the 

specific microstructure (size of the crystals and thickness of the amorphous phase) of 

the systems has an effect on the conformational populations of chains in the 

interlamellar regions. 

 

4. Brief description of the computational methodologies 

used 
Molecular modelling consists of a set of theoretical and computational techniques 

used to mimic the behaviour of molecules and materials. Computational tools can be 

understood as a series of algorithms implemented in a computer to numerically solve a 

model. Currently, computer modelling plays a prominent role in understanding the 



relations existing between the atomic structure and the macroscopic properties of 

polymers [33-38].  

In the following sections, we provide a brief description of the main computational 

methods, their applicability to PE-based polymers and their limitations. Owing to space 

restrictions, rather than reviewing all simulation studies of PE properties, we here focus 

only on those that will help understand the topics covered in the previous sections. 

There are plenty of simulation studies using phenomenological models in which only 

some key aspects are captured to describe desired macroscopic behaviour. However, 

these do not have a clear or explicit connection to polymer chemistry. These models 

rather describe the universal behaviours of  polymers. Thus, simulations based on 

general polymer models, albeit significant in polymer physics, are not covered here. 

Interested readers are referred to excellent reviews of simulation methods for polymers 

[30, 31, 384-387]. As a clear example of this kind of model, we should mention the 

bead-spring model proposed by Kremer and Grest [149], which has been widely used 

for  investigating, among other properties, the complex dynamics of polymer systems 

due to the topological constraints (entanglements). 

 

4.1. Quantum scale. Ab initio quantum (QM) and density 

functional theory (DFT) methods 

Electrons and nuclei represent the degrees of freedom at the quantum scale. The 

characteristic length and time scales used in QM methods are around 10
-10

 m (1 Å) and 

10
-12 

s (1 ps), respectively.  

The atomistic scale problem by means of traditional QM methods needs to solve the 

Schrödinger wave-function equation for n electrons and N nuclei within the Born-

Oppenheimer strategy (wave-function formalism). The simplest approximation is the 

Hartree-Fock (HF) method, where it is assumed that each electron in a molecule is 

interacting with the average field created by the other electrons and the nuclei. 

However, the important correlation effects are not taken into account in the HF method, 

and to solve this problem more elaborate methodologies are needed either based on the 

perturbation theory (MP2, MP4, …), coupled cluster (CC) or configuration interaction 

(CI) approaches. The interested reader is referred to the specialised books for more 

detailed descriptions [388]. In any case, the computational cost of these traditional QM 

approaches makes impractical its application to systems containing more than 20-30 

atoms.  

Another way to deal with the many-body problem is density functional theory 

(DFT). In DFT methods, we avoid calculating the n-electron wave function by using the 

electron density (density formalism) and Hohenberg-Kohn (HK) theorem within the 

Kohn-Sham procedure [389, 390]. The HK theorem shows that the exact ground state 

energy functional exists, depending only on electron density. However, the precise form 

of the potential is still unknown, and the construction of the exchange-correlation 

functional, EXC, is the most challenging requirement. Thus, the selection of EXC is the 

most important issue when using DFT methods.  There are a vast number of EXC 

functionals, among others, the most popular are the so-called local density 

approximation (LDA), generalized gradient approximation (GGA), meta-GGA and 

hybrid functionals [391]. The accuracy of calculation is mostly determined by the 

choice of this EXC functional.  

However, traditional EXC functionals are unable to capture long-range weak 

dispersion (vdW) interactions. As a result, a range of extensions has been formulated to 

include such weak dispersive interactions in the DFT methods. Liu et al. have recently 



shown the importance of dispersion corrections for the accurate determination of 

structural properties of several polymers, among them PE [249].  

Further, a basis set to describe the shape of the orbitals in an atom is required. The most 

used functions are, among others, linear combination of Slater-type orbitals, Gaussian-

type orbitals or plane waves. Basis-set convergence is crucial for the accuracy of the 

calculations. The size and quality of the basis sets are identified using abbreviations, 

though these are too numerous to be described here [392].  

Both QM and DFT methods are suitable to study processes involving the 

breaking/creation of bonds, changes in electron configurations and transfer charge 

phenomena. However, DFT methods have the advantage of a favourable computational 

cost/accuracy ratio compared with traditional correlated wave function QM methods  

[393]. Thus, larger molecular systems can be treated with adequate accuracy using DFT 

methods. Currently, systems containing about one hundred atoms can be simulated with 

DFT standard techniques. As a result, DFT is currently by far the most used quantum 

methodology 

In summary, these methods are considered among the most accurate computational 

methods but are still computationally too expensive to apply to an ensemble of large 

polymer chains. In addition, many commercial and open-source computational codes 

are available for QM and DFT calculations [394, 395]. Some of the applications of first-

principle methods, mainly DFT, to PE models are conformational and mechanical 

properties of single chain models [240, 245, 246, 248, 396-408], equilibrium unit cell,  

[239, 245-249, 396, 409], electronic properties [238, 401, 402, 407, 409-417], infrared 

and/or Raman spectra of the crystal state [243, 246, 263, 415, 418], inelastic neutron 

scattering spectra [245, 419],  and Shock Hugoniot studies of PE crystals (studies of the 

material's behaviour under extreme conditions) [420, 421]. 

 

4.2. Atomistic models based on classic mechanics 

Atomistic models are represented by the position of either all atoms (explicit or all-

atom models, AA) or interaction sites, grouping the C atom and its bonded H atoms 

(united atom models, UA) linked by a series of bonds, bend angles, and dihedral (proper 

or improper) angles. In these models, electrons are not explicitly included in the 

calculation, thus the energy of a system is calculated as a function of nuclear positions 

and their velocities. In this case, interactions between the sites are modelled using an 

empirical molecular potential, the so-called force field, which is a function only of the 

atom positions. The FF is generally divided in bonded (intramolecular) and non-bonded 

(intermolecular and intramolecular) parts. An example of FF is given in Equation (16). 

Terms in this expression are parameterized for each type of atom, bond, angle and 

torsion in the polymer chain. The types represent atoms, bonds, valance angles or 

torsion angles that are similar enough in the physical and chemical sense to be treated as 

identical in different molecular environments (e.g. an O atom in a carbonyl group, C=O 

bond in a carboxylate group and so on). In other words, the principle of transferability 

of the same chemical groups is assumed [422]. The parameters can be obtained either 

by fitting experimental data or by high-level QM calculations of model systems 

containing the atom types. The accuracy of these models is highly dependent on the 

method used to parameterize the FF to describe a given physical phenomenon. Thus, 

validation of the model is of vital importance before using it to explain or make 

predictions of a physical phenomenon.  

Simulations based on atomistic models are much faster that quantum mechanics 

and their computational requirements do not grow as fast with the number of atoms in 



the simulation. Thus, these models typically involve a number of atoms in the range of 

thousands to a few millions (10
3 

- 10
6 

atoms) packed in a simulation box spanning 

hundred of nanometres using periodic boundary conditions (PBC) to avoid spurious 

surface effects [78]. Time lengths are in the range of ps to μs (10
-12 

- 10
-6

 s) for the 

largest simulations. 

 

 

 

(16) 

 

4.2.1.  Molecular mechanics (MM): optimization algorithms  

Optimization algorithms try to search out low-energy conformations for a given 

initial geometry and FF. In this case, an energy function is minimized as a function of 

the nuclear coordinates, choosing a given minimization method (e.g. steepest descent, 

Newton-Raphson, conjugate gradient, simulated annealing etc.). The optimized 

structures can be used as a starting point for MD or MC simulations.  

The main limitations of optimization methods are: i) a lack of convergence from a 

certain starting point, ii) converging to a stationary point that is not a minimum, iii) 

generating artificial minima caused by non-bonded truncation cut-offs or non-realistic 

physical models, and iv) thermal contributions are not taken into account.  

In the case of PE, these methods have been used to obtain reasonable structures of 

amorphous [423] or crystalline [424] states for successive simulations using MD or MC 

methods.  

 

4.2.2. Molecular dynamics (MD) 

The MD method is a deterministic technique that simulates the motion of a system 

under the influence of a given potential [FF, as that shown in Equation (16)] by 

following molecular conformations according to Newton’s equation of motion. The 

system of equations of motion of N particles is: 

 

 
 

(17) 

 

The time evolution of the particles (trajectory) is obtained by integrating the 

equations of motion [Equation (17)] over discrete steps in time (time-step, ∆t) using a 

finite difference method. The time-step must be sufficiently small to avoid discrete 

integration errors. Typical time-steps in atomistic MD simulations are in the order of 1 

fs, thus many millions of steps are needed for a single simulation in the nanoscale. The 

Verlet algorithm [425] is the most widely used integration scheme due to its simplicity 



and ease of implementation. Using a Taylor expansion, we can calculate the particle’s 

position at a later time, r(t+∆t), as a function of positions in the current and previous 

steps (r(t) and r(t-∆t), respectively) and accelerations in time for the current step a(t). 

Velocities at a later time v(t+∆t) can be calculated similarly from r(t) and r(t-∆t).  

By far, MD simulations are the most used computational techniques to study PE 

properties. Among others, MD simulations have been performed to calculate static 

equilibrium properties (radius of gyration, end-to-end distances, PVT properties, static 

structure factor, pair-distribution functions etc.) [47, 48, 53, 58, 61-74, 81, 85, 86, 100, 

112], dynamic properties (mean-square displacements, diffusion coefficient, dynamic 

structure factors, etc.) and rheological properties (intrinsic viscosity, entanglement 

molecular weight, entanglement relaxation time etc.) [70, 72-74, 76, 142-144, 153]. 

Crystallization [73, 308, 356] and melting [273, 315, 349, 356, 426] processes for semi-

crystalline PE have been also simulated using atomistic MD methods. Many of these 

properties can be directly compared with experimental data, as shown in the preceding 

sections. Also, comparisons with experimental data can be used to validate the FF used 

in the simulations [73].  

MD equilibrium simulations can be used to study non-equilibrium properties 

through Green-Kubo formalism [427, 428]. However, this approach is based on the 

computation of time correlation functions, and thus computing requirements might be 

larger than the available computational time. Further, non-equilibrium properties may 

only be addressed in the linear regime, thus remaining close to equilibrium. These 

limitations have prompted the development of non-equilibrium molecular dynamics 

(NEMD) algorithms. The basis of NEMD simulations is to produce a non-equilibrium 

steady state in a molecular system by applying a suitable external field (i.e. planar 

Couette flow). In the case of polymers, the SLLOD algorithm is particularly useful and 

allows for NEMD simulations examining rheological properties [180, 429].  This 

algorithm applies a planar Couette flow field at a strain rate resulting in strain-rate 

dependent shear-thinning viscosity.  Some applications of NEMD to study rheological 

properties of PE have been discussed in the previous sections [153, 177, 178, 183, 186]. 

There many available commercial and open-source packages for the MD 

simulation of polymers, among others those supplied by Materials Studio [430], 

GROMACS [431], LAMMPS [432] and HOOMD-Blue [433].  

 

4.2.3. Monte Carlo (MC) 

MC algorithms stochastically generate trial configurations according to the 

distribution probability of a working statistical ensemble (e.g. NVT, NPT). MC 

algorithms are composed of a set of MC moves that generate a Markov chain of states. 

That is, the new configurations are generated with probabilities that depend only on the 

current state (no history dependence). Each MC move is determined by the transition 

probability of moving from an old to a new state (𝜋𝑜→𝑛), which can be written as: 

 

 
𝜋𝑜→𝑛 = 𝛼𝑜→𝑛𝑝𝑜→𝑛 

 
(18) 

where 𝛼𝑜→𝑛 is the conditional probability of a trial move from the old (o) to a new state 

(n) and 𝑝𝑜→𝑛 is the acceptance probability. Let us denote the equilibrium density 

probability in the working ensemble of finding the system in new or old states as 𝜌𝑛 

or 𝜌𝑜, respectively. The rule that generates n from o must ensure that an arbitrary initial 

distribution eventually tends to the stationary (equilibrium) distribution density. Further, 

if the rule obeys the detailed balance condition:  



 

 
𝜌𝑜𝜋𝑜→𝑛 = 𝜌𝑛𝜋𝑛→𝑜 

 
(19) 

then an equilibrium process is approached, and the sampling is correct to generate a set 

of configurations. By substituting Equation 19 in Equation 18, we obtain: 

 

 
𝜌𝑜𝛼𝑜→𝑛𝑝𝑜→𝑛 = 𝜌𝑛𝛼𝑛→𝑜𝑝𝑛→𝑜 

 
(20) 

Applying the asymmetric Metropolis rule [33, 34, 38, 434, 435], the probability 

of acceptance of a MC move is given by: 

 
𝑝𝑜→𝑛 = min (1,

𝛼𝑛→𝑜

𝛼𝑜→𝑛

𝜌𝑛

𝜌𝑜
) 

 

(21) 

Biased MC moves can be formulated to improve sampling. In these moves, the 

MC trial move is biased toward reasonable configurations and to approach the right 

distributions, the conditional probabilities (𝛼𝑜→𝑛  and 𝛼𝑛→𝑜 ) need to be subsequently 

corrected. 

For polymers, and in particular for both linear and branched PE, there are a 

number of MC moves that can be applied to generate the conformations. These can be 

divided into two major subgroups [436-439]: i) non-altering connectivity moves (flip, 

concerted rotation, end-chain rotation and configurational bias of end-segment moves), 

and ii) altering connectivity moves (end-bridge, double bridge etc.). Altering 

connectivity moves have proved to be efficient for equilibrating long polymer chains 

and their combination with MD simulations opens the door to calculate rheological 

properties for industrial-relevant PE [58, 69, 71]. 

MC simulations are not constrained by the restrictions of solving Newton’s 

equation of motion, and this is their main advantage. This lack of restrictions allows the 

design of MC moves that generate trial configurations within a given statistical 

ensemble. Although implementing the moves may be nontrivial, they may lead to high 

speedups when sampling equilibrium properties. However, as the equation of motions is 

not solved and moves can alter conformations in a dynamically unphysical way to 

accelerate sampling, dynamic information cannot be obtained from typical MC 

simulations. Most importantly, for dense polymer systems such as PE melts, MC moves 

significantly alter the system's coordinates. This likely turns out in a great overlap of 

atoms and thus in low acceptance of the trial configurations. Unlike MD simulations, 

the implementation of MC moves is difficult for general cases and this explains the lack 

of available software to perform MC simulations on polymer systems. Two remarkable 

exceptions are Cassandra [440, 441] and MCCCS Towhee [442]. These programmes are 

open-source MC software for molecules and could represent a good starting point to 

implement MC moves for polymers, especially PE.  

Classically, lattice MC models have been proposed to simulate polymers [33]. 

Mattice’s group has developed a dynamical MC lattice model to study the dynamics and 

crystallization of polymers. This approach is based on both a high coordination lattice 

and the rotational isomeric states (RIS) model to calculate the potential energy of the 

chain [443-446]. Other popular lattice method is the bond fluctuation model (BFM), 

which is based on a mapping of the real polymer onto a lattice model, where each repeat 

unit or effective monomer of the lattice is a unit cube on the simple cubic lattice. The 

Hamiltonian used in the simulation is parametrized using certain geometric and kinetic 

data of the polymer under study [447]. The BFM model has been applied to study PE 

systems [230, 448]. 



These models retain sufficient detail to enable distinction of the precise chemical 

composition of the polymers. Through these approaches have inherent limitations to 

represent chain motions and conformations, they allow very efficient and fast 

implementations. Thus, they can contribute to the understanding of the polymer physics, 

especially where other techniques, as off-lattice MC moves above described, cannot be 

applied due to its high computational cost or low acceptance ratio.  

 

4.2.4. The problem of equilibrating long polyethylene chains 

The dynamics of PE (or in general of polymers) can span many decades of time. On 

one hand, local conformational fluctuations typically occur in the nanosecond regime 

and are almost independent of the polymer Mw, while on the other hand, the long 

molecular relaxations (i.e. reptational diffusion of the chain) of entangled PE strongly 

depend on Mw and may take place in the order of seconds. Unfortunately, with the 

currently available computational resources, atomistic MD simulations are limited to 

times of a few microseconds in the best of the cases. Thus, it is clear that brute-force 

atomistic MD simulations of high Mw polymers are out of the question, even to obtain a 

well-equilibrated system. In extreme cases, most of the computer time is used for the 

equilibration stage before any useful data can be generated from the simulation. 

A number of authors have proposed strategies to speed-up the equilibration stage of 

relatively high Mw systems: 

 A first strategy consists of so-called hierarchical MC/MD simulations. Firstly, a 

number of unphysical MC moves (such as the altering connectivity moves 

discussed in the previous section) are used to accelerate dynamics and provide a 

well-equilibrated system. Subsequently, these well-equilibrated structures are 

used as input for relatively short MD simulations, which reproduce real physical 

polymer dynamics [64, 69, 70, 72, 76, 84]. The main benefit of this strategy is 

that equilibration is accelerated several order of magnitudes. However, the 

complex MC moves required can be difficult to implement for non-linear 

topologies (i.e. SCB or LCB PE systems).  

 Algorithms using soft non-bonded potentials and a push-off process [449, 450] 

allow the chains to overlap and cross each other, accelerating the relaxation 

process at large length-scales. At the same time, these algorithms should keep 

connectivity and small- and medium length scales close to equilibrium values 

[449]. Finally, full non-bonded potentials are recovered and the production 

simulation can start.  

 Sequential back-mapping from a coarse-grained (CG) to a fine-grained (FG) 

representation until atomistic details are recovered. A first method is that 

proposed by Zhang et al. [451], starting from a very CG representation of the 

polymer [452] applied sequentially to introduce details in the model. The 

method has proved to be computationally efficient since in each step the 

introduction of details only involves local polymer relaxation; thus it does not 

depend on the Mw of the polymer. However, as far as we know, this method has 

not been applied to obtain a full PE system; rather a CG Kremer-Grest 

representation is obtained [149].  A second method has been proposed by 

Carbone et al. [86] for the long length-scale. In this case, the chains are built as 

a random walk using the characteristic Kuhn length of the polymer under study. 

Atomistic details are introduced by substituting Kuhn fragments with atomistic 

ones, and then several MD simulations using soft-core potentials are performed 

to equilibrate intermediate- and short length scales. Recently, Svaneborg et al. 



proposed an effective multiscale method for equilibrating Kremer-Grest model 

polymer melts [149]. In this case, the melt structure is progressively 

equilibrated above the tube scale, inside the tube, and finally recovers details at 

monomeric scales. Extensions to branched or polydisperse chains are 

straightforward [453]. 

 Hybrid AA/SCF is a theoretical scheme for a simulation technique whereby 

self-consistent field theory (SCF) and MD simulations are concurrent in a 

molecular model [454, 455].  These methodologies are more computationally 

efficient to equilibrate polymer configurations than brute force MD [456]. This 

is because intermolecular nonbonded forces are replaced by the calculation of 

interaction forces between independent particles in an average density field. 

 

All these strategies are useful to obtain well-equilibrated PE systems. However, 

once equilibration is reached, very long MD simulations may still be needed to examine 

the slow reptation dynamics characteristic of entangled PE. As detailed in the next 

section, mesoscale and multiscale simulations try to alleviate this problem.  

 

4.2.5. Polyethylene force fields 

As seen above, FFs are a key ingredient of classic atomistic simulations. Several 

FFs have been used in the literature to simulate PE-based polymers. The most important 

characteristics of the typical FFs for PE are the following: 

 

 OPLS (optimized potentials for liquid simulations). The UA [43] and the AA 

[457, 458] versions of this FF have been optimized in Jorgensen’s lab by fitting 

experimental properties such as density and vaporization heat. Torsion potentials 

are optimized to fit the torsional profiles in gas-phase, generally obtained from 

QM calculations. In the AA version, electrostatic charges, often from QM 

calculations, are used to obtain Coulombic forces. A recent version used for PE 

[95] is the optimization of parameters for long chain n-alkanes [459]. 

 PYS-UA (Paul-Yoon-Smith United Atom) [46] and PYS-AA [39, 40]. This FF 

was optimized to study long PE chains. The original version uses a constrained 

potential for bond length (C-C = 1.54 Å) and a harmonic potential to reproduce 

the C-C-C angle of 110º. Torsion parameters are based on Raman experiments 

of pentane. Non-bonded CH3 and CH2 are modelled using the same Lennard-

Jones parameters. Electrostatic potential is not used in this FF. An AA version 

has been also optimized and used to simulate PE [39, 40].  

 HMT-UA (Harmandaris-Mavrantzas-Theodorou). These authors use a FF, 

borrowing parameters from different sources [460-462]. In their simulations, a 

successful description of conformational and dynamic properties was obtained, 

including crossover between the Rouse and reptation regimes [47, 48, 58, 82-

84]. 

 SKS-UA (Siepmann-Karborni-Smit) [44]. This FF was created to reproduce the 

vapour-liquid equilibrium of alkanes of different length. It can be considered a 

primitive version of the TraPPE-UA FF. 

 TraPPE-UA (TRAnsferable Potentials for Phase Equilibria) [50, 51]. This FF 

was developed by Siepmann’s group. Bonded, angle and dihedral interactions 

are fitted using either experimental data or QM calculations. Then, the non-

bonded potentials of representative simple molecules are found through 

empirical fitting to reproduce experimental phase equilibrium data. TraPPE-UA 



arranges transferability and accuracy in the calculations of phase equilibria and 

thermophysical properties. MC and MD simulations using TraPPE-UA have 

been widely used for the study of static and dynamic properties of n-alkanes and 

PE melts, including the impacts of molecular length [81], miscibility [100], 

molecular architecture in tri-arm stars, H-shaped and pompom [66-68], SCB [61, 

67-69, 71, 72, 74] and basic properties of the entangled nature of PE [70, 73], as 

seen in the previous sections.  

 TraPPE-EH (TRAnsferable Potentials for Phase Equilibria-Extended Hydrogen) 

[41]. It is an explicit-hydrogen model for alkanes. This explicit representation 

yields considerably better agreement with experimental results that the UA 

version for short alkanes, but the price to pay is a higher computational cost, 

which limits its applicability for high-molecular weight alkanes. The 

performance of other models, such as TraPPE-UA, OPLS-AA and OPLS-UA, to 

calculate some thermodynamics properties has been compared with the TraPPE-

EH model [41]. 

 NERD-UA (revised by Nath-Escobedo-de Pablo) [49]. This FF is similar to 

TraPPE-UA and SKS-UA FFs. 

 KMT-UA (Karayiannis-Mavrantzas-Theodorou). This FF is a modified TraPPE-

UA FF using a different torsion expression based on the Toxvaerd potential 

[463]. This FF has been used in the study of n-alkanes, linear [53, 62-64], LCB 

[75, 76],  SCB [77] and cyclic (“ring”) [65] PE. 

 Dreiding II. It is a generic force field for predicting structures and dynamics of 

organic, biological, and main-group inorganic molecules [464]. This FF has 

been used to study the folding of PE chains [267-271, 279, 280, 282]. This force 

field has a flat gauche well and a cis barrier too high in comparison with other 

force fields [465]. This leads to a very rigid model predicting a persistence 

length of 50 Å [267] in comparison with the 6 Å obtained in SANS experiments 

[108]. For this reason, this FF has been criticized as unrealistic, in comparison 

with others of similar computational cost, such as PYS-UA [319]. 

 COMPASS (Condensed-Phase optimized molecular potentials for atomistic 

simulation studies) [466]. This is an explicit hydrogen force field. It  was 

parametrized using quantum-molecular calculations  enabling  a  reliable 

prediction of the structural, conformational and thermophysical  properties  for  

a  broad  range  of  molecules and polymers in condensed phase. However, its 

complexity (i.e., cross terms) in comparison to the classical force fields limited 

its applicability to PE long chains, due to its high computational cost.  

 

It should be noted that UA-FFs and CG models have some limitations to simulate 

the crystal phase of polymers in comparison with the explicit hydrogen FFs [254, 467, 

468]. For example, it is well known that UA-FFs favour the hexagonal crystal phase of 

PE over the more commonly observed orthorhombic crystal phase [233, 468]. However, 

FFs such as PYS-UA [73, 233], TraPPE-UA [73] and CG potentials derived from IBI 

[355, 356] have shown to be realistic studying the early stages of the crystallization 

process of PE.   

 

4.3. Mesoscale models 

Many spatial and dynamic phenomena in polymer materials (in particular PE) take 

place in length-time scales which cannot be directly addressed by conventional MD 

based on FFs. The mesoscopic regime covers intermediate scales between the AA 



simulations depending on the chemical details and the continuum representation that 

characterizes the thermodynamic properties of the material. As an example, the full 

dynamics of entangled PE materials from sub-diffusive local motions, passing through 

segment motions between entanglements, to the full reptation of chains cannot be 

captured using atomistic MD simulations alone. Simulations that capture the whole 

dynamic regime are of utmost importance to understand and predict both the rheological 

and mechanical properties of PE-based materials. 

In general, mesoscale methods are based on statistical mechanics, whose purpose is 

to establish a link between the microscopy description and macroscopic thermodynamic 

properties. In practice, these methods are based on a CG process of averaging out “non-

relevant” microscopy degrees of freedom, which can be attained by lumping atoms into 

larger particles (known as mapping process), thereby reducing the number of degrees of 

freedom used to describe the system. After this mapping, an effective potential that acts 

between the CG particles is needed. Further, it is important to note that these CG 

potentials depending on temperature, density and pressure, among other factors, are 

often due to the average-out process in the mesoscale [469, 470]. 

 The theory underlying CG dynamics is the Mori-Zwanzig formalism, whereby a 

projection operator technique leads to a generalized Langevin equation (GLE) 

governing the dynamics of the coarse variables. The GLE is stochastic in nature and 

includes memory and dissipation (friction) effects, which need to be taken into account 

during the CG process (please see reference [32] for details). In the following 

subsections, we offer a succinct explanation of various mesoscopic methods covering 

the intermediate length-time scales linking atomistic and macroscale techniques. Of the 

numerous existing mesoscale methods, we have selected those used to simulate PE-

based materials. Interested readers are referred to the excellent reviews written by 

Padding et al. [32] and Guenza [471]. 

In general, in a particle-based approach, a number of atoms are lumped or grouped 

on a super-atom particle or CG bead particle in a process called “mapping”. This 

number is known as the degree of CG, λ. Depending on both, the mapping method and 

λ, an effective interaction potential or potential of mean force (PMF) of variable 

softness is obtained. Next, the time evolution of the system is followed using the 

appropriate equation of motions, which fundamentally depends on the softness of the 

PMF.  

 

4.3.1. Coarse-grained molecular dynamics (CGMD)  

The softness or hardness of the interaction between CG sites depends on the number 

of atoms, λ, lumped onto a CG bead. The higher the number of atoms grouped in a CG 

bead the softer the PMF between beads will be. Averaging-out degrees of freedom leads 

to smoothened free-energy surfaces, which can be offset using friction and random 

forces. However, the precise treatment of dissipation requires a sophisticated 

generalized Langevin equation [32]. It is well-known that ignoring this dissipation leads 

to a faster dynamics compared to either atomistic or experimental reference data. This is 

usually beneficial for the equilibration process, but requires rescaling of the time scales 

when a quantitative comparison with real dynamics is desired. Furthermore, it is 

assumed that the number and nature of entanglements are conserved under these 

conditions of low λ values, whereby the relatively hard PMF avoids unphysical 

overlapping and crossing of bonds between different chains.  

 CGMD methods can be classified into two groups (see references therein in [472]): i) 

force matching methods, and ii) structure-based methods (e.g. iterative Boltzmann 



inversion (IBI), inverse MC and Newton inversion methods). The force matching 

method employs a variation procedure to deduce effective CG interactions directly from 

the force information obtained from atomically detailed simulations. To the best of our 

knowledge these methods have not been used for PE. In contrast, structure-based 

methods construct the CG potential to reproduce a structural property calculated from 

short AA simulations such as angle distributions or pair distribution functions. By far, 

IBI is the most used method in the case of polymers. 

 Boltzmann inversion (BI) reads as  𝑈𝑃𝑀𝐹
𝐶𝐺 (𝑏, 𝜃, 𝜑, 𝑟) = 𝑘𝐵𝑇𝑒𝑥𝑝(−𝑃(𝑏, 𝜃, 𝜑, 𝑟)) , 

where 𝑃(𝑏, 𝜃, 𝜑, 𝑟)  is the total probability distribution function. In practical terms, it is 

assumed that all probability distributions are independent, that is 𝑃(𝑏, 𝜃, 𝜑, 𝑟) =
𝑃(𝑏)𝑃(𝜃)𝑃(𝜑)𝑃(𝑟). This assumption needs to be confirmed “a posteriori” and in the 

case of dependence between probabilities, corrections are needed. Each of the 

distributions is calculated by the normalized histogram obtained from AA simulations 

of the bond, angle and torsion distributions for the bonded interactions and of the pair 

distribution function for the non-bonded interactions. These histograms are the target 

distributions in the CG process. Frequently, one simple BI is not sufficient to match the 

target distributions, then an iterative algorithm is run in which each iteration improves 

the calculated CG potential to reproduce the target distribution according to: 

 

 𝑈𝑃𝑀𝐹,𝑖+1
𝐶𝐺 = 𝑈𝑃𝑀𝐹,𝑖

𝐶𝐺 + 𝛼𝑘𝐵𝑇
𝑃𝑖(𝑞)

𝑃𝑡𝑎𝑟𝑔𝑒𝑡(𝑞)
, 𝑤ℎ𝑒𝑟𝑒 𝑞 ∈  {𝑏, 𝜃, 𝜑, 𝑟} (22) 

 

,parameter  is a relaxation factor between 0 and 1, which helps stabilize the numerical 

scheme.  

 Chen et al. used a CG degree of 8 monomers (16 CH2 units) per single bead, noting 

that, even for entangled PE, Rouse rather than reptation dynamics was obtained in the 

simulation. This is due to the unphysical crossing of chains of the soft CG potential 

used for λ = 16 [473]. Recently, Salerno et al. [94, 95] systematically studied the CG 

level reproducing the dynamics of PE. These authors found that up to two monomers (λ 

= 4) can be lumped into a single CG bead to qualitatively describe the dynamic regimes 

characteristic of long entangled PE chains. Quantitative agreement is reached applying a 

time-scaling process to all atomistic reference data. In contrast, when three monomers 

(λ = 6) are grouped in a single CG bead, topological constraints are not conserved, that 

is, the chains cross each other giving rise to an unphysical dynamics. To avoid this and 

keep the topological constraints, an algorithm needs to be implemented [474].   

 Finally, Carbone et al. [469] observed that polymer chain length does not affect the 

temperature transferability of the CG PMF.  However, the λ value is critical as its 

increase causes a sharp decrease in the temperature's transferability. Thus special care 

should be taken choosing this value. In the case of PE, Vettorel et al. [355] claimed that 

as a first approximation, CG potentials can be used with λ = 2 mapped at a single 

temperature from an all-atom simulation but only when using iteratively optimized 

models as shown in their paper. Fukunaga et al. reported that the CG model λ = 3 

reproduces the radii of gyration and various distribution functions of the CG variables 

over a wide temperature range [475]. 

 

4.3.2. Ultra coarse-grained stochastic dynamics (CGSD) 

When λ is sufficiently large, other techniques need to be considered as effective 

potentials start to become very soft. A value of λ  10 backbone units in polymers has 

been suggested by Padding and Briels [32]. Under this condition, friction and stochastic 



forces are so important that they cannot be simply ignored as done in the previous 

section. The lack of treatment of both friction and stochastic forces in those soft 

potential models cannot prevent unphysical overlapping and crossing of atoms during 

simulation thus leading to unreal dynamics. Next, these forces need to be explicitly 

treated in the equation of motions. 

 When treating friction and stochastic forces, we may be met with significant 

complications. Firstly, following the theory of Mori-Zwanzig, a GLE can be formulated 

introducing friction and random terms. However, at least three problems need to be 

addressed from the simulation's perspective: i) the GLE has a memory kernel and it is 

not known how to generate it, ii) this force depends on the position and velocity of all 

particles, and iii) the solutions to GLE are difficult to implement numerically. Usually, 

these problems are overcome by assuming a pairwise additive friction coefficient 

between two CG beads and using a Markov approximation (no memory effects) of the 

time dependence of the friction. These approximations need to be carefully tested in 

each specific system.  

 Padding et al. examined melt dynamics using CG models derived from AA 

trajectories of short linear PE chains (C120H240) as a reference [89, 476]. A value of λ = 

20 CH2 units was chosen, which is roughly 1/3 of the smallest entanglement length of 

PE [22]. The effective PMF was calculated by fitting analytical Gaussian functions to 

the AA distribution functions between nonbonded and bonded centres of mass. In order 

to avoid the unphysical crossing of chains in the CG model, the authors introduced an 

uncrossability constraint in the so-called TWENTANGLEMENT algorithm. A range of 

PE melts from C80 to C1000 (B4 and B50 in CG representation) in chain length were 

explored using this algorithm and it was concluded that the CG model can reproduce 

Rouse and reptation dynamics as a function of the chain length [90]. NEMD simulations 

using this CG model have also been used to investigate the transient and steady-state 

nonlinear flow properties of unentangled and moderately entangled PE melts, finding a 

good agreement with experiments [192]. Rheological properties of complex molecular 

architectures such as entangled star PE melts have been analyzed using this model and 

results were compared with those of their linear counterparts [477]. 

 Guenza’s group introduced a modelling approach based on the Ornstein-Zernike 

(OZ) equations, in which the whole polymer chain is defined as a CG soft colloidal 

particle of size in the scale of its radius of gyration [478]. By combining this method 

with the PRISM scheme [479], there seems to be thermodynamic consistency [480]. 

However, there is some debate concerning this thermodynamic consistency [481, 482]. 

In later work, appropriate scaling of the artificially fast dynamics of simulated CG 

polymer melts to provide realistic values was proposed [483]. This model has shown its 

ability to properly capture the static structural properties of PE (i.e. pair-distribution 

functions). In parallel, the model quantitatively agrees with the dynamic properties of 

untangled and moderately entangled PE models (C30 and C320) at large scales, both 

those offered by experiments or atomistic simulations. However, rheological properties 

have not yet been calculated using this model.  

Briels’ group developed a particle based CG model of polymer melts in which each 

polymer chain is represented as just one particle. This model is able to reproduce both 

the static and dynamic properties of a PE melt (C800) [484, 485].  

 

4.3.3. Dissipative particle dynamics (DPD) 

The dissipative particle dynamics (DPD) method was formerly proposed by 

Hoogerbrugge and Koelman to describe incompressible complex fluids [486]. 



Subsequently the procedure was modified by Español and Warren [487] and Groot and 

Warren [488] to accomplish the fluctuation-dissipation theorem and link the atomistic 

scale to the mesoscale using Flory-Huggins parameters (χ) obtained in small-sized 

model systems simulated at atomistic scale. The time evolution of the particles is given 

by Newton’s equations of motion, and the total force acting on a particle is expressed as 

the sum of pairwise repulsive conservative (𝐹𝑖𝑗
𝐶), dissipative (𝐹𝑖𝑗

𝐷), and random (𝐹𝑖𝑗
𝑅) 

forces, respectively. The 𝐹𝑖𝑗
𝐷 term represents the effects of viscosity and slows down the 

particles' motion with respect to each other, whereas 𝐹𝑖𝑗
𝑅  represents the thermal or 

vibrational energy of the system. DPD simulations, unlike Brownian dynamics, offer 

correct hydrodynamic behaviour.  

DPD simulations have been widely applied to study the phase diagrams of blends 

of PE with other polymers [489-491] and PE with nanocomposites [492, 493]. These 

studies focus on the final states as a function of temperature and blend composition, 

thus the accelerated dynamics of DPD (due to unphysical overlap and crossing of 

particles) offers an advantage and dynamic properties are not studied at all. 

Notwithstanding, some authors have used DPD simulations to obtain the equilibrium 

and dynamic properties of PE. Rousseau’s group in collaboration with Theodorou’s 

group have published several studies of DPD simulations of PE properties [494-497]. 

These groups have examined both the effect of the degree of CG (λ = 6-20) and length 

of the CG chain (N = 6-50 beads) on end-to-end distances (Rete), diffusion coefficients 

of the polymer chain, and relaxation time of the end-to-end vectors. They also observed 

good agreement between the equilibrium properties (radial pair distribution functions 

and Rete) and simulations performed at the atomistic level.  

However, they did not observe cross-over from Rousse to reptation. Because of the 

high CG level used, bead-bead intermolecular interactions are much softer than 

Lennard-Jones interactions, and beads can easily overlap. As a consequence, unphysical 

bond crossing may occur, the topological constraints imposed by chain uncrossability 

can disappear, and this may prevent the formation of entanglements. To avoid this 

problem, a segmental restraint algorithm based on the Kumar and Larson model [498] 

was proposed. Using this algorithm for long chain systems, the global dynamics typical 

of reptation were recovered and rheological properties were monitored as a function of 

Mw. Other segmental repulsive force methods to avoid bond-crossings have been 

proposed [474, 499, 500]. The main problems with these approaches are: i) they are 

computationally expensive, and ii) some parameters in the algorithms are physically 

unclear. The algorithm proposed by Sirk et al. has been recently used by Salerno et al. 

[94] to examine the rheological properties of PE. Nikunen et al. [501] have proposed a 

method, which introduces simple topological constraints to prevent bond-crossings. 

Using this approach, crossover between Rouse for short chains and reptational 

dynamics for long chains were recovered.  Although, the model has been successfully 

applied in some simulations [502, 503], it has recently shown some deficiencies when 

applied to systems with many DPD beads, which could limit its application to PE 

systems [504].  A highly CG model has been proposed by Zhu et al. [505] to simulate 

the entangled polymer melts. In this model, a polymer chain is considered as a single 

CG particle, and the creation and annihilation of entanglements are regarded as 

stochastic events in proper time intervals according to certain rules and possibilities. 

The authors applied this model to simulate the C1000H2002 system at 450 K, validating 

the model by comparing results to experimental data and to other simulation results. 

 



4.4. Multiscale modelling of polymers 

As shown in the previous sections, polymer materials span their behaviour across a 

very large length-time scale. Thus, no single computational tool is able to encompass 

the physics and chemistry that govern the properties of PE-based materials on these 

diverse scales. Therefore, depending on the physical process under study, it is necessary 

to choose the suitable computational method capable of describing the polymer at a 

given scale. Figure 18 shows a representation of the hierarchical organization of 

computational methods commonly used in polymer modelling.   

The bottom-up approach uses methods from a detailed length-time scale to calculate 

parameters which can be used as inputs in a coarser scale. In contrast, the top-down 

view uses macroscopic properties to parametrize models at a lower scale. As a typical 

example, a FF for atomistic simulations could be obtained from methods arising from 

smaller scales such as QM following a bottom-up approach. Also, thermodynamics 

properties such as density or heat of vaporization can be obtained from an equation of 

state in a top-down approach to capture the parameters for the FF. 

The holy grail of multiscale simulations for polymers according to very basic 

principles should be able to: i) understand fundamental mechanics, such as assembly or 

crystallization processes, and ii) predict the properties of new polymers to design new 

materials. 

 
Figure 18.  Multiscale view of polymer modelling.  

 

4.4.1. Concurrent coupling 

Concurrent coupling makes reference to link two (or more) different scale methods 

(i.e. atomistic MD and CGMD) within a single simulation. For a concurrent simulation, 

a spatial decomposition of the domain between the two methods needs to be formulated. 

These domains have different resolution and accuracy. For example, atomistic 



simulation is performed in a localized region where atomistic details are driven by 

specific chemical-physical interactions, and a CG resolution is used for the remaining 

regions. The great challenge of concurrent simulations is treatment of the linking area 

(aka handshakes regions) between the two scales.   

Initial models do not allow for changing region resolutions during the simulation, since 

there is no mass transfer between scales. More sophisticated techniques, in which on-

the-fly changes of resolution are allowed, have been recently proposed [506-510] [493-

497]. 

Simulations of PE using concurrent schemes are rather scarce. Nielsen et al. [509] 

considers coupling between the different resolutions to study the swelling of a PE chain 

in a theta solvent (hexane). Di Pasquale et al. [511] performed simulations of PE melt 

models using a hybrid model in which a mixture of AA and CG particles (AA-CG) are 

present in a polymer chain, for which the CG potential was obtained using the IBI 

procedure. The chain size and structural properties of the AA-CG PE melt are well 

reproduced when compared with the AA PE model, with the benefit that is less 

computationally demanding. 

 

4.4.2. Hierarchical or sequential coupling  

In hierarchical multiscale modelling, the information obtained at a level of 

description is used in other scales by integrating sequentially simulation techniques on 

different length-time scales. The bottom-up approach passes information from a more 

detailed scale to a less detailed scale, whereas the top-down approach goes from less to 

more detailed levels [29, 30].  

In the case of PE, the most usual simulations are those that combine AA and CG 

simulations in a hierarchical way. At the AA level, a small system is simulated to obtain 

inter- or intramolecular distributions, which are used to generate mapping between AA 

and CG models under an effective potential. These kinds of simulation have been used 

to study crystallization processes [356] and structural and dynamic properties in the 

melt [70], among others [29, 30], as widely covered in the previous sections. 

 

5. Concluding remarks 
As an overall conclusion, computer simulation methodologies have reached such a 

level of development that we can now feasibly address real experiments in polymer 

systems. As an example, it was only recently that the entanglement relaxation time was 

directly determined experimentally using an advanced rheological instrument. The 

experimental result was in very good agreement with the one predicted by computer 

simulations. 

In this review of the literature on experiments and computation, we find agreement 

between the length and time scales offered by both approaches. Thus, computational 

methods are emerging as powerful tools both to assess physical experimental properties 

and to drive the design of new fundamental experiments.  

In the case of polyethylene, the results provided so far by computational methods are 

providing direction for future studies designed to examine more complex molecular 

architectures and even as yet non-synthesized materials such as, for example, ring 

polyethylene. 
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