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Abstract 

The present work is concerned with the study of the relationship between microstructure and 

ductility of nanostructured bainite. The tensile behavior of two steels treated at the same 

temperature during different times has been analyzed. A special attention has been paid to the 

role that the retained austenite mechanical stability plays in enhancing the ductility through its 

contribution to the work-hardening and the damage resistance of these materials. Results have 

shown that relative mechanical properties of the phases present affect both the martensitic 

transformation behavior and the total elongation.  
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1 INTRODUCTION 

Nanostructured bainite is formed after an isothermal treatment at low temperatures (125-

350ºC). Adapted steel grades typically contain high carbon contents, 0.6-1wt. %, to achieve 

sufficient depletion of the Bs and Ms temperatures, bainite and martensite start temperatures, 

and about 1.5 Si wt.% to suppress carbide formation from austenite during bainitic 

transformation [1-5]. From the point of view of mechanical properties, such microstructures 

exhibit unrivalled combinations of strength and ductility, with more than 20% of total 

elongation for a ultimate tensile strength (UTS) above 2 GPa [1, 3, 6-12], i.e., better 

mechanical properties than low-alloy martensitic steels and matching the critical properties of 

maraging steels. The potential for industrialization of this nano-engineered steel is large 

because the alloys can be routinely manufactured, without using severe deformation, 

mechanical processing or rapid cooling [1].  

The excellent combination of mechanical properties of nanostructured bainite comes from its 

particular composite like microstructure, mainly composed of two phases, C enriched retained 

austenite embedded in a matrix of hard bainitic ferrite [5, 13-16]. Retained austenite typically 

exhibits two very distinctive morphologies, one morphology consists of nano-scale films 

between the plates of bainitic ferrite, and the other type consists of austenite blocks, no larger 

than a few microns, trapped among the sheaves of bainite [16]. When the microstructure is 

subjected to mechanical load, retained austenite may be able to transform into martensite, a 

phenomenon known as transformation induced plasticity (TRIP effect). The capability of 

retained austenite to transform during plastic straining depends on its mechanical stability, 

which, among other factors, is mainly governed by its chemical composition, its 

size/morphology, texture and the matrix in which is embedded [3, 11, 17-23].  

In this work, the microstructure of nanostructured bainite, especially the mechanical stability 

of the retained austenite and the deformation capacity of the different phases involved, will be 

analysed in an attempt to explain the ductility behaviour. For this purpose two bainitic 

microstructures are produced by isothermal heat treatment at low temperature, one using an 

isothermal time well beyond that needed to finish the transformation, and the other one using 

the time strictly necessary. By doing so, subtle differences are introduced in the 



microstructures that lead to very distinctive ductility and work hardening behaviours. A 

combination of different experimental approaches as Scaning Electron Microscopy (SEM), 

Transmission Electron Microscopy (TEM) and X-Ray Diffraction (XRD) in conjunction with 

theoretical tools are used. 

2 MATERIALS AND EXPERIMENTAL PROCEDURES 

The studied alloy in this work is a high-carbon high-silicon steel, and its chemical 

composition is given in Table 1. The theoretical Bs and Ms temperatures, calculated according 

to the procedures described in refs. [16, 24], resulted in 410 and 190ºC, respectively.  

Heats were industrially manufactured via electric arc furnaces. Once solidified, the ingots 

were reheated to 1200 °C and hot rolled to 120 mm diameter bars which were afterward 

slowly cooled down in a furnace to avoid cracking. After cooling, the bars were annealed for 

2 h at 690 or 700 °C to further soften the material and ease pre-machining of mechanical 

testing specimens, to within 0.3mm of the final dimensions. Then specimens were 

austenitized at 900 ºC for 1 h, and subsequently cooled down to 220 ºC for isothermal 

treatments. After the heat treatment, a final hard machining was applied to obtain tensile 

specimens of 8 mm diameter and 20 mm of gauge length. Regarding the conditions for the 

heat treatment, although this alloy possesses a high hardenability, the cooling rate from 900 

ºC to 220 ºC must be controlled to avoid the formation of cementite and pearlite. Two 

different isothermal holding times were selected: one was the strictly necessary to ensure the 

end of the bainitic transformation, 24 h (sample HT24), and the other one consisting in 6 extra 

days of heat treatment, i.e. a total of 168 h (sample HT168). For the long isothermal 

treatment, several thermal activated processes are expected to appear in the same fashion as in 

tempering routines, i.e., dislocations networks restoration, C diffusion and even precipitation 

[8, 25, 26]. After the isothermal heat treatment, samples were air cooled to room temperature. 

Formation of martensite during quenching was completely suppressed due to the carbon 

partition into retained austenite. Tensile tests were performed at room temperature at a 

deformation rate of 0.004 s-1. All experiments were assisted by an extensometer fitted to 

electronic equipment that allowed the continuous tracking of load-displacement data during 

tests. Load and elongations measured during uniaxial tensile tests were converted to 

engineering and true stress-strain curves. The presented results correspond to an average of at 

least 3 tests to ensure reproducibility. After tensile tests, selected cross-sections of the gauge 

length, perpendicular to tensile direction, were extracted for microstructural and 
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crystallographic examination. The diameters of the cross-sections were measured to estimate 

the average plastic strain in every section, εsect, including the fracture surface, εsect_fract, 

according to εsect =2 Ln Di/Df ,where Di and Df stand for the initial and final diameter of the 

cross sections and assumes no volume change along the plastic regime [27], see Table 2 for 

the exact measurements on the extracted samples. All the necessary thermodynamics 

calculation where performed using MtData in combination with the SGSOL-SGTE Solution 

database [28]. 

Metallographic samples were cut, ground and polished following the standard procedures. 

The final polishing was done by using colloidal silica suspension. Then, 2% Nital etching 

solution (2 vol. % of nitric acid + 98 vol. % of ethanol) was used to reveal the bainitic 

microstructure. Scanning electron microscopy observation was carried out on a JEOL JSM-

6500F field emission gun scanning electron microscope (FEG-SEM) by an operating voltage 

at 10 kV. In this work, high-magnification SEM micrographs were used to determine the size 

of the blocky retained austenite, s, and the apparent bainitic ferrite plate thickness, t. The 

size of blocky retained austenite was obtained by measuring the area and calculating the 

corresponding equivalent diameter. The bainitic plate thickness was measured by the mean 

lineal intercept L =  t/2 in a direction normal to the plate length [14, 29].  

TEM specimens were sampled from the heat treated samples and the cross-sections of tensile 

samples. The discs with 3 mm in diameter were punched, using a Gatan Disc Punch 659, 

mechanically thinned to 0.06 mm, and then twin-jet electropolished to perforation using a 

mixture of 5% perchloric acid, 25% glycerol and 70% ethanol at 5 ºC at 45 V. The samples 

were examined on a Philips Tecnai F30 FEG-TEM microscope operated at 300 kV.  

X-ray diffraction analysis was used to determine the fraction of retained austenite (V) and 

other structural parameters, such as the lattice parameters and crystallite size () of the 

constituent phases [30, 31]. For this purpose, specimens of the different bainitic 

microstructures were prepared by a standard grinding and polishing procedure, which 

included a final polish with 1 m diamond paste. In order to remove the deformed layer, 

where austenite may have transformed to martensite by TRIP effect, several cycles of etching 

and polishing were applied. X-ray diffraction (XRD) measurements were carried out with a 



Bruker AXS D8 diffractometer equipped with a Co X-ray tube, Goebel mirror optics and a 

LynxEye Linear Position Sensitive Detector for ultra-fast XRD measurements. A current of 

30 mA and a voltage of 40 kV were employed as tube settings. Operational conditions were 

selected to obtain XRD profiles of sufficient quality: namely, optimal counting statistics, 

narrow peaks and detection of the small diffraction peaks of minor phases. The XRD data 

were collected over a 2 range of 35 -135º with a step size of 0.01º. The volume fraction of 

the retained austenite was calculated from the integrated intensities of (111), (002), (022) and 

(113) austenite peaks, and those of (011), (002) and (112) planes of ferrite, with the equation 

for the ratio of these experimental values to the normalisation factors for peaks intensity (R) 

given in the ASTM E975-13 [32]. The use of several Bragg peaks in evaluating the amount of 

retained austenite diminished the detrimental influence of texture, as long as it remains small 

to moderate. In samples with a strong texture, the diffracted intensity of each peak was 

corrected by the cubic harmonics model [33]. In this study, version 4.2 of Rietveld analysis 

program TOPAS (Bruker AXS) was used for the XRD data refinement. The refinement 

protocol included also the background, zero displacement, the scale factors, the peak breadth, 

the unit cell parameter, and texture parameters. Line broadening effects due to the crystallite 

size and lattice strain were analyzed with the double-Voigt approach, in which both the 

crystallite size and strain comprise Lorentzian and Gaussian component convolution [34]. 

The retained austenite carbon content (X) was calculated making use of the relationship 

between lattice parameter and chemical composition, as reported in ref. [35], and assuming 

that during transformation, only carbon diffuses [36], thus, the concentration ratios of all 

elements but carbon should be equal in the bulk material as in the retained austenite () [11, 

37]. The lattice parameter of the austenite phase was determined from the Rietveld method to 

attain a high degree of precision. As the whole diffraction pattern is fitted, it is possible to 

correct and adjust the zero offset taking into account simultaneously all the (hkl) reflections 

included in the angular range measured, s, which minimizes errors. In a similar manner, and 

given the recent findings, the lattice parameter of bainitic ferrite was calculated assuming that 

in these nanostructured bainitic steels this phase has a tetragonal structure [38, 39]. Thus C 

content of bainitic ferrite (X) was calculated as function of the tetragonal lattice parameters, 

a and c, according to the well known expression and c a= 1+0.045 X [30, 40, 41]. 

Further details on the setting of the XRD experiments and data treatment can be found in ref. 

[30]. 
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3 RESULTS AND DISCUSSION 

Through this section the HT24 and HT168 microstructures and their mechanical response to 

tensile testing will be thoroughly analyzed. In an attempt to understand the influence of 

different microstructural parameters on the complex relationships between work hardening-

martensitic transformation-ductility, microstructures with different levels of deformation, 

Table 2, will be also characterized. 

3.1 Nanostructure in Low-Temperature Bainitic Steel 

The microstructures of HT24 and HT168 steels are shown in Figure 1(a) and (b) respectively. 

In Figure 1(a) and (b), the lower relief phase corresponds to bainitic ferrite plates; the higher 

relief phase corresponds to retained austenite, presenting in two distinctive morphologies: 

nano-scale films (f) separating plates of bainitic ferrite and as submicron blocks (b), 

polygonal shapes in the two dimensional sections. Apparently, the microstructure in two 

steels consists of a mixture of two phases, bainitic ferrite and retained austenite, further details 

on the characterisation of these microstructures can be found somewhere else [5, 14, 42]. 

TEM image in Figure 2 displays the typical nanostructure in both steels. The bainitic ferrite 

plates have an average thickness of t  40 nm, and the average size of blocky retained 

austenite is close to s  1m. The microstructural characteristics of both steels are listed in 

Table 3. The shape strain due to the displacive transformation of bainite leads to plastic 

relaxations via dislocation gliding and mechanical twinning. The generated dislocations at the 

austenite/bainitic ferrite interface can be inherited by the freshly formed bainitic ferrite, see 

Figure 2, where extensive dislocation debris or tangles are evident within bainitic ferrite 

plates. Micro/nano twins in the austenite are in contact with bainitic ferrite plates [16, 23, 43-

47]. Our intense TEM characterizations show that there is no carbide precipitation in both 

steels. 

By means of SEM and TEM microstructural observation, it was not possible to find 

significant differences between both samples. Further analysis by XRD shows that bainitic 

ferrite exhibits the same c/a ratio, and therefore, the calculated amount of C in solid 

solution, X, for both treatments is identical and equal to 0.18 wt. %, as listed in Table 3. This 



value is in good agreement with that reported by other techniques [30, 48]. Carbon content in 

retained austenite, X, derived from the lattice parameter [35], underlines the first 

microstructural difference. The HT168 heat treatment produces a carbon content of 0.89 wt.% 

in retained austenite, while HT24 treatment produces a carbon content of only 0.68 wt.%. 

Although XRD measurements represent an average value of the carbon content over the 

volume analyzed, it is necessary to remind that between the two described morphologies of 

retained austenite, blocky and thin films, there are important differences in the amount of C 

that remains in solid solution. The carbon enrichment is greatest in the vicinity of the bainite 

plates. Thus thin films are more enriched in C than blocky austenite, giving rise to a well 

defined distribution of C in austenite as a function of its size/morphology [37, 49-51]. In 

terms of retained austenite morphology, both microstructures have identical s values, 

submicron block equivalent diameter, and given that V is almost the same (Table 3), no 

differences in the thicknesses and distribution of the thin films are expected [18].  

The bainite transformation in steels is a displacive reaction where growth is diffusionless, thus 

the ferrite is initially supersaturated with respect to C, and, in the absence of carbide 

precipitation, prevented in the present steel by the use of Si, the excess C in the bainitic ferrite 

is subsequently rapidly partitioned into the residual austenite. Given that during the extra 6 

days of the heat treatment no extra transformation took place, both heat treatments have 

approximately the same V values, and keeping in mind that the bainitic ferrite remains 

imperturbable during that time, there must be another source for the extra C found in the 

HT168 sample.  

Applying a simple lever rule with the fraction of the phases present and their corresponding C 

contents in Table 3, it is possible to estimate the C detected by XRD, 0.3 wt.%, when 

compared with the bulk it is clear that exists a deficit in the C content of 0.4 wt.% [30, 52]. 

This deficit is in good agreement with that calculated from Atom Probe Tomography 

measurements far away for any defect and interface [48]. It is now well established that some 

of the excess C is trapped at dislocations and other defects [26, 48, 50, 53-57], and it can be 

speculated that indeed when suffice temperature and time are given, the necessary thermal 

energy for the C to migrate from those positions to the austenite is attained. Indirect support 

for this can also be found in the data regarding the crystallite size () of both phases in Table 

3. The crystallite size () observed by XRD is the smallest undistorted region in a crystal, i.e. 

a coherently diffracting domain. Thus, as far as X-rays are concerned, one crystal ends and a 
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new crystal begins at the extended defect. Thus, small crystallite implies a high density of 

dislocations or defects [58]. Results in Table 3 suggests that on average, the applied extended 

time, HT168, results in a considerable increase of the crystallite size, nearly twice for both 

phases, when compared with those in HT24. Note that the crystallite size is always bigger in 

austenite than in ferrite and never bigger than the corresponding measured t and s values, 

see Table 3, denoting great consistency of the measurements. Therefore these facts can be 

used as an indirect proof supporting a reduction of the dislocation density present in the 

microstructure, restoration process, which can be linked with a higher mobility and 

probability for C to reach the retained austenite from the defects and interface trapping 

positions. 

3.2 Mechanical Behaviour and Ductility 

Figure 3(a) shows the typical engineering strain-stress curves from tensile tests at room 

temperature, of the HT24 and HT168 steels. The results reveal the extraordinary levels of 

strength achieved with both microstructures, where the yield strength (YS) is between 1.5-1.7 

GPa with UTS  2.2 GPa. There is no doubt that the main contribution to the strength comes 

from the high fraction of slender bainitic ferrite plates [12, 18, 59, 60], in the form of the 

Langford and Cohen relationship (t)-1 [59, 61]. There is also the contribution of the 

dislocation density and that of the Cottrell atmospheres [59, 62, 63], and also an important 

strengthening due to the solid solution of C in both, ferrite and austenite [64]. The fact that 

nanostructured bainitic ferrite is tetragonal [30, 38, 52, 65, 66], allows it to accommodate a 

bigger amount of C in solid solution, 0.18 wt.%, when compared with the cubic structure, 

therefore, its contribution to strength must be not inconsiderable. Given that the ferrite plate 

thicknesses and fraction are almost the same for both microstructures, the different YS values 

observed are likely to come from differences between austenite in HT24 and HT168. That is, 

the stronger austenite in HT168, richer in C, leads to a YS 150 MPA higher than in HT24.  

When considering the plastic behaviour of the microstructure, both steels exhibit high work 

hardening during the macroscopic uniform deformation region. The presence of mobile 

dislocations introduced during transformation is in part responsible for the observed 

continuous yielding. Although HT24 exhibits higher UTS/YS ratio than HT168 (1.5 for HT24 



and 1.3 for HT168), both steels reach the same level of uniform elongation u  6%, however 

total elongation (t) is significantly bigger in HT168 than in HT24, 13% and 7%, respectively.  

A more sensitive study of the deformation behaviour is achieved by the incremental work 

hardening exponent defined as n = d(ln)/d(lnp), where = k (p)
n represents the flow curve 

in the region of uniform true plastic strain and k is the strength coefficient, represented in 

Figure 3(b). For the HT24 microstructure, after a very fast increase in the hardening there is a 

rapid decrease and the sample fails even before the instability criteria is, in theory, reached, 

straight line in Figure 3(b), meaning that deformation should be uniform, see Table 4. 

Although this is quite consistent with the values of uniform elongation, total elongation and 

average plastic strain at the fracture section, εsect_fract, which are very similar to each others in 

HT24, some necking is already observed (Table 2, Table 4). On the other hand, work 

hardening in HT168 also goes through a maximum and then decreases. But in this case, such 

an early failure does not happen and deformation in HT168 continues beyond the UTS 

leading to a more pronounce necking, Table 2. A high ductility can be achieved by both the 

work-hardening capability and the damage resistance of the microstructure [67], as detailed 

below. On one hand, work-hardening is responsible of the delay of necking formation or the 

appearance of a diffuse one, which contribute to retard the plastic instability. This behaviour 

is observed in HT168, for which, after UTS, stress is maintained almost at a constant value, 

allowing the material to achieve a high value of total elongation. In the case of TRIP 

conventional steels, where retained austenite (strong phase) is embedded in a matrix of soft 

ferrite, the martensitic transformation is an important phenomenon contributing to the work 

hardening of the material. In that case, martensite plays the role of particles hardening the 

composite material and, at the same time, favours the plastic relaxation by adding new 

dislocation sources at the ferrite interphase [68]. In TRIP-aided steels, the differences in the 

shape of work hardening exponent curves over the period of uniform elongation allude to 

variations in the rate of austenite to martensite transformation due to TRIP effect; in general, 

more gradual increases and sustained n values are correlated with a slower transformation of 

the retained austenite [69]. This dispersed transformation behaviour is also reported to exploit 

the dynamic strain partitioning effects among constitute phases [67, 70]. 

On the other hand, the damage resistance is key in controlling the total elongation of the 

material. Damage mechanisms, i.e., microcrack nucleation and growth are reported to emerge 

at the start of the necking formation [67, 71]. A composite-like behavior is reported to 
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enhance the damage resistance of the material, provided by a microstructure with a 

nanolaminate morphology that shows a great ability to arrest cracks during tensile testing [67, 

70]. In this work, the higher values of εsect_fract and the corresponding tensile stress in HT168 

suggests a stronger damage resistance of this steel with respect to HT24, Table 2. The earlier 

failure of HT24, with a lower product of UTSt than HT168 (15673 and 28444 MPa%, 

respectively), might be consequence of a favoured microcrack nucleation and/or a lack of 

crack-arresting mechanisms. In fact, work-hardening behaviour in HT24 should have lead to a 

higher uniform elongation than in HT168, Figure 3(b), but damage and failure mechanisms 

take place and that advantage does not become a reality.  

At a microscopic level, the failure modes are observed through the examination of fracture 

surfaces of the tensile specimens at different magnifications, Figure 4(a)-(d) and Figure 5(a)-

(d). At low magnifications, some tear ridges were observed in both samples. By tracking back 

these long and directional converging features, Figure 4(a) and (b), and Figure 5(a) and (b), it 

was possible to identify the unique crack initiation site, region observed at higher 

magnifications Figure 4(c) and (d), and Figure 5(c) and (d). Crack in HT168 is formed within 

the tensile specimen section, where the stress triaxiality is high, Figure 4(a). Crack in HT24 

initiates closer to the surface, but still beneath it, Figure 5(a) and (b). It rules out any adverse 

effect of any machining defect on the fracture behaviour. No particles (inclusions or 

precipitates) were found at the initiation site in both samples. Fracture mode presented in both 

cases intermixed areas of transgranular cleavage, intergranular and ductile (dimple) fracture, 

whose corresponding features, cleavage facets, prior austenite grain (PAG) boundaries and 

voids, respectively, appear in Figure 4(c) and (d), and Figure 5(c) and (d). In HT24, at the 

crack initiation site, intergranular fracture at the PAG boundaries prevails, Figure 5(c). For 

both steels there is a final fracture stage, before the crack reaches the tensile specimen surface, 

where fracture is completely ductile, as the fracture surface is planar and keeping 45º with the 

tensile direction (tensile specimen border in Figure 4(a), and Figure 5(a) and (b)). On the 

other hand, secondary cracks, presumably normal to the main fracture, were also observed, 

Figure 4(b), and Figure 5(b) and (c). Because of the modest necking at the instant of fracture, 

it is considered that the static radial and hoop stresses were not the cause of the secondary 

cracks. Instead, it was attributed to the tensile radial and hoop stresses generated by the 

spherical and compression pulse triggered at the initiation site at the fracture instant [72].  



It is known that the important parameters for the crack development and the fracture mode of 

TRIP-assisted steels are the strain incompatibility between the phases and/or an ineffective 

TRIP contribution [67]. The early presence of martensite seems to lead to the crack initiation 

and to accelerated damage inside the microstructure. The neighbouring conditions, for 

example the distribution of austenite, are also relevant, since it is related to the micro-crack 

connection of the failed features [73]. Regarding the crack initiation at the PAG boundaries, it 

has been reported that decohesion of PAG boundaries may take place in Q&P steels after 

transformation of retained austenite into high-C martensite. However, in that case, dimple 

fracture at the PAG boundaries was also observed [74], as opposed to the fragile failure at the 

nucleation stage occurring in one of the samples, HT24 in this work.  

3.3 Microstructural evolution 

Based on the importance that martensitic transformation may have on the work-hardening and 

the damage resistance, the amount of retained austenite has been tracked on samples with 

different levels of deformation, those in Table 2. It is clear that martensitic transformation 

occurs during tensile test. In Figure 6 those experimental values have been plotted against the 

theoretical estimation following Sheriff model [75, 76], which only considers the influence of 

the applied plastic deformation and the free energy change of the ’ transformation, i.e. 

chemical composition and temperature. The results thus obtained show that accounting for 

chemical composition differences, mechanical stabilities of austenite in HT24 and HT168 do 

not differ so much. In both cases the amount of remaining retained austenite is higher than 

theoretically expected, implying the influence of other parameters that will be discussed. For 

HT168, hardly any change in the fraction of retained austenite is detected in the last stages of 

plastic deformation, which maintains at 5% approx, a value that might have been reached 

even before the εsect of 18%. It is important to notice that the microstructure of HT168 still 

manages to go much further in terms of ductility with respect to HT24, although 

transformation in HT168 seems negligible at least at the observed deformation range beyond 

the uniform elongation. An important consideration when analysing the capability of austenite 

to transform mechanically into martensite is that such transformation takes place in the 

temperature range between the Ms and Md temperature, above which the austenite becomes 

completely stable [77-82]. While Md temperature is only chemical composition dependent, 

the Ms temperature is affected by both, the size of the retained austenite [83-85] and the 

applied stress [86-88]. It is known that the smaller the prior austenite grain size (PAGS), the 
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lower the transformation temperature [83-85]. A qualitative explanation for such behaviour 

argues that as the austenite grain size is reduced, there is a Hall-Petch strengthening, thereby 

making it difficult for martensite to form. In the same manner than the solid-solution 

strengthening (σss) affects the nucleation of martensite and bainite by providing a greater 

resistance to the motion of dislocations involved in the nucleation process. In the case of 

plastic deformation being applied to austenite there are two special effects that should be 

considered. The scale of the austenite grain structure evolves with the deformation. Secondly, 

the interaction of the applied stress with the shape deformation of martensite adds a 

mechanical component Gmech to the free energy change driving the transformation [89, 90]. 

The effect of uniaxial stress is therefore to increase the martensite start temperature, Ms. 

Martensitic transformation occurs when Ms exceeds the temperature at which deformation is 

carried out. 

Therefore it is possible to calculate the Ms temperature accounting for the effect of the 

retained austenite size and the applied stress, by using the following equations: 

G→ GN
   and    G→ Gchem Gmech 

where ΔG→  is the total free energy change of the transformation of austenite (γ) into 

martensite (’), without any change in chemical composition, and it has two components, 

Gchem for the driving force due to the chemical composition, and Gmech the mechanical 

driving force due to the application of an external stress, which depends on the crystal 

orientation [89, 90]. Finally GN
  represents the critical driving force needed to stimulate 

martensite by an athermal diffusionless nucleation and growth mechanism [16, 86-88, 91, 92]. 

Results thus obtained, following the methodology described in refs. [88, 92], are presented in 

Figure 7 where it was assumed the most favorable orientation of the austenite crystal with the 

applied stress [92], and two C contents, 0.6 and 1wt.%, thus covering a range of 

concentrations in good agreement with the values detected by XRD, see Table 3. The results 

are in line with the effects just described, i.e. the smaller and richer in C the austenite is, the 

lower the Ms temperature is, as for the applied stress, the tendency implies that increasing the 

applied stress raises the Ms temperature, facilitating the transformation of austenite into 

martensite. It is important to mention that, considering the stress values reached, austenite 



crystal orientation causes a Ms variability (the difference between Ms for the most and least 

favorably oriented crystals) which does not exceed 150 ˚C. Again, in contrast with the 

experimental results showed in Figure 6, it is predicted that no retained austenite should 

remain after tensile test, since Ms should be in any case higher than the room temperature. 

A set of selected cross sections extracted from the gauge length of the deformed tensile 

samples were used for TEM observation, Table 2. Figure 8(a) shows an example of the HT24 

microstructure subjected to ɛsect = 6.4%, where the presence of twinned martensite, formed 

during tensile test, has been identified. The martensite feature has a thickness of 800 nm, and 

the dark filed image and the corresponding diffraction pattern are shown in Figure 8(b) and 

(c), respectively. Similarly, Figure 9(a) shows an example of HT168 microstructure deformed 

at ɛsect = 12.4 %, where two bainitic ferrite plates have been identified. Geometrically 

speaking, the phase located in between, Figure 9(b), can only be a former thin film of carbon 

enriched retained austenite, 100 nm thick, that according to the identification performed in 

Figure 9(c) has transformed to martensite as a consequence of the deformation.  

An approximation for the maximum tensile stress (max) withstood by the sections from where 

the analyzed TEM samples were extracted, can be calculated by the expression 

max=UTSe sect, by doing so, for the case of HT24 (ɛsect = 6.4 %) and the HT168 (ɛsect = 12.4 

%) the obtained values correspond to 2401 MPa and 2377 MPa respectively. When placing 

that range of stresses and sizes on Figure 7 (solid line square), it is clear that theory predicts 

that, regardless of their exact C content, the Ms temperatures of the analyzed austenite 

features raised well above room temperature,  400ºC, ensuring the   ’ transformation 

during the deformation process. 

However, and as anticipated by experimental results presented in Figure 6, there is some 

retained austenite that remains untransformed even after failure of the specimens. An example 

of which is shown in Figure 10(a)-(d), where bainitic ferrite plate thickness, t  100 nm, 

embedding a thin film of retained austenite, < 80nm, have been identified in HT168 after ɛsect 

= 3.5%. The calculated max corresponds to 2254 MPa implying that, according to Figure 7 

that austenite should have transformed, as their estimated Ms temperature is over 350ºC. 

This behaviour could be partially rationalised when considering that the introduction of 

dislocation debris accumulating in the austenite can retard or even prevent martensitic 

transformation by a phenomenon known as mechanical stabilisation, in which such debris 
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interferes with the movement of glissile martensite-austenite interfaces [82, 93-95]. There is a 

critical value of the strain above which austenite is mechanically stabilised, when the stress 

driving the interface equals that opposing its motion, and calculations of such type have been 

performed using ref. [92, 93], see Figure 11. Two well known outcomes from the calculations 

are, (a) in virtue of its concentration, high carbon retained austenite is very hard and theory 

indicates that plastic strain in such austenite should actually retard or suppress its 

transformation, (b) the small austenite grain size has a substantial effect on the stability of the 

retained austenite, as well reported in the literature. From those results it is clear that 

regardless of the actual C concentration, ɛsect = 3.5% should be high enough to stabilise the 

films of retained austenite detected in Figure 10(d), with a thickness of < 80 nm. However, 

results in Figure 11 fail to explain that an austenite feature of similar size has transformed into 

martensite, as for example the detected in the same microstructure, shown in Figure 9(b) 

corresponding to HT168 with ɛsect = 12.4 %, or the case of a bigger martensite feature, shown 

in Figure 8(a) and (b) with a thickness of  800 nm with ɛsect = 6.4%. 

So far, from all the presented results, it seems reasonable to conclude that stress and strain are 

likely to partition between the phases so that considering macroscopic average values seems 

inadequate. The stress/strain partitioning must be obviously dependant on the mechanical 

properties of each single phase, i.e. bainitic ferrite and austenite, which here varied with the 

time of the heat treatment. In addition, the stress state, a very important factor affecting the 

austenite stability, which also depends on the crystal orientation, could change from one 

feature to another as well [17, 96-99]. 

Since martensitic transformation depends to a high extent on the stress/strain behaviour, it is 

not clear whether the phase transformation is or not cause of the work hardening mode, as 

reported for other TRIP-assisted steels, because both phenomena are coupled [100]. However 

some conclusions can be extracted. The bad performance of HT24 in terms of ductility comes 

probably not only from its low C content but also from, in comparison, the higher strength of 

the surrounding bainitic ferrite. On the other hand, the higher elongation value obtained in 

HT168 is likely consequence of the better mechanical compatibility between austenite and 

bainitic ferrite, the former with a high austenite C content, increasing its strength, and the 



latter with a lower dislocation density than in HT24. This is in good agreement with results 

from a previous work, in which the same trend has been found [42].  CONCLUSIONS 

From the presented results it is clear that a high ductility can be obtained by an effective 

work-hardening if resistance to damage and failure mechanisms is not sacrificed. Although 

those mechanisms are complex and mixed, and not clearly understood yet, there seems to be a 

strong relationship between relative mechanical properties of the constituent phases and the 

levels of ductility reached. In HT24 these two characteristics are fulfilled: austenite is not 

enriched in C that much and bainitic ferrite is highly dislocated due to the unextended heat 

treatment time. In such a case, the ductility of the material is poor. As opposed, for a 

microstructure, HT168, in which C has been allowed to enrich retained austenite more and 

bainitic ferrite structure is somehow restored (i.e., there is a higher mechanical compatibility 

between these phases) a high total elongation is observed.  
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Table 1. Chemical composition of the studied steel alloy, all in wt.%.  

C Si Mn Cr Mo Ni 

0.7 1.4 1.3 1.0 0.24 0.1

 

Table 2. Average plastic strain, εsect, of cross-sections extracted from the gauge length and fracture 

surface, εsect_fract, of the tensile specimens, calculated according to the description in the main 

body of the text. 

 HT24 HT168  

εsect 7% 18% 
XRD specimens

εsect_fract 8% 22% 

εsect 6.4% 
3.5% 

TEM specimens
12.4% 

 
Table 3. Result of Rietveld X-ray diffraction pattern refinement and volume fraction of retained 

austenite (V), where Xi and i stand for the C content and crystallite size of the indicated 

phase, respectively, and tand scorrespond to the bainitic ferrite plate thickness and the 

blocky austenite equivalent diameter, respectively, and calculated according to the description 

in the main body of the text. 

 V(%) 
±3 

c/a 
X 

(wt.% 
±0.05 

X 
(wt.%)
±0.05 

 
(nm)
±2 

 
(nm)
±2 

t
(nm) 

s 
(m) 

HT24 16 1.0084 0.18 0.68 26 40 39±6 0.96±0.05 
HT168 13 1.0084 0.18 0.89 41 73 43±5 0.97±0.05 

 

Table 4. Summary of mechanical properties. YS stands for Yield Strength; UTS, for Ultimate 

Tensile Test; εu, for uniform elongation and εt for total elongation. 

 YS (MPa) UTS (MPa) u (%) t (%)
HT24 1518±9 2239±2 6±0.7 7±2 
HT168 1688±8 2188±3 6±0.1 13±1 

 

  



Figure 1.  Scanning electron micrographs of nanostructured bainite after transformation at 

220ºC (a) for 24h HT24 and (b) for 168h HT168. Both morphologies of retained austenite 

have been identified, thin films (f) and sub micron blocks (b). 

Figure 2. Bright field transmission electron micrograph of nanostructured bainite in HT168 

where extensive dislocation debris is apparent is evident within bainitic ferrite plates. 

Figure 3. For HT24 and HT168, (a) engineering strain-stress curves and (b) the 

corresponding incremental work hardening exponent, n curves, where the straight line 

represents the instability criterion, i.e., p = n.  

Figure 4. Fracture surface of HT168. Overview (a) and details of the crack nucleation region, 

at lower (b) and higher magnifications, (c) and (d).  

Figure 5. Fracture surface of HT24. Overview (a) and details of the crack nucleation region, 

at lower (b) and higher magnifications, (c) and (d). 

Figure 6. Experimental evolution of retained austenite volume fraction as a function of 

plastic strain, and the theoretical evolution according to ref. [75, 76].  

Figure 7. Ms temperature as a function of retained austenite size and C content and the 

applied tensile stress, for the most favorably oriented austenite feature and the chemical 

composition of the nanostructured bainitic steel studied. The square region contains typical 

conditions of HT24 and HT168, corresponding to observations in Figure 8(a)-(c) and Figure 

9(a)-(c). 

Figure 8. (a) Bright field image of twinned martensite formed by TRIP effect in HT24 with 

sec = 6.4% (b) the dark field image of the same area taken using the (-1 -1 0)’t reflection 

from the twin of the diffraction pattern in (c). 
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Figure 9. Dark field images of HT168 with sec =12.4 %, (a) using the (0 1 -1)α reflection 

from bainitic ferrite and (b) using the (0 2 0)α’ reflection from martensite of the diffraction 

pattern in (c). 

Figure 10. (a) Bright field TEM image of HT168 with sec = 3.5% and (b) its analyzed 

diffraction pattern, and the corresponding dark field images (c) using (0 -1 1)α reflection 

from α and (d) using the (1 -1 1)γ reflection from γ.  

Figure 11. Critical values of strain for mechanical stabilization of austenite as a function of 

size and C content. 
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